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ABSTRACT

Oriented single crystals of niobium and dilute alloys with
molybdenum and tantalum were deformed in tension between 77°K and
500°K, and the macroflow and slip parameters established. At high
temperatures the main effect of alloying was to increase the flow
stress, considerably more with molybdenum than with tantalum. The
observed yield drop and subsequent plastic flow were explained in
terms of a stability theory relating changes in yield and work

hardening parameters with temperature and addition of solute.

A technique was developed for measuring small plastic strains
in the microflow region, and for recording the d?namic transition to
macroflow. From studies on pure niobium between 77°K and 295°K, the
nature of dislocation motion at small strains was established; microflow
was explained in terms Qf a transition from edge dislocation motion to
screw dislocation motion at the macroflow stress. Interstitial effects
were found to be particularly significant during microflow, and are
probably important in determining the low temperature flow stress: in:
even the highestvpurity becc metals. A further low temperature contri-
bution comes from a directional component of the internal stress field
which depends on the distribution of dislocations rather than on their

density.

Microflow curves were obtained for niobium alloy crystals, iand

the interaction of dislocations with substitutional solute atoms:



ii -

estabiishea. In contradiction to previous suggestions, substitutional
solﬁte was found to restrict the mobility rather than the multiplication
of dislocations. The elastic contribution of soiute atoms to the internal
stress field was confirmed, although a quantitative theory for bcc

alloys does not yet exist.

Peierls stress considerations alone were found to be incapable
of explaining either the temperature sensitivity of flow or the
low temperature solution softening; the short range interaction of
interstitials with the dislocation core was considered to be more

significant.
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1. INTRODUCTION

It is 'only within the last decade that fundamental‘studies
of deformation pfocesses in bcp crystals have been undertaken. Attention
had. previously been restricted to fcc and‘hcp metals because they can
easily be obtained as high purity single crystals. The development of
electron beém melting in the late fifties enabled niobium, tantalum,
molybdenum, and tungsten to be similarly prepared; consequently the -
deformation characteristics of these metals have received considerable
attention. It has been shown that their behaviour is often similar to that
of the other metal structures, but there are important differences. In
particular, bcc érystals show a very marked strengthening at low temperatures,
a complex slip behaviour, marked orientation effects, and discontinuous
yielding in all but the purest materials. Since these effects are a result
of the motion of dislocations, it has been necessary to consider the
detailed properties of dislocations in bce crystals. .

Much of the theoretical interest and accompanying controversy
has been concerned with determining the rate-controlling mechanisms of
plastic deformation. A majority opinion considers the intrinsic nature
of dislocations in the bcc lattice to be the most important feature.
However, even the purest crystals contain significant amounts of interstitial
impurities, and it is possible that impurity effects may be mofe important
than intrinsic lattice effects.

The application of thermal activation analysis and dislocation
dynamics has proved very useful in relating many of the observed effects,
but it has not been possible to distinguish between intrinsic and ,

impurity-controlled behaviour. Several new experimental techniques have



been used, particularly the etch-pit and microstrain techniques; the etch-pit
technique has usually employed single crystals? while most microstrain
tests to date have been performed on polycrystals.

Whereas the effect of substitutional elements has been well
established for fecc crystals, most of the data on pure bcc alloys has, been
published only since the beginning of this work. The microstrain technique
offefs particular advantages in the study‘of‘alloy effects and this work
probably represents its first application to the deformation of bce
substitutional alloy crystals. .

From the family of bce refractory metéls, niobium was selected. as
a solvent having a melting point and vapour preésure most suitable for the
preparation of pure single crystals. Molybdenum and tantalum were selected
as sufficiently different solutes which both show complete solid solubility
in niobium and have similar vapour pressures (see A.l1l). ¢

The initial part of the program was concerned with the conventional
tensile testing of pure niobium single crystals over a range of variables
such as orientation, temperature and strain-rate. Thése experiments
served to establish and evaluate procedures, and provided a basis for
selecting specific conditions for the subsequent deformation of alloy,
crystals,

The deformation properties of pure niobium and niobium alloy
crystals were investigated in detail using macro and microstrain testing
techniquesf Since the microstrain technique is new, considerable effort
was spent in interpreting the results of the tecﬁnique and in assessing
its importance. It was hoped that by applying the technique to a wide
range of alloys, more insight could be gained into the interpretation

of results from observations on pure bcc crystals.



2. EXPERIMENTAL PROCEDURE
2.1 Specimen preparation

2.1.1 Materials

Polycrystalline rod, 1/8 inch in diamefer was obtained from
two sources. The initial experiments were performed on pure Nb
(minimum 99.827%) from Kawecki Chemical Co, New York. The subsequent
experiments were performed on high purity material obtained from the
Materials Research Corporation, New York. The six Nb alloys contained
nominally 0.5, 2 and 8 atomic percent each of Mo and Ta as solute.
A pure Nb sample (containing initially about 40 ppm interstitial
impurities) had undergone the same melting and fabriéation procedure.
For each alloy series, this material acted as‘a control in the evaluation
of interstitial and substitutional solute effects. The interstitial
content of the polycrystalline alloy rods after fabrication was. not

known.

2.1.2 Melting procedure

Single crystals, 1/8 inch in diameter and up to 8% inches
long, were grown in an electron beam zone melter based on the original
design (Calverley et al (1957)5. Using an emission current of about
100 mA at 2000 V potential, single crystals were obtained by passing
the molten zone at 25 cm hour_l. This high speed was used to suppress
any redistribution of solute in the liquid zone. Purification by
electron beam zone melting occurs mainly by vacuum distillation

(Votava (1965)), so the distribution of interstitial impurities along



the rods can be regarded as sufficiently homogeneoqs. There is also

a possibility of preferential loss of one of the alloy constituents, but
from the relative and absolute values of the vapour pressufes of the
components at the melting temperature of the alloy (A.1l), this loss is
expected to be slight. However this was not the case with the attempted
preparation of some NbV allby crystals. The V loss could have been
reduced by operating at high pressures, but there is an upper pressure
limit set by the operation of the electron emission techniq;e and by the

possibility of gaseous contamination.

2.1.3 Impurities

The dynamic vacuum employed during zone melting was in all .
cases from 2 - 8 x 10.-5 torr, this value being a compromise between the
loss of substitutional solute and the gain of interstitial impurities.
However, the high pressure might have removed some carbon as carbon
monoxide (Taylor and Christian (19653)) and hydrogen is relatively easily
removed by vacuum distillation. ‘

Pemsler (1961) has given data for the thermodynamics of the
interaction of N2 and 02 with Nb at high temperatures in the form of
Sieverts Law plots. The concentration of‘N and O in equilibrium with,
liquid Nb at 2470°C under an applied pressure of 5 x 10—5 torr has been
calculated to be 27 and 12 wt ppm of N and O respectively (see A.2).
Although the equilibrium concentration in the hot solid region will be
higher than this, the initial material will contain far more than 40 ppm,
so contamination during electron beam melting should not be a problem.

However it is unlikely that very much purification could be expected

under the above melting conditions.



. To reduce contamination from the tungsten cathode, it was
heated to a high temperature for some time before melting the specimen
and then operated at the lowest possible emission temperature during

melting.

2.1.4 Oriented single crystals

A technique for producing oriented seed crystals was devised
and used for each alloy to eliminate any possible composition gradients
caused by melting together different alloys. The method involved melting
part of a short length of rod to produce a single crystal, mounting the
specimen for Laue back—reflection'photography,'and then bending the
polycrystalline end to give the deéired orientation relative to the X-ray
beam. A permanent seed crystal was then grown from the:oriented crystal
and, once prepared, could.be used repeatedly.

The as—-grown rods were confirmed to be single crystals of the
desired orientatiﬁn by taking Laue back-reflection photographs at points
along their lengths. They were carefuily cut with é jeweller's saw .
into pieces about 4 cm‘long, after having disqarded the immediate

beginning and end of the melted region.

2.1.5 Specimen shaping

A spark lathing technique using deionized water as dielectric
was developed to produce a reduced gauge section on the crystal_lengths.
A tapered copper eiectrode was passed alongside the rotating crystal and
the spark energy gradually redﬁced during the.operation from 4 x 104 to
5 x 103 ergs. A final hand polish was given with 2/0 and 4/0 emery papers.

About 0.25 mm (10 thou) was then removed from the gauge section



by chemical polishing in a solution of 1 part HF /-3 parts HN03.
Gauge diameters were in general uniform to within 0.01 mm and typical
specimen dimensions were aé follows:

gauge diémeter 2.00 mm

gauge lehgth 20 mm

shoulder diameter 3 mm

shoulder radius 2 mm

2.1.6 Crystal perfection
The extent of spark erosion damage on single crystals will

depend on the material, the spark energy, the cutting conditions, and
the crystal orientation. Damage up to depths 6f 300ﬁ has been reported
in materials softer than Nb (Ahktar (1968)). To evaluate the effect in Nb,
successive layers 0.05 mm deep were chemically poiished from the sﬁrface
until 0.3 mm had been removed. At each stage a Laue back-reflection
photograph was taken and the specimen was examined éptically. After -
the very first polish, the Laue spots were always exactly the same as.
on the as-grown crystal. This indicates either that the damage was very
slight or that absence of asterism in Laue photographs is no evidence of
lack of strain in Nb crystals. The optical observations revealed
damage after 0.05 mm had been removed from the surface, but a constant
pattern of dislocatibn étch pits was observed if 0.1 mm or more was .
removed.

- The completed specimens were X-rayed. Some of the large-angle
reflections were observed to be composed of sevefal small discrete spots,

[+]

indicating the presence of a sub-structure of less than %° misorientation.

This was also indicated by the presence of longitudinal striations observed



in the microscope after etching to reveal dislocations. This sub-structure
was also seen on the as-grown crystals. A similar sub-structure has been

recognized in W and other bcc metals (Koo (1963)).
2.2 Analysis of alloys

2.2.1 Substitutional elements

X-ray fluorescence analysis was performed on each of the
alloys before and after melting. A measure of solute content was
obtained from a "fluorescence parameter', R, defined as the ratio of the

secs/count produced on a solute peak to the secs/count produced on

MoK ' TaLo,
NBKE for Mo and NbKq,

a Nb peak. The ratios used were for Ta.

It was better to time counts rather than count for a fixed time, since the
‘solute counts were then taken over a longer period and the dilute element
received statistically more weight.

In all cases the variation of R with position along an as-grown
rod was less than the standard deviation of R (maximum 5%). Therefore, :
the composition along the rods can be regarded as uniform within the
sensitivity of therfluorescence technique. Absolute analysis is not
possible unless standards are available.

An analysis of the as-received material was given by the suppliers.
After crystal gfowth, a further analysis was performed by Ledoux and Co,
New Jersey. The results are given in Table I, together with the
letter used throughout for alloy identification and the parameter R
obtained from X-ray fluorescence. Because of the inconsistencies
in the Mo results,‘a repeat analysis on this series was performed by

Coast Eldridge, Vancouver, and these results are also included in the table.



Table I. Analyses of Nb alloys.

Alloy identification | B C D J K L
Nominal atZ% alloy 0.5 Ta 2.0 Ta 8.0 Ta 0.5 Mo 2.0 Mo 8.0 Mo
As—supplied: MRC 0.31 1.53 5.04 0.72 1.84 6.15
Coast Eldridge - - - 0.79 4,84 5.93
As-grown:  Ledoux 0.55 2.21 4.41 1.31 1 6.38 - 7.62
Coast Eldridge - - - 0.69 4.74 5.99

Fluorescence parameter,R:

As-supplied 7.1 14.8 33.6 8.9 27.7 37.7
As-grown 7.3 14.8 33.9 9.7 31.5 40.6
Best value, as-grown 0.5 Ta 1.7 Ta 4,8 Ta 0.9 Mo 4.9 Mo 6.6 Mo
Specimen identification: Each alloy series was given an identifying letter as above; pure Nb was A,

A digit following the letter identifies a particular crystal; a second
digit identifies the position of the specimen within the crystal. Thus,

K41 is the first tensile specimen taken from the fourth crystal of Nb 4.9 Mo.



The Qalues given for the NbMo alloys present a rather confusing
picture. In particular it appears that the as-supplied alloy K must
have contained far more than .the 1.84 atZ Mo quoted by MRC, yet the
as-grown value of 6.38 atZ by Ledoux seems improbably high. In an attempt
to clarify the situation, fhe parameter R was plotted against the various
quoted values and the most reasonable calibration curve drawn (Fig 1).
The fluorescence results were then used to arrive at the best analysis

values shown in Table I.

2.2.2 Interstitial elements
An analysis of C, H, N and O was performed on a selection
of alloys by Ledoux. The results are shown below with the interstitial

contents given in wt ppm.
Initial melting

Crystal | C H N pressure (x 10—5 torr)
A4 10 5.8 8 102 7.6 )
D7 13 3.4 3 89 5.3
K3 10 3.7 o 28 2.3
L5 ’ 16 = 3.1 1 42 3.0

Also included is the pressure in the electron beam melter when
melting was commenced. There is a possible correlation between this
pressure and the iﬁterstitial oxygen concentration. The analysis
figures for N and O show no resemblance to the values calculated from
equilibrium thermodynamics (see A.2).

The total interstitial conteﬁt is frequently quoted when comparing
materials; in this case a t&pical value would be about 80 ppm total

interstitials. . ' 2
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2.3 Mechanical testing

2.3.1 Specimen deformation

In a tensile fest it is necessary to ensure that loading is
uniaxial and that no bending moments are introduced into the specimen.
During single crystal deformation there is continuous reorientation of the
lattice in the gauge length so that to completely prevent bending, the axis
of a universal joint must lie at the ends of the gauge length. For the
small strains mainly used in this study, the problem is less serious.
However to reduce bending and ensure the colinearity of tensile and
specimen axes, universal joints were placed outside the specimen shoulders.
The specimens themselves were held by the shoulders in split-jaw grips
and loaded into tﬁe machine.using a special jig to prevent accidental

damage. Straining was performed on a Floor Model Instron.

2.3.2 Strain measurement

Two regions of strain sensitivity were investigated:
a) Macrostrain region (e>5 x 10_4)

In this region it is usual to measure strain indirectly from
the motion of the Instron crosshead, which effectively gives a load-
time plot on the Instron chart. This is satiéfactory for materials
showing discontinuous yielding or for low strain sensitivities of the order
of 10_3 (ie a O.lZ proof stress).

In order to investigate the use of.the crosshead displacement
as a measure of strain at sensitivities of 10_4, an Instron extensometer
was attached directly to the specimen and the true displacement recorded

on the X-axis of an Instron X-Y recorder. Using a fully elastic specimen

11
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in the inverted-cage tensile jig, a non-linear load-time plot was obtained
at strain sensitivities of 10—4 with loads of 40 1lbs. This was attributed
to- an inherent non-linearity in the Instron crosshead movement when under
load. It was also observed htat, in spite of all precautions, a

significant amount of plastic deformation occurred at the specimen ,shoulders
during straining. For these reasons, whenever necessary, strain was
recorded on an extensometer attached directly to the specimen.

In the conventional testing using load-time curves, temperature
control was obtained by immersing the specimen in various hot and cold
liquid baths.

b) Microstrain region (¢ = 10_6 - 5x 10_4)

A high sensitivity extensometer was designed and built,consisting
essentially of two parallel plates secured to the tensile specimen., The
separation was monitored using a Wayne Kerr DM100B distance meter and the
output amplified by a high sensitivity X-Y recorder. The signal from the
Instron load cell was fea directly to the Y-axis of the recorder. Details of
the désign and construction of the extensometer are given in A.4. The .
recorder gave a continuous plot of load and of extension of the specimen gauge.

The construction of the extensometer did not enable it to be
used above room temperature. For use at low temperatures, a nitrogen gas-

cooling cryostat was designed and built (see A.4).

2.3.3 Computations

A special jig was constructed for use with an optical microscope
and X-ray set which allowed slip (or twin) systems to be determined on
any cylindrical specimen. The method involved measuring the angle from

the slip trace to the tensile axis at any point around the crystal, and
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employed a tﬁo—surface trace analysis. A graphical extension of the technique

(see A.3) enabled two or even three systems operating together to be identified.
A program was written for an IBM 360 computer which enabled

coordinates taken directly from the Instron chart to be converted to

resolved shear stress versus shear strain on’fhe observed slip system.

These results were obtained graphically as a flow curve. This procedure

assumed that only one slip system was operétive, and that deformation was

uniform, which was not always the case.
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3. GENERAL DEFORMATION CHARACTERISTICS OF PURE NIOBIUM

The flow properties of pure Nb single crystals have been established
by Mitchell et al (1963) over a range of burities, orientations, temperatures
and strain-rates. The geometry of the operative slip plane has been studied
in detail by Foxall et al (1967). In order to study the effect of solute
on pure Nb it was necessary to restrict many of the aboye variables. . A few
experiments were performed on pure Nb to confirﬁ the general deformation.

characteristics which are summarized below.

3.1 Effect of purity

The yield stress and flow stress of Nb decrease with increasing
purity and the shape of the flow curve is altered (Mitchell et al (1963)).
Bowen et al (1967) have prepared high purity cfystals by ultra-high vacuum
annealing. Although the impurity content could not be determined, the
crystals aged significantly within a few weeks in air at room temperaturé.

The crystals used here did not age detectably over a period of four months.

3.2 Effect of orientation

Much discuésion has centred on the dependence of the yield stress
and the temperature.sensitivity of yield, on the orientation of the tgnsile
axis (see Bowen et al (1967)). The effect on the flow curve is very marked
for crystals oriented near the corners of the stereographic triangle. Fig 2
shows flow curves for three crystals of extreme orientations. The stress
has been resolved onto the.(Oll) plane in eacﬁbcase. Within the stereographic
triangle the effect of orientation is less marked, although different slip

systems operate in different regions of the triangle. Foxall et al (1967)
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found that slip could always be described as taking pléce on a plane of
the type {110} or {112}. If slip takes place on a plane having the highest
resolved shear stress, and the critical resolved shear stress is the same
for both types of plane, then the regions in which the different slip
systems should operate (see A.3) would be as shown in Fig 3. Also shown
in the figure is the direction of motion of the tensile axis during straining
of three representative crystals. This motion illustrates that the predicted
Burgers vector is oberative, although the observed slip planes are not
precisely of the type'{llO} or {112}. For this reason, the operative slip
planes in this work are described more generally in terms of the slip-:
plane parameter w;‘defined as the‘éngle between the observed slip plane
and the (011) reference plane (Fig 3).

An orienfétion in the middle of the stereographic triangle was.
selected for all the alloy crystals. This caée was the simplest and allowed

a considerable amount of slip on a single system, with a [111] Burgers vector.

3.3 Effect of temﬁérature - :

The marked increase in strength at low temperatures is the most
obvious feature of Bcc deformation. Fig 4 shdws flow curves at different
temperatures; it is clear that both the form of the curve and the stress
1¢ve1 are changed.‘.This makes it difficult to compare yield parameters;
the yield stress, T;, is obtained by extrapolating the load-elongation
curve in the linea£ region followihg yiel& back to zero plastic strain.

The marked variatioﬁ of T, with temperature is shown in Fig 5 and, for
comparison, the dafa obtained by Duesbery (1967) and Ravi and Gibala (1969)
is included. The lower values can be attributed to the highgr purity, of

material used by these workers. .
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At room temperature and up to about 450°K, a curve resembling
the fcc three-stage curve is observed for orientations within the stereo-
graphic triangle. vThe flow curve for the specimen in Fig 2 is typicél.
Following the convention established for fcc cfystals, the curve is divided

into distinct regions:

stage stage stage

: 2]
-

o

[}

o

Stage 0 (y<0.l1) consists éf'an upper yield point and yield point
extension. Stage I (O.l<y<0.3) and stage II (y>0.3) are linear and fairly
distincf. Plastic instability occurred soon after the end of stage II (ie
stage III was very small).

The form of thé observed flow curve is very dependent on temperature;
in particular the following effects are observed in crystals of similar -
orientation as the temperature is reduced:

a) yield and flow stresses are increased

b) elongation to failure is reduced

c)'uppef yield becomes more pronougced

d) deformation becomes unstable difectly after yield.



3.4 Effect of strain-rate

Mitchell ef al (1963) deformed as—grdwn Nb crystals at room
temperature using strain-rates between 1 x 10’1 and 4.5 x 10_6 sec—l, and
found that the effect was similar to a decrease in temperature. Their
results have been confirmed here over a smaller range of strain-rates;:
an increase in the nominal strain-rate of an order of magnitude at room

temperature increases the yield and flow parameters by about 20%. !

Because of the importance of prestraining the crystals before
microstraiﬁ testing, the strain-rate sensitivify of prestrained crystals
was investigated. Crystals were prestrained into stage I and deformed at
295°K and 140°K at various strain-rates. The values of the flow stresses
are shown in Fig 6, which also includes the yiéld stress data of Mitchell
et al for as—growﬁ crystals.

At smallnplastic strains, or if localized yielding occurs, the,
actual plastic stfain—rate might differ considérably from the nominal
value (see 5.2.3). ' The crosshead speed selected for all the alloy tests
was 0.005 in min_i; because it was suitable for both micro and macrostrain

testing. The corresponding nominal strain-rate was 1.0 x 10—4 sec—l.;

21
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4, MACRODEFORMATION OF NIOBIUM ALLOY CRYSTALS
4.1 Tensile behaviour at 295°K

Macrostrain tensile tests were performed on specimens of pure
MRC Nb and dilute alloys of Nb with Mo and Ta. All the crystals were
oriented in the middle of the standard stereographic triangle. Specimens
were taken from different parts of the same crystal and from different
crystals of a particular alloy. The initial yield was observed with .an
Instron extensometer and the whole flow curve established from the Instron

chart recorder. In many cases, the operative slip systems were determined.
4.1.1 Yield points

4.1.1,1 Results ' TR

All the crystals showed an upper and lower yield point at 295°K.
In all normal casés, the yield point was wellérounaed with about y = 0.5%
pre-yield microstrain. There were differences in the magnitude of the
yield drop, At: a émall variation among speciﬁens of a given alloy but a
large variation among different alloys.

Eor any given alloy, the value of At was very dependent on the
local conditions of yield: At was largest in specimens having the greatest
variation in diameter along the gauge section. This behaviour differs from
that expected from considerations of the mobile dislocation density (Hutchison
(1963)). It was also found that At showed a correlation with the magnitude
of the upper yield stress Tuy, but not with the lower yield stress sz.

This means that, for a particular alloy, specimens which had a rather high
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upper yield stress suBsequently exhibited a rather large yield drop.

There was a large difference in the absolute yield drop At of
different alloys although the relative yield drop él—- remained fairly
constant (&SZ). The mean value of At for all the al;Zys tested, together
with the standard deviation, is shown in Fig 7. In both alloy systems
there is an initial iﬁcrease in At which levels off at higher concentrations.

Direct evidence for non-uniform yielding was obtained in two
cases when the point of minimum specimen diameter lay outside the extenso-
meter gauge length. In these cases the load passed through a maximum before
ény plastic strain was recorded. Plastic strain was observed when the
oncoming Luders front moved into thé extensometer gauge length. Because
of the inhomogeneous nature of yield,,the répresentation of the flow curve
.in stage 0 is not very meaningful. However the length of stagé 0 was always

about v = 10%, which suggests that at the beginning of stage I all the

crystals were in the same physical state whatever the details of yield.

4.1.1.2 Discussion

. 4.1.1.2.1 Dynamical theory

A dislocation dynamics approach has been successfully used in
recent years to explain many of the features of yielding in bcc metals‘
(Hahn (1962), Cottrell (1963), Stein kl968)). The theory explains the
yield drop in terms of the initial density of mobile dislocations and
their subsequent velocity and multiplication:characteristics. However
the theory contains so many unknown parameters that it is possible-to.
fit a calculated stress-strain curve to virtually any observed yielding
behaviour. ;

The dynamical approach was taken by Szkepiak (1966) to explain
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the linear increase pf yield point drop with added solute observed in
polycrystalline NbO alloys containing up to 800 ppm oxygen. Aécording to
this theory, an increase in AT could be largely due either to a decrease

in the density of mobile dislocations or to an increase in the dislocation
velocity exponent with increasing oxygen concentration. Since the dislocation
velocity exponent obtained from strain~rate sensitivity experiments was
observed to decrease as the oxygen content increased, the observed yield
point behaviour was explained by Szkopiak in terms of a reduction in the
initial mobile dislocation density;

In the case of substitutional solid solutions there is no reason
to expect any marked reduction in the mobile dislocation density with
alloying. It is poséible that the dislocation velocity exponent might be
decreased by additién of substitutional solute, ﬁut there is no way of
testing this suﬁposition. It therefore appears that, while the dislocation
dynamics approach miéht be capable of describing‘the yield point behaviour
in pure Nb, it cannéttusefully be applied to substitutional alloys. Its
applicability to this work is further limited because it assumes that
yielding is uniform and that no pre-yield microstrain occurs. :

Since yielding in pure Nb was observed to be non-uniform, the
following theory, based simply on the stability of the initial plastic,
region, has been developed to predict the dependence of the yield drop on
the magnitude of the yield stress and true work hardening rate. It is-

a continuum approach‘and its applicability derives from the general nature

of discontinuous yielding in both crystalline and non-crystalline materials.

4,1.1.2.2 Stability.theory

It is to be expected that the work hardening characteristic of
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a material will influence the nature of the yield point. However, since

deformation in the region of an upper yield point is far from uniform, the

true work hardening rate cannot be obtained from the observed load versus

elongation curve. In fact, in the elastic region, the apparent work hardening

rate is infinité and after the upper yield point the material is apparently

work softening. A more useful definition has therefore been adopted for .

the "true work hardening rate", Q; This»is supposed to be an intrinsic

material parameter, definable in principle, if not in practice, as a function

of past history, strain, and strain-rate. The true ﬁork hardening rate

can be defined only for that‘region of the material which deforms homogeneously.

In the case of the discontinuous yielding obserQéd during tensile deformation

of Nb crystals, it féfers to the plastic nucleus forming an incipient

Luders band. ¥
Consider a‘nucleus of length x and of volume V which is assumed

to be constant. Under a load L, the nucleus extends plastically by an.amount

dx in time dt:

" Then the true work hardening rate is defined by

L
d®

A do

Q = d_x (1) cf e
X

where A is the instantaneous cross—sectional area given by

A = = (2)
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If the crosshead velocity is X and elastic effects are neglected,

dx = X.dt (3
provided the plastic nucleus is the only

region that deforms.

Substituting (2) and (3) in equation (1) gives

x4

Q = — L.x)
v.x 9t
T = X x 4L ’
or e = 7 [ L+ . (dt) ] 4)

From this definition, ié1cén be seen that in the elastic region
since x = 0, Q is zero; after yield Q can still be positive even though
the load is decreasing.
It will now be assumed that yielding occurs suddenly at a load
Lo and that after yield, @ is constant. Equation (4) can be used to
predict the Subsequent flow behaviour (de dL - for given values of LO and f.

dt

The critical condition for the plastic nucleus to be stable is

given by
dL
at = 0
Therefore x.Lo
N = 7 =0, (cf Considéres criterion)

where SR is the true tensile stress at yield.

If Q> 0, deformation will be stable. In this case, there will

be no yield drop and x must be identified with the specimen gauge length.

For Q < O,» deformation will be unstable and Fig 8 shows the
predicted initial forms of the load versus time curveé, for three different
true work hardening rates. Values for the constants are typical of this

work. The actual magnitude of the total yield drop will depend significantly
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on‘the elastic properties of the tensile testing apparatus, and on the
change in Q with strain and strain-rate. However the trend is quite clear
from Fig 8: if there is no significant change in true work hardening rate,
then the expected yield drop is greater in those crystals having the
higher yield stress. It will be seen in the next section that alloying of Nb
produces a large increase in yield stress withqut much effect on the work
hardening parameters. Therefore, for the substitutional alioys examined here,
the stability theory has explained the increase in yield drop with increasing
solute content shown in Fig 7. ’ .

In the case of dispersion hardened alloys it is expected that
the work hardening rate will be increased significantly without much effect
on the yield stress. In this case the theory predicts a decrease in yield
drop with increasing alloy content as can again be seen from Fig 8.

This behaviour has recently been observed in Fe.ThO, alloys (Place (1969)).

2

After yield, the values of L and %% in equation (4) are indeter-

minate, but g% will increase and may reach zero while L is still positive.
In this case, the Luders band will become stable and spread along the
specimen. This was thé usual case with pure Nb and NbTa alloys. However,
in cases where %% at yield is large and negative, it is possible that

L will fall to zero while g%— is still negative. This situation corresponds
to a Luders failure, and was observed in the high Mo alloys as mentioned
below.

The success of the simple stability theory indicates that the
importance of dislocation multiplication may have been overstressed in the
past. It is suggested that the dislocation dynamics approach and the.

stability approach répresent two different aspects of discontinuous yielding.

Cases in which discontinuous yielding is uniform (eg LiF) must be expressed
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in terms of dislocation dynamics. However in cases where yielding is non-

uniform, the stability approach clearly makes an important contribution.

4.1.2 Flow curves

4.1.2.1 Results

Fig 9 shows the computed flow curve for a Nb 4.8 Ta crystal. It is
very similar to the pure Nb flow curve; no differences in form were observed
with any of the Ta alloys.

Deformation appeared complepely uniform except for the initial
discontinuous yield. The yield stress,vTo, was obtained by extrapolating
the_flow curve in stage I back to zero plastic strain. The important
parameters of the Ta alloy flow curves are shown in Fig 10. The effect of Ta
on T is most noticeable at small concentrations but is never very marked.
There is possibly an accompanying slight increase in eII’ but no definite
effect of Ta on the work hardening parameters is evident. The order of
magnitude of GI and 611 is indicated.

In the case of the NbMo alloys the hardening effect was much,
greater than in the NbTa alloys; deformation was observed to become ipcreasingly
non-uniform as the Mo content increased. For this reason, the tensile results
for the NbMo alloys are shown in Fig 11 as conventional stress versus
conventional strain curves. The variation of To with Mo content is shown
in Fig 12, It can be seen that the hardening is linear, with a slope of
2.1 kg mm—2 at%—l. The hardening effect of Mo is therefore about 35 times

greater than that of Ta, for which the corresponding slope is only

0.06 kg mm_2 at%"1 in the linear region after the initial rise.
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4.1.2.2 Discussion

4.1.2.2.1 Uniformity of deformation

It was shown above that a condition for deformation at yield to

be stable is Qs 00

After the initial perturbation at yield, the same criterion should
apply, and if deformation does subsequently remain uniform then & is given
by %%-, which can be obtained from the observed flow curve o(e). At any
stress c;wthe stability condition therefore becomes

do _
de ~

o
Tn terms of t(y), since
T
o = —
s

€ = 8.Y

the condition is given by

-where 0 is the slope of the flow curve
and the Schmid factor s is approximaﬁely constant (&0.5) during flow.
Consider Fig 13 which is an idealized flow curve t(y) for a Nb
single crystal, obtained under conditions of uniform flow. This curve
can also be expressed as a plot of t(6), shown as case A in the figure.
It can be seen that deformation remains stable (ie uniform) until t(6)

. 0 . .
crosses the line Tt = 5 at a stress T , at which point deformation

IT
becomes non-uniform. 4

The form of 1(8) can be considered to represent the basic.response
of the material to deformation. This response will only be obtained; in a
tensile test if deformation remains stable,

le 8 > o

z
2
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For the Nb and NbTa crystals this condition was satisfied in
stage II but not always in stage I (Fig 10). There is therefore a possibility
that deformation in stage I might have been unstable.

The effect of an increase in alloy content or a decrease in
temperature is.to increase the level of the flow stress. Unless there is a
corresponding incfease in the work hardening parameters, deformation .may
become unstable at a much earlier stage as shown by the diagrams in Fig 14.

In case B, necking starts to occur during stage I but the localized
onset of stage II stabilizes the nepk. Therefore a deformation front will
pass down the gauge length during ''stage I'". The observed work hardening
slope in this region is meaningless.

In case C, necking will occur immediately after yield. Deformation
will never become stabilized, so a Luders failure will result. Again the
observed work hardening slope is meaningless. ;

For the NbMo alloys, deformation became more non-uniform as the
solute content increased, and the behaviour predicted in cases B and-C .,
was in fact observed.

It also follows from the stability argument that the total strain to
failure will depend on the true work hardening rate rather than on the intrinsic
ductility of the material; this is confirmed by observations of the reduction
of area at failure, which in all cases was 100%.

Similar considerations can be expected to apply during low
temperature deformation.

The arguments which have been expressed above are applicable in
principle to both single ctystai and polycrystal deformation. However
the situation represented by case B can occur only in the deformation of
single crystals, because this requires a work hardening rate which increases

with strain. ;
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4.1.2.2.2 Flow parameters

Peters and Hendrickson (1966) have obtained critical shear stress
data for crystals having a composition range extending from pure Nb to
pure Ta; their resulfs are shown in Fig 15a. They obtained a value of
2.5 kg ™% for T, in pure Nb compared with t_ = 3.4 kg mm~ 2 obtained
in this work. The lower value is a consequence of the [001l] orientation
which they used (Hendrickson (1969)). Their crystals were in general
slightly less pure than those used in this study. To facilitate comparison
of the hardening effects, 0.9 kg mm_2 has been subtracted from the values
in Fig 15a to give agreement with the T, values for pure Nb in Fig 10.

Peters.éﬁd Hendrickson claimed that their results indicated a
lingar variation ih T, from pure Nb to pure Ta. This gives a hardening
rate of 0.023 kg mm-zatz—l,'which predicts a hardening of 0.11 kg mm?-2 in a
5 at’ Ta alloy. Since the corresponding increase obtained in this work
was 0.9 kg mm_z, it is evident that most of the hardening occurs at .low
solute concentrations. The data of Arsenault (1969) indicates that addition
of Nb to pure Ta at room temperature also préduces hardening, so there exists
a positive deviation from the linear relationship suggested by Peters and
Hendrickson.

A solution hardening study of Nb wifh Ta has recently been
performed by Kostbrz (1968). Crystals containing 1.8 at% Ta and 11 at% Ta
were deformed in compfession between 295°K and 573°K. Kostorz used .a
different yield Pérameter and obtained a value of T, = 2.2 kg mm.-2 for
pure Nb at 295°K. The yield parameters obtained by him at 295°K are
shown as a function of c:l/2 in Fig 15b and compared with the tensile data
obtained in this sfudy, éfter subtractién of 1.2 kg mm_'2 to give agreement

with pure Nb. The hardening effects are very similar and indicate parabolic
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hardening, although it should be recalled that the overall effect is small.
Milne and Smallman (1968) have studied the tensile deformationb
characteristics of NbMo alloys over the complete composition range. Although
the crystals werenot seeded for a specific orientation, several specimens
were oriented in the middle of the stereographic triangle. The values.of T,
for these specimens are shown in Fig 16, together with.the results of this
study. The values of T for pure Nb are in agreement. The trend obsegved-
at low Mo concentrations is seen to continue up to a maximum at the.
equiatomic composition. . | N
Very few results have been published on the effect of solute on
the hardening parameters of bcc metals: most tests have been performed -in
compression; in tension, alloying uéﬁally induces non-uniform deformation,
preventing a determination of GI and 911' In the NbTa alloys studigd here,
deformation did remain uniform so that the hardening results, though limited,
are of interest. There appears to bé no effect of Ta in the easy'g¥ide
region; indeed, no solution hardening theory would predictvan influence of
solute on the hardening rate in stage I. Siﬁce solute might influeqcev
the operation of secondary systems, there could be an effect on stage IT:

the results indicate a slight increase in 6 upon alloying. This is in

IT
agreement with the very limited data obtained by Arsenault and Lawley (1967)

for addition of Nb to Ta at this temperature.
4.2'Tensile behaviour at other than 295°K
The Nb alloys were deformed in tension at temperatures between

77°K and 500°K. Several different modes of plastic deformation were

observed: the NbTa ‘alloys deformed by slip at all temperatures, and in addition
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twinning was common at 77°K; in the NbMo alloys twinning or cleavage

failure, without any evidence of slip, always occurred at low temperatures.
4.2.1 Slip

4.2.1.1 Results

Fig 17 shows the values of T, obtained at different temperatures
for those specimens which showed a detectable amount of plastic flow. In
the case of the NbTa alloys at 77°K, T, was taken to be the stress at 0.17%
shear strain. The curves for Nb 0.5 Ta and Nb 1.7 Ta have been$omitted
for clarity.

| Above room temperature, deformatidn was uniform and Nb 6.6 Mo
was the only alloy to show an upper yield point. At low temperatures,
deformatioﬁ was observed to become increasingly non-uniform: after a large
initial yield point, flow often took place under a continuously decreasing
load.

It can be seen from Fig 17 that aé the témperature is reduced,
the NbTa alloys show a transition from solute hardening to solute
softening, aithough the effect is never very marked. There is no evidence
for a similar béﬁaviour'in the NbMo alloys.

It is customary to divide the TO(T) curve into two regions;:

a) a thermal region, where the flow stress is a sensitive function

of temperature,

b) an athermal region, where the flow stress"ru is relatively
insensitive to temperature, and varies in the same manner as the shear

modulus, ¢ .
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The components of the flow stress in the thermal region are

called the thermal stress T*

and athermal stress Tu. The transition
tempergture To’ at which t* falls to zero, depends on the mathematical
definition used to determine it. Using the condition
Ledry _ 1 duy
T - dT To w 4T To

the following values for To were obtained:

Nb. 420°K

Nb 5 Ta 460

Nb 0.7 Mo 500

Nb 6 Mo 550

From Fig 17 it can now be seen thaf the main effeét'éf alloying
is on the overall étress level determined by fu, rather than on the temperature
sensitivity of thé flow stress determined by t¥*.
At 77°K, two of the six NbTa specimens did not twin before yield

so that a complete flowAcurve was obtainedf Flow was wavy right up to .
the maximum load, as illustrated in Fig 18. The ffactured specimen showed
a local reduction in area at three places along the gauge. One of these was
the fracture site, which showed intense slip and about 907% reduction in, area.
It is notable that localized failure did not occur after the first upper
yield point, and that the specimen was subsequently capable of exhibiting

a high work hardening rate.
4.2,1.2 Discussion

4.2.1.2.1 Work hardening and uniformity of deformation

The arguments presented to explain the change of yield point with
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ailoying (stability theory)-canlalso predict the increase in yield drop
at low temperatures and its disappearance at high temperatures, if it
is assumed th;t the work hardening rate does not change significantly
with tempeiature. |
Since two-stage hardening 1is opserved only at room temperature
and above, the hardening rates below room temperature must be compared
with sfage II hardening rates above 295°K. However, because of the onset
of non-uniform deformation, the determination of work hardening rates
becomes doubtful at low temperatures. This difficulty is reflected in
the resulfs of Mitchell et al (1963), who obtained scattered data consistent
‘with either of the following possibilities: |

a) the values of 61 may increase slightly at low temperatures.

I
They rejected this possibility on the grounds that the apparent values
of eII were too high because of the observed occurrence of non-uniform
deformation. However it is also possible that non-uniform deformation

may lead to apparént values of 611 which are too low.

4

b) a maximum in the value of GI may occur at about 250°K..

I
They favoured this possibility; similar behaﬁiour has been reported by
Mordike (1962) ana by Keh and Weissman (1963). However the maximum always
appears to coincide with the point of rapid increase in yield stress (and
onset of restrictéd ductility), with the accoﬁpanying possibility of non-
uniform deformation. In compression testing,_deformation may initially be
stable even at low temperatures, and it has then been observed that the.

work hardening rate (in Mo) does increase with decreasing temperature

(Prekel and fonrad (1968)).
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In the case of the two NbTa alloys which were ductile at 77°K,
the work hardening rate must have been sufficiently high to stabilize a
neck once it hadrformed. It is suggested that the three large yield drops
observed in Fig 18 correspond to the onset of localized deformation in the
three regions observed on the specimen after failure. At 77°K, both
interstitial and substitutional atoms are essentially immobile (Thomas and
Leak (1954)); it therefore appears that no mechanism such as dynamic strain
aging could account for the wavy flow. The effect coﬁld be a result of
successive 1oca1ized‘slip and hardening, suggesting that deformation occurred
very close to the stability condition. Since the yvield stress was high,
stability would require an increase in work hardening rate above the room

temperature value,

4.2.1.2.2 Solute hardening and softening

| The onset‘of solution softening at low temperatures and at small
solute concentrations has been frequently observed in single cfystal bece
alloy systems (eg Mitchell and Raffo (1967)). The reduced temperature
sensitivity of the dilute alloy produces a minimum in the yield stress versus
composition curve. The effect has been observed up to 175°K in the case
- of TaRe alloys (Raffo and Mitchell (1968)), and up to 220°K in WRe alloys
(Raffo‘(l96§)). This latter observation was unusual in that at 77°K,
continuous softening occurred up to a composition of 25 at% Re; the,minimum
yield stress in other systems is usually at 1 - 4 at% solute.

Solution softening has also been reported in bcc interstitial

solutions at low temperatures (Christ et al (1969)). The effect has been
studied recently in Nb single crystals by Ravi and Gibala (1969), who added

controlled amounts of oxygen.



As Fig 17 shows, the effect was observed in the NbTa alloys,
in which slight continuous softening occurred up to 4.8 at% Ta at 77°K;
there must be a minimum at some higher Ta concentratién because pure Ta
is stronger than pure Nb. Unfortunately, because of the onset of brittle
fracture at low temperatures, it was not possible to investigate a
solution softening effect in the NbMo alloys. However Statham.(l968)
has observed softening of Nb crystals by addition of 2 at? Mo when tested
in compression at 77°K. It is therefore probable that a softening would
have been observed in NbMo at 77°K if plastic flow had occurred; a reduction
in ‘twinning stress was in fact observed (see Fig 20).

Various ‘arguments have been preseﬁted to explain the solution
softening effect; One group of authors (Raffo and Mitchell (1968),
Arsenault (1969)) considers that solute atoms produce a localized reduction
in the Peierls stress. The minimum in the stress versus composition curve
TO(C), is then a consequence of a continuously decreasing thermal component
t™*(c), and a coﬁtinuously increasing athermal component Tu(C). At low
temperatures, T*(c) initially pfedominates; at higH temperatures it is :
negligible and solution hardening occurs. |

However the published data is not éompletely consistent with this
interpretation. -Fig 19 shows the compositibn dependence of yield stress for
TaRe alloys obéérved by Mitchell and Raffo (1967) at 77°K -and 623°K..
According to the above intérpretation, the two curves are répresented by

the equations: |

@),y = Ty, + o)y, (1)

and T(Q)gpy = T (Dgyy + T, (C)gyg _. (2)

since T* =0 for T > Tb'

Since 1 1is not very dependent on temperature,
u

TLl (C)77 ’“" Tu (C)623

50
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therefore from equations (1) and (2)

T(e) ;5 = Tle)gy = T(e)g,y (3

This equation (3) is représented by the dotted curve in Fig 19.
It can Be seen that there is no possible way in which t* can continuously
.decrease with additional solute, as the theory assumes.

The microstrain technique .can usefully be applied to this problem
and further discussion will be delayed until the microstrain results. have

" been presented.

4.2,2 Tﬁinning | Lo

At 77°K, sporadic twinning was obsérved in pure Nb and in.;he.NbTa
alloys. The accompanying load drop and audible click were correlated with
the formation of a visible twin right across the specimen. Frequently
the operation of one twin system was followed by a second. Fig 21 is |
a micrograph showing two intersecting sets of twins. The twin systems were
identified‘using the technique outlined in A.3.3 and were found to be
(112) [111] and (IT2) [111].

For the orientation used, there are six possible twin systems
which give an extension on twinning; the observed systems were the two with
the largest Schmid factors (0.378 and 0.359 respectively). In the remaining
cases, the stress at which t&inning started was resolved on the most
favourable twin system. Although twinning éfarted at different points on
the flow curve, the vaiues of resolved twinning stress were quite consistent;
this indicates thét a critical stress exists in order for twinning to occur.
The results are shown in Fig 20, It can be'seen that addition of solute
reduces ﬁhé twinning stress at 77°K, just as it reduces the yield stress at

that temperature.
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The only Mo alloy tested twinned without yielding, at a much
lower stress than did pure Nb,

Twinning has frequently been reported in Nb crystals deformed
at 77°K (eg Bowen et al (1967)). The incidence of twinning appears to
increase as interstitial impurities are removed. Although twinning was
observed in both the NbMo and NbTa alloys, it may be suppressed at higher
solute concentrations since Milne and Smallman (1968) did not observe
twinning in Nb 50 Mo.

Twinning at 77°K could be prevented by prestraining the crystals at

room temperature.

4.2.3 Cleavage

At 190°K; the more concentrated Mo élloys failed by cleavage
at the specimen shéulders, without any indication of plastic flow. Even
prestraining the cfystals at room temperature did not prevent brittle
fracture. Since fﬁe stress concentration at the grips initiated the failure,
cleavage stresses were not determined.

The cleavage plane was found by Laue back-reflection photography
to be (001) in all cases. This is the usual cleavage plane in bcc metals.
A photomicrograph of the fracture surface is shown in Fig 22. The surface is
not smooth but is covered with steps or 'river lines" radiating from the
fracture initiation site. These.observations are identical to those reported

by Raffo and Mitchell (1968) on cleavage in TaRe single crystals.
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4.3 S1lip line observations at 295°K

4,3.1 Results

Slip line observations were made on the cylindrical tensile
specimené, and.the operative slip systems were determined by measuring the
‘traces (see A.3.3). Even though the specimens were oriented for single slip,
slight activity was often observed on a second system immediately after yield.
However the amount of this slip did not appear to increase, and in stage I
there was always one principal system, [111]y. The &alue of Y was determined
for all the alloys. |

The slip traces were observed to be wavy on one face and straight
on a face at 90°vto the first. The wavy lines appear on the face from
which edge dislocations emerge, and trace the motion of screw dislocations.
Similarly the straight lines depict the motioﬁ of edge dislocations, and
these lines disappear at a position exactly pefpendicular to the Burgers
vector, Fig 23 shows typical micrographs, taken from the positions shown,
approximately 90° ééart.

There wefe no significant differences in the form of slip traces
observed in pure Nb.and in the alloys.

With pure Nb and the NbTa alloys, the onset of stage II agreed
theoretically with that expected from the movement of the tensile axis
during deformation; However the position of the tensile axis subsequently
overshot the [001].? [101] symmetry boundary by'7 - 10°. Slip on the
conjugate system was:observed in stage II. |

The resulté of the slip determinations in the alloys are shown in
Table II. The origiﬁal orientation is indicated by the'angle ¥, which is
the angle between the maximum resolved shear stress plane and the (011)

reference plane. Since slip was observed to be-always in the [1I1] direction,
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Nb 4.9 Mo alloy
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Fig 23. Slip line observations in Nb alloys deformed

into stage I, from (A) and (B).
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Table II. Crystallography of slip in Nb alloys at 295°K,

Specimen OrienEation Slip pargmeter Stage II .
‘ X ] overshoot (°)

A33 6 | 6 9

A34 6 4 7

B42 _ 10 14 f7

B43 10 - 20 9

c4l 3 0 10

Chb | 3 13 9

D42 10 : 14 - 8

J22 -4 3 : _

324 -4 4 _

K22 8 | 14 i,

K23. 8 6 | .

L31 7 7 _

L33 7 2 _
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the tensile axisAmoves during deformation along a great circle towards
[111] and x is therefore independent of strain.

Fig 24 includes the observed slip parameter ¢ compared with the
values expected if slip were crystallographic. It can be seen that slip did
not usually occur on (011). In addition, there could be some clustering about
(143) and (132). However, if an error of #2° is admitted in ¢, then only
547% of the cases can be described as crystallographic compared with 48%
if ¢ was randomly distributed between -5° and +20°. Therefore slip cannot
be described as being crystallographic.

There is no evidence for any dependence of ¥ on alloy content:
4.3.2 Discussion

‘There éppear to be no reports of slip line studies on NbTa or
NbMo alloys. This is because most workers have been concerned with
measurements of Té. It is usual to resolve the yield stress onto the (011)
plane, which is a reasonable approximation for crystals oriented in the
middle of the stereographic triangle. |

Milne and Smallman (1968) found slip line analysis on NbMo alloys
to be impossible.because of the cbnfusion of surface markings on their
samples. They determined slip systems by asterism analysis. In no cases
did they observe slip on (011); the usual slip plane was reported to be
(132) or (143). This is in agreement with the present results although  the
possibility of cfystallographic slip on these planes is discounted.

Slip on ény plane could be produced by composite slip on different
{011} planes (Maddin and Chen (1953)), but fhere is some evidence that {112}
could also be a discrete slip plane (see A.3.2). It is evident from, the
slip line resulfé and from Fig 23(A) that cross-slip was prevalent in the

deformation of the Nb alloys. This differs from the observations of;Mitchell
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and Raffo (1967) on TaRe alloys. They reported slip on (0l1l) in all the
alloys, whereas pure Ta slipped on the maximum resolved shear stress plane.
It is usual to express an observed orientation dependence of
slip in terms of Y(x) curves. Although the crystals tested here had similar
orientations, there was a spread of 14° in the measured X values. The -
positions of ¢(x) are shown in Fig 24 and there is seen to be a definite
orientation dependence, although it does not take a simple form. For
intermediate orientations (5° < x < 10°) the slip plane is close to the.
maximum resolved shear stress plane (¢ = X). At low x there are deviations
towards (011) and at high x, deviations away from (011);

{
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5. MICRODEFORMATION OF PURE NIOBIUM CRYSTALS
5.1 Introduétion

5.1.1 Microstrain observations

By load cycling specimens to successively higher stresses,
different points in the yielding process can be identified: the elastic
limit, Tgs is the stress at which réversible dislocation motion first
occﬁrs; the anelastic limit; T, is the stress at which irreversible
dislocaﬁion motion first occurs; the macroscopic flow stress, Tfo, is the
relatively constant stress at which gross pléstic flow occurs. The elastic
and aﬁelastic limits depend on the sensitivity of the strain measurement;

a strain sensitivity of 10_6 has usually been taken as standard.

In order to establish a hysteregis loop and obtain reversible,
dislocation motion:it is necessary to create a 'directional" internal stress
field (with stress component‘Tid) which will allow dislocations to return
to their originai positions when the applied‘stress.is removed. This may
be accomplished by prestraining the annealed material§ further, a suppl& of
mobile dislocatidns is thereby obtained in cfystals where the dislocations
may have been locked. h p

Before.brestraining, an internal stress field exists in an-
annealed crystal.: This will be termed an "adirectional” stress field (with
stress component Tio) in that it opposes the motion of dislocations
irrespective of their direction of motion (cf a "drag stress"). The relative
magnitudes of Tidvand Tio are not specified..

The following idealized model illustrates the manner in which a

is

stable hysteresis loop is established in an annealed crystal where Ti
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initially zero. Suppose dislocations move when the effective stress
o
on them (Tx) reaches a critical value T, ( z‘Ti). At any applied stress

T,the effective stress is given by

Consider load cycling to successively higher stresses as shown

in the diagrams of Fig 25.

In A, at a stress T = AT , Tid = 0.. Therefore T, = At , which

is less than TS and so no dislocation motion occurs.

In B, dislocations first move when T = T, T Tg and they continue

to do so as long as the load increases. When straining is stopped at

T= T + AT , T d = At . If there is no relaxation on unloading then

i
Tid = At at T = 0 and therefore

T = -AT
X
This stress is still less than TS and the dislocations do not move.

No reversible dislocation motion has yet occurred.

. .
In C, at 1 = T, + AT, o= At . Therefore 1 = Ts and dislocations
\ - . d
move again. When straining is stopped at 1 = ZTS + AT, TS T + AT,
On unloading to T = At , T, = At - (Ts + AT) = —TS[

Therefore dislocations now move backwards until at T = 0
T = -1 and T.d =T .
X - s i s

A stable hysteresis loop, as in D, has now been formed and

reversible dislocation motion will always occur when

T = =1~ (-1
x s ( s)

By definition this applied stress is To and

0
T = 21 =221,°
e s i
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The hysteresis loop will remain stable until irreversible

dislocation motion occurs at a stress Té, at which the loop does not close.

5.1.2 Previous work

The microstrain technique was first applied to the study of
yielding and floﬁ in bece métals by Brown and his co-workers (Brown and
Ekvall (1962)). The procedure they adopted is indicated schematically in
Fig 26a. The elastic limit, Tos is the stress at which a loop was firsf
formed and the anelastic limit, T» is the stress at which permanent. set
first occurred. Brown and Ekvall and later, Kossowsky and Brown (1966),
investigated the dépendence of Té and T, on purity, temperature, and;
prestrain. They id;ntifigd Ta with the stress to move existing kinks on
dislocatioﬁs; T, was identified with a Peierls stress to move screw
dislocations. : o

The uniqﬁeness of T, depends very much on the form of the hysteresis
loops; in tension, specimen alignment is critiéal and it is unlikely:that
anelastic deformation is completely uniform. \In compression, Meakin (1967)
observed hysteresis loops that were paralleliﬁipeds rather than being of
lenticular shape (;ee Fig 26b); the values of T, Were typically less ;than
one-tenth of the vélues reported for tension.:- o

Meakin sﬁggested that the T observed in compression represents
the true elastic limit. In fact, up to this stress the modulus agreed with
the "dynamic modulus" calculated from the dynamically determined elastic
constants (see A.5.1). Above Te the extensive linear anelastic strain
contribution gaveba sﬁaller "relaxed modulus" which was typically 30% - 50%
of the dynamic value. Meakin further suggestéd'that in the case of ;ensile
deformation the true elastic limit was not obsérved and that the apparent

value reported by Brown and Ekvall coincided with a deviation from the
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relaxed modulus rather than from the dynamic modulus.

It is quite possible that in tension the true elastic limit is
not obéerved, but nevertheless the observed modulus cannot be identified
with the relaxed modulus obsérved in compression. in all the cases examined
in this work, the observed modulus in tension agreed with the calculated
dynamic modulus to within 107.

In this study no attempt was made to identify an elastic limit. -
The nature of plastic flow from the anelastic limit, which can be identified
unequivocally, up to macroflow was considered to be of greater interest.
Previous methods for determining sucﬂ a microflow curve have had disadvantages.
For example, Stoloff et al(1965) and Davies and Ku (1966) constructed
curves by load cycling right up to macroflow, bﬁt this method records some
strain which occuré at stresses below the maxiﬁum reached in any cycle., On
the other hand, Carnahaﬁ et al (1967) used continuous straining but, in.
the determinatién.éf plastic shear strain, could not allow for non-linear
aneiastic deformatioﬁ occurring before microyield. Such strains are: of.
the same order as the plastic strains in the region of microyield. The

technique adopted in this work overcomes both bf these difficulties.

5.1.3 Experimental.procedure

The tranéition from micro to macroyiélding was observed during
tensile deformation of crystals which had a capacitance extensometer
attached directly to the specimen gauge 1éngth.(see A.4 for experimental
defails). The onset of yielding was determined by load cyecling up to the
stress at which permanent set first ocgurred (énelastic limit or mic;oyield
stréss, fa). This ﬁoint also defined the elasfic slope (or more correctly,
the "anelastic slope’) of the microflow curve ﬁhich was subsequently, obtained

. ' 0 c .
by continuous straining up to the macroflow stress, T This is defined as

£
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the applied stress when gross plastic deformation occurs at a rate determined

by the crosshead speed. Thus T ° is asymptotically approached after

f

. . o . ‘o
yielding, but the strain to reach 71 is not specified. At room temperature

f

o . : . X .
7. 1s the same as the prestrain stress, T as obtained from the macroscopic

f £
flow curve.

The method used to determine the microflow curve T(y) is indicated
schematically in Fig 27. A small positive load was taken as the base stress
level to maintain alignment. A resulting microflow curve, plotted as t(log v),
is shown in Fig 28. For any test, the vertical line forminghpart of the
"L" motif fepresents the strain sensitivity limit for the test; the horizontal
line represents thebhighest stress reached befére a permanent set was
observed. The ciféled point represents the vélue obtained by load cycling,
and the remaining points have been calculated from the continuous loading
~ curve. This method of expressing microflow éﬁrves avoigs the tendency to

extrapolate the microyield stress to zero strain, which is tempting when curves

are plotted on a linear strain scale (see 6.2.1). ;

5.1.4 Reproducibility of microflow

Although some microflow experiments were perfofmed directly on
as-grown crystals, it was usual to prestrain the crystais into stage I before
testing.A The micrbflow curve was found to be reproducib1e in this region
providéd the crystéi was prestrained at the fiow stress T beforeveach

f

determination. If the specimen was given a small prestrain to a Stress Ty

' was

below the flow stress, then the subsequent apparent microyield stres T,
increased. The behaviour is indicated schematically in Fig 29. This means
that, in any microyield determination, the apparent microyield stress passes

through a maximum as the prestrain stress increases from T, to Te. Such

behaviour,>though not investigated quantitatively, is important as a
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manifestation of a hardening process in the microstrain region which ceases
at the flow stress. It is also guggested that the maximum value of Ta'

would represent a stress at which dislocation multiplication becomes

significant.

5.1.5 Discussion of microflow

'

It has been seen that T, is very sensitive to the prestrain

stress T although the strain involved in prestraining to T, is very

b’ b
small (y = 10_4). The dislocation motion involved is so small relative to
that reqﬁired to produce a similar hardening in the macroflow region, that
the effect cannot be due to any gross change iﬁ dislocation density.
Furthermore, even when the microyiela stress is raised, the subsequent
asymptotic flow stfess is unaffected, which agéin suggests that the effect
is due to a significant change in a small fraction of the dislocations
rather than to a change in the overall dislocation structure.

One of fhe difficulties associated with the interpretation. of
microyield values is that it is not known how many'dislocationé are involved
in microyielding. Thus the particular strain at which T, is measured
could be produced by a small numbér of dislocations moving a large distance,
or by a large number of dislocations moving abémall distance. Since only
a small fraction of the total dislocations mo#é, a change in this proportion
could account for the oEserved change in microyield stress between Ty and T,

One possibility is that prestraining to T, after unloading from

b
Tf increases the number of dislocations which can move at a given stress,
but it is not physically acceptable to suppose that they then require a

higher stress to produce the same strain. On the other hand prestraining

could decrease the number of dislocations which can move at the particular

stress. It would then be required that the stress to move them increase

70



Fig 29. Schematic description of microflow behaviour

observed during stage I deformation at 295 °K.
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quite rapidly with the distance moved. There appear to be two possible

explanations for this stress increase:

a) The.mean value of the fluctuating internal stress field could
increase as dislocations move from their equilibrium positions. On straining
above T, some dislocations would be stopped or pass out of the crystal,
thereby reducing the mobile dislocation density. On unloading and reloading,
the remaining dislocations would have to move further through the internal
stress field, producing a larger microyield stress Ta'. On restraining .
at the flow stress, dislocation multiplication would again produce a.
distribution of moveable dislocations in equilibrium with the internal
stress field. :

b) If it is realized that a dislocation line Eannot end inside
a crystal, and that consequently most dislocations must be in the form of
loops or networks, then the possibility exists that a loop may not expand
uniformly at a givén stress. Thus if only a particular part of a dislocation
loop can move at T,» the proportion of this part will decrease as the loop
‘expands. Therefore after unloading and reloading it will be necessary to

' to move a different bortion of the dislocation.

apply a higher stres T,
loop. Further straining at the flow stress will move the whole loop,

which will subsequently take up an "equilibrium" configuration again.

The second suggestion has fewer independent requirements and
can be supported indirectly by evidence obtained from transmission electron
microscopy. Solomon and McMahon (1968) have examined dislocation re-

arrangements at 77°K in the microstrain region of Fe polycrystals prestrained
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at room temperature. They observed that there is a tendency for the .
dislocations to align in the screw orientation. Thus at 77°K the edge
components of the dislocation tangles‘move preferentially and consequently
become exhausted. On continued straining at higher stresses, the screw
dislocations move. These observations have also been reported in Mo
single crystals by Lawley and Gaigher (1964) and in Fe single crystals by
Keh (1968). On the basis of these experiments, Soldmon and McMahon -
accounted for the observed decrease in microplastic response on successive
loading cycles at 77°K; it is therefore ﬁroposed that a similar exhaustion
hardening of edge dislocations accounts for the preliminary microflow
observations reported here at 295°K.7.The suggested model is shown in

Fig 30 which illustrates the relative motion of edge and screw components

in a dislocation loop during straining in the microflow region.
5.2 Results

5.2.1 Deformation at 295°K

Fig 31 includes microflow cur;es for a Nb crystal (A62) in twé
different conditions: as-grown and prestrained 107 fo the beginning of
stage I. It can be seen that although straining has increased the macroflow
stress as expected, it has decreased the micrbyield value. Fig 32 shows
microflow curves for the same crystal at stfains,corresponding roughly to
the beginning and end of uniform stage I deformation. Further straining has
increased both the microyield and macroflow values.

Fig 31 also shows microflow data for two as-grown crystals to:
illustrate the effect of purity. The_lowest curve has been plotted from the
data of Bowen et al (1967) who used ultra-high vacuum purified material .

(specimen 55/6, tested in compression). For the less pure as-grown crystal, A62,
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both the micro and macroflow values are at least three times greater than
for specimen 55/6. Specimen A62 subsequently showed a yield drop;

specimen 55/6 did not.

5.2.2 Deformation at 160°K
Fig 33 shows microflow curves for crystals in different conditions
tested at 160°K: as-grown (A63), prestrained at 295°K (A64), and high
purity as-grown (55/4) which has again been plotted from the data.of
Bowen et al. It can be seen that at 160°K the effect of purity is far less
pronounced than at 295°K (Fig 31) and that the impure prestrained crystal
has deformed at a lower stress than the high purity as-grown specimen.
Microyield values at the given strain sensitivities are shown in

Fig 34 as a function of temperature. The temperature sensitivity of .the
dt
microyield stress ( ETE-) in the prestrained crystals is considerably less

than it is in the as-grown crystals which in turn is less than the temperature

‘ : dt
sensitivity of the macroyield stress ( 552-) (see Fig 35).

Since the stress rfo is, by definition, asymptotically approached

X . . . . o .
after yielding, it can be seen that the plastic strain to reach T increases

f

as the temperature decreases. This is a consequence of the greater slope .of
the microflow curve at low temperatures. Forfexample, at 295°K (Fig 31) the

asymptotic flow stress T ° is reached after about vy = 0.1%, but at 160°K

f

(Fig 33) the stress does not reach T ° (which is close to the unprestrained

£
flow stress at 160°K) until about y = 5%. These effects are illustrated
in Fig 35 which shows the flow stress at various strains as a function of
temperature. It can be seen that at very low temperatures the asymptotic

flow stress after prestraining will never reach the unprestrained flow

stress. . .
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5.2.3 Strain-rate during microflow

For a giQen strain the slope of the microflow curve varies with
temperature, and as a consequence the true plastic strain-rate will-also vary
with temperature. This is true because the constant crosshead rate X can

always be expressed as the sum of the plastic strain-rate of the specimen &

pL
and the elastic strain-rate of the specimen plus machine éez
ie o . . ,
X = ) +e, | 8
By Hookes Law,
. 1. o
€ap = 4O (2

where M is an elastic modulus.

Changing from o(e) to t(y), and substituting (2) in (1) gives

¢ - 1 dr dy
X= Wsdr T d
But dv _ dr dy
dt dy dt
therefore . \
. X '
[ 2y @
M.s ‘dy

Equation (3) shows that the true plastic strain-rate is a function
of the slope of the microflow curve ( g%-). In fact, throughout straining
in a tensile test, the plastic strain-rate will increase continuously from

zero in the elastic region (_%$-+ © ) to a constant value determined by
dr _
dy

In this work, it was possible to determine the true plastic strain-

the crosshead speed at the asymptotic flow stress 0).

rate at any strain by combining the load-elongation data from the X-Y
recorder with the load-time data from the Instron chart. It was found that
at room temperature, the strain-~rate was a similar function of strain for
all specimens. An example is shown in Fig 36. At 77°K the strain-rate

s
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does not increase as rapidly with strain as at 295°K, although the strain-
rate at microyield is about the same at both temperatures. The maximum
range of strain-rate over the whole microflow curve is about two orders

of magnitude.
5.3 Discussion

5.3.1 Deformation at 295°K

The difference between the microflow curves for as-grown and
prestrained crystals is of considerable interest (Fig 31). The increase in
stress level at large strains (Y.ﬁ 10—3) is readily explained by the expeéted
increase in total dislocation denéity with prestrain. However the stress
to produce a permanént plastic strain of vy = 10-5 has been almost halved
by the prior deformation. As suggested in 5.1.5, this behaviour could
be a consequence of a large increase in the number of dislocations which can
move at low stresses. The behaviour is therefore similar.to the effects
observed in the preliminary microflow investigations of straining in
stage I (see 5.1.4). It was found that the apparent microyield stress
was very sensitive to the initial distributioﬁ of mobile dislocations.

It is generally supposed that dislocations move whenever the
effective sfress on them (T*) reaches a criticél value given by the}difféfence
between the applied stress T and the internal stress Tu. However, since
the microflow stress is very dependent on the distribution of mobile, disloc—
ations, it is cleariy impossible to assign a constant value to the internal
stresé during microflow. Only at large strains is it possible to assign a
value to‘the internal stress; it has been confirmed that Tu is then.

independent of the initial distribution of mobile dislocations.
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The concept of Tﬁ could however be retained by considering both

the "directional' and "

adirectional' aspects of the intermal stress field
(on a scale involving larger dislocation motion than that previously
considered in 5.1.1), defined by Tud and Tuo’ respectiyely. Thus, the value
of Tud would be very dependent on the instantaneous distribution of moving
dislocations: it would increase during microflow and decrease on unloading
through relaxation. The adirectional component Tuo would be independent of
strain in the microflow region and would be influenced by, for example, .the
overall dislocation structure and the presence of solute atoms. It further

* in the

follows that it is not possible to consider the effective stress T
microflow region of prestrained crystals.

The dependence of microyield on the local mobile dislocation
density is not usually considered when interéreting microflow obsefvations.
For example, Prekel and Conrad (1968) and Stein (1968)_have assumed ;ha;
the same velocity versus stress relation for.dislocations can acqount for
the whole flow curve from microyield to macrbflow. In other words, the
whole microflow éurve is simply a consequence of the increasing strain-rate
during microflow (éee 5.2.3) together with the strain-rate sensitivi;y (or
dislocation velocity characteristics) of the.material. In order to examine
this hypothésis the strain-rate sensitivity of macroflow for prestrained
crystals has been investigated in 3.4; (It was, in fact, found to bejthe same
as that of as—grown'crystals, which shows immediately that the as—grownfand
prestrained microflow curves cannot both be accounted for in terms of a strain-
rate effecf.)

Since the strain-rate during microflow has beén.established aé
a function of strain (Fig 36), it is possible to compare the stress versus
strain-rate relatibn expected from macroflow experiments, with that obsefved

from the microflow curves. This comparison is shown in Fig 37: the dashed
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curve represents the expected strain-rate sensitivity of the flow stress
(obtained from Fig 6) for crystal A62 which has an as-grown macroflow stress
of 3.2 kg mm—2 (Fig 31) at a strain-rate of log y = -4.55 (Fig 36);

the solid curves show the observed stress versus strain-rate relations
(obtained from Figs 31 and 36) for the same crystal in the as-grown and .
prestrained conditions.

It can be seen that the strain-rate sgnsitivity hypothesis (dashed
curve) has predicted the obseryed microflow curve fof the as—grown crystal,
but there is a marked discrepancy in the case of the prestrained crystal.

It therefore appears that for a prestrained crystal, the description of
microplastic flow purely in terms of a strain-rate effect is incorrect.

The discrepancy becomes more noticeable if comparisons are made at lower
temperatures. The agreement between microflow and macroflow data in-the

case of as-grown crystals probably indicates fhat the same dislocation

motion is involved in both cases. This would be expected if most dislocations
in ﬁhe as—grown crysﬁal were initially locked and if microflow then -

represented mainly the multiplication and motion of screws.

5.3.2 Deformation ét 160°K

As Fig 33 shows, the difference between the microflow characteristics
of as-grown (A63) aﬁd prestrained (A64) crystals becomes more marked at low
temperatures. Sinée the microyield stress in the prestrained crystal
is about one-third of the value in the as-grown crystal, prestraining has
clearly increased the number of dislocations cépable of moving at low stresses.
However it is qqite striking to observe that ét 160°K tﬁe prestrained
impure crystal (A64) has a lower microyield stress than even the high
purity épecimen (55/4). This was not the case at 295°K. It therefore

appears that at 160°K, prestraining is a more effective way of reducing the
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effect of interstitials on those dislocations that move, than is

‘increasing the purity. This would seem to be strong support for the

recent suggestion of Kelly (1969) that even in the highest purity bee
materials, there are more than enough interstitials to effectively lock most
of the dislocations, at least at low temperatures.

The role of interstitials in the deformation mechanisms of becc
metals may indeed be‘very important. Those workérs who have studied only
as—-grown crystals and who claim that a Peierls mechanism is operative have
taken supporf from the agreement betweeen data in the microflow and macroflow
regions (Bowen et al (1967), Prekel and Conrad (1968)) while accepting
other evidence for a Peierls mechanism in the macroflow region. However
the alternative cléim can now be made that, since impurity effects are so
dominant in the micfostrain region, they may be the dominant effect in

macroflow as well.

5.2.3 Temperature sensitivity

It can be seen from Fig 34 that the ﬁempefatufe sensitivity of
the microyield stréss is the same in as—grownAcrystals of different purify,
but is much less in impure prestrained crystéls.

The decreased temperature sensitivity in prestrained crystals was
first reported by Brown and Ekvall (1962). They concluded: that the stress
to move'dislocatioﬁs (Peierls stress) is not very temperature sensitive,-
and that the increaéing temperature dependence at higher strains is a
consequence of the temperature dependence of dislocation multiplication
in the microflow region.

However another interpretation is that the fraction of

dislocation line which moves may vary with temperature. As discussed in 5.1.5,



87

there is evidence (Solomon and McMahon (1968)) that at low temperatures
the edge components have a higher mobility at small stresses. As the |
edge components become exhausted it is necessary for fhe screw componenfs
to move as well. For reasons still to be discussed, the screws require
considerably higher stresses to move. This behaviour would give rise to
the variation with strain of the‘temperature sensitivity of microflow as
shown in Fig 35. ,
It therefore appears that if microyield in a fairly pure prestrained
material represents the relatiﬁely uncomplicated motion of edge dislocatioms,

then microstrain experiments will be very useful in determining the ;

effects of impurities and alloying elements on dislocation motion.
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6. MICRODEFORMATION OF NIOBIUM ALLOY CRYSTALS
6.1 Results

6.1.1 Deformatidn at 295°K

Microflow curves were obtained for the Nb alloys after prestraining
T = 15% into 'stage I.

Typical curves for NbTa crystals are shown in Fig 38. The effect
of the Ta addition has been to increase both the microyield and macroflow
stresses by a comparable amount. This means that the effect of solute on
the flow stress is not very dependent on the strain sensitivity, as illustrated
in Fig 39. It should be noted that there is no evidence for a decreasing
solute dependence of flow at high.strain sensitivities.

Typical microflow curves for NbMo alloys are shown in Fig 40. .
Alloying has produced a very large increase in microyield stress and, as with
the NbTa alloys, tﬁe concentration dependence bf the flow stress is

independent of the strain sensitivity (Fig 41).

6.1.2 Deformation below 295°K

Because of the low temperature britfleness of the NbMo alloys,
experiments were performed only on the NbTa alloys.

Typical microflow curves for a Nb 4.8 Ta alloy deformed at various
temperatures are shown in Fig 42. The form of the curves is qualitatively
the same as that of pure Nb. 1In order to ascertain any effect of Ta, the
microyield values are compared with pure Nb in Fig 43. It can be seen that
the temperature sensitivity of microyield at very low temperatufes is smaller
for the alloy, which has a lower microyield value at 77°K. This behaviour is

similar to that observed in the macroflow region (Fig 17).



-2

Microflow stress, T kg mm

/‘/!
/.//'vﬁv/v
Lo / _/v./
il

L 1
-5 4

log (shear strain, vy)

Fig 38. Microflow curves for NbTa alloys deformed at 295°K.

68



Microflow stress, T kg mm

Fig 39.

@

|

i

j

i

i

' | 1 i I |

0 1 2 3 4 5

Composition, at% Ta

Microflow stress at different strains for NbTa alloys deformed at 295°K.

06



Microflow stress, T kg mm

T { |

20 | -
—enon——no 66 Mo
/
~— 0
L r L_/ o /_v-——-—"—'—'___v 49 Mo -
///,<7
V7//X7
10 L e -
LY
o o—o 0-9 Mo
/ .
/O
L-o o e Nb
. _——®
®
0 | | . i
-5 -4 -3
log (shear strain, ¥y)
Fig 40. Microflow curves for NbMo alloys deformed at 295°K.

T6



Microflow stress, T kg mm

Fig 41.

: L ] | l 1 ! 1

0 1 2 3 4 5

Concentration, at? Mo

Microflow stress at different strains for NbMo alloys deformed at 295°K.

A



Microflow stress, T kg mm

] T T
8 » -
77 °K
. /
e
7 L -
/ 160 °K
®
@
6 L / © -
(-]
0/‘ o/ed/./ 202 )
5 — I— /..// -t
O(j//
" 290 %"
‘o = 242 °K - 7
_e” | e/
o/. o/
3 - /‘/./ ]
Ol
2 |- -
1 |- -
0 . 1
-5 -4 -3

Fig 42.

log (shear strain, vy)

Microflow curves for a Nb 4.8 Ta a

lloy at low temperatures.

93



-2

kg mm

a

Microyield stress, T

Fig 43.

94

Nb 48 Ta

v\v

Nb

0 100 200 300

Temperature, °K

Microyield values (logy = -4.8) for Nb and Nb 4.8 Ta

crystals as a function of temperature.



95

6.2 Discussion

6.2.1 Deformation at 295°K

Microstrain experiments on bcc alioys have previously been
performed by workers at the Ford Motor Company (Stoloff et al (1965),
Davies and Ku (1966)) on substitutional alloys, and by Solomon and
McMahon (1968) on interstitial alloys. In all cases the tests were
‘performed on Fe-base polycrystals.

The results obtained by Davies and Ku were in general different
both from those obtained in the present work on substifutional alloys and
from those of Solomon and McMahon on interstitial alloys.

The technique used by Davies and Ku (and by Stoloff et al) to
obtain microflow cﬁrves’has aiready been criticized. However the stress
at which they first recorded plastic strain éhould be a valid obsenyation
(althbugh even this will be questioned later). Davies and Ku expressed
their microflow curves on a linear sﬁrain scale and frequently made
unjustifiable extrapolations to zero strain. .In some cases, alternatiye
conclusions. becoﬁe tenable when their data is plotted more suitably.
However in the caée of FeNi alloys the results are still very different
from those obtained here for NbTa alloys (Figv38) and NbMo alloys (Fig.40);
Fig 44a illustrates a strong concentration dépendence of flow at high
strains which is considerably reduced at microyield. A similar though
less pronounced behaviour was observed with féC alloys.

From their treatment of the data, Davies and Ku claimed that the
stress to move dislocations in Fe is independent of solute; solute‘%restricts
the ability of screws to cross slip and multiply so that macroflow @s very

concentration dependent. (This proposition would require that the direétional
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internal stress component Tud be very congentration dependent.) They
further proposed that the importance of dlslocation multiplication is a
fairly general phenomenon in determining the macroflow characteristics of
becc metals. Thus Davies and Gilbert (1967) found no orientation dependence
of flow at microyield in Mo single crystals and attributed the effect at
macroyield to dislocation multiplication during microflow.

The importance of dislocation multiplication as a rate-controlling
mechanism in bce deformation is an interesting suggestion, but it is
not supported by the results of the present work or by those of Solomon
and M?Mahon. These workers obtained values of o and o, for various
prest;ained polycrystalline FeC alloys, and found a marked dependence of
o, on C content. Their results are shown in Table III and are compared with
those of Davies and Ku. Figs 45a and 45b have been taken from the work of
Solomon‘and McMahon and show the microyield stress o, and macroflow. stress
op at 77°K and 300°K for different FeC alloys. The results indicate that
when the amount of C in the lattice increases, the microyield stress
increases and approaéhes the flow stress. (The FeTi alloy contains.
relatively little C in the lattice since it is associated with the Ti.)
On the other hand Davies and Ku did not observe a significant increase:
in microyield stress with added C.

In trying to resolve the above discrepancies, it is considered
significant that Davies and Ku did not use prestrained specimens. They
did not observe aﬁ initial yield point and therefore concluded that
there was no dislocation locking. However, they used specimens in the form
of strip only 0.006 inches thick, and it is common for yield points to be
obscured in the presence of stress concentrations (Hutchison (1963)). . As
was indicated in 5.1.1, it is possible, in s?ecimens which have not been

prestrained, to obtain some plastic strain on the first loading at a stress



Table III. Comparison of microflow data for FeC alloys at 300°K obtained

by Davies and Ku (1966) and Solomon and McMahon (1968).

Davies and Ku (unprestrained)

O_a
Fe "pure" Q .;
Fe 0.008% C Q) 3
Fe 0.014% C Q) 5
Fe 0.02% c @ 8
Fe 3.27% Si 32

Units: 103 psi, compositions in wt%
Q: quenched and held at -80°C
QA: quenched and aged 1 hour at 60°C

FC: furnace cooled
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Solomon and McMahon (prestrained)

FeTi (FC)
Fe 0.006% (C + N) (FC)
(Qa)

Fe 0.035% (C + N) (FC)
- (Qa)

Fe 3.17% Si (FC)
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50

40

27
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corresponding to Oe’ before the establishment of a stable hysteresis loop.
It is therefore quite possible that the "microyield" values of Davies and
Ku correspond to ce rather than to o - In fact, Solomon and McMahon
found that g, was relatively independent of C content, and there is
remarkable agreement between their % values and the S, values of Davies
and.Ku, as shown in Table ITI,

This explanation of the anomalous microflow curves obtained
by Davies and Ku is further éupported by previous results reported .
by the same workers (Stoloff et al (1965)). 1In a study of microyielding -
in FeV and FeCo élloys, tﬁey used cylindrical specimens and prestrained
them before testing. Their microflow curves for FeV alloys have been
replotted in Fig 44b (in the manﬁer adopted for thié work), from which it
can be seen that the microyield stress is Vefy dependent on solute
cpncentration, up to additions of 107. This is now in agreement with
the results of the present work, in which solute has been observed!;o
raise the overall level of the microflow curve. It follows that the effect
of solute is to increase the adirectional internal stress component'ruo,
with little effect on Tud. This is contrary to fhe propositidn of Davies
and Ku, and their suggestion that the main effect of solute is to restrict
cross~slip of screw dislocations must be refuted. The present conclusion
is in agreement with the results éf slip line observations on the Nb
alloys. There was mno visible'change in slip line structure and no tendency

for slip to be restricted to {011}.

6.2.2 Deformation below 295°K
The results of low temperature microstrain experiments on NbTa
crystals show that the softening observed in macroflow is also observed

in the microflow region. Although the error in any yield determination
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is greater at microyield than at macroyield, it is probable that the
softening is greater at high strain sensitivities.
The softening of bcc me£als has been frequently reported even
at room temperature. Fér example, Fig 44b showed the effect of small
additions of V to Fe polycrystals. Stoloff et al (1965) performed similar
microstrain experiments at 77°K and found an even greater softening effect.
Transmission electroﬁ microscopy revealed an increasing Qolume fraction
of particles in the higher alloy specimens. Although these could not be
analyzed it was concluded that they were compounds of V with C and y. An
interaction between the solvent metal or solute metal with interstitials
has been suggested for many other bee systems; for example, VTi alloys,
(Fraser and Lund (1962)); and many alloys of Cr (Allen and Jaffee (1963)).
Since softening is observed during microstrain as well as;
macrostrain, it is suggested that the motion of both edge and screw.
dislocations is affected. This suggestion eliminates any interpretations

based solely on the properties of screw dislocations.
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7. THEORY OF PLASTIC FLOW IN NIOBIUM AND NIOBIUM ALLOY CRYSTALS
7.1 Mechanisms of deformation in pure niobium

7.1.1 Introduction

The exact nature of the mechanisms controlling the low temperature
flow stress of bcc metals has still to be determined. As recent discussions
have shown (Nabarro (1968)), there is at present no theory capable of
explaining all the observations. Two extreme views are that the flow
stress is controlled solely either by the intrinsic nature of dislqgations
in the bce lattiéé (Peierls mechanism) (Conrad (1963)5, or by tge
interaction of residual impurities with dislocations (impurity mechanism)
(Fleischer (1967)). In most cases it is not possible to distinguish
between the predictions of these theories by conven;ional mechanica}
testing. This has led to the use of many additional techniques such as
transmission electron microscopy, dislocation displacement, interna;
friction, microstrain, and stress relaxatioﬁ studies.. However the
limitations of suéh supplementéry techniques are not sufficiently well
undersfood for conclusive interpretation of fhe results to be made -
in favour of either tHeory.

The difficulties have been complicated by the recent discovery
of unique characferistics of bcc'metals such as the asymmetry of slip
and the failure of the Schmid law of resolved shear stress. Furthermore,
the experiments Have been performed on a wide variety of both pure and
impure bcc single crystals and polycrystals.‘.As a result, the proponents
have been forced fo modify their particular theories to such an extent
that they cease to.have aﬁy predictive capabilities; it becomes hard to

define what the theories really are. This complexity is reflected in.the
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terminology which has developed: modified~, pseudo-, or modified pseudo—
Peierls stress.

The limitations of tegminology are probably significant in
the current controversy. For example, if it were established that
screw dislocation motion involved an impurity-controlled recombination of
partials and subsequeﬁt transfer to the next potential energy valley, would
the process be described as a Peierls mechanism or an impurity mechanism?
This comment illustrates the possible interdepéﬁdence of specific
mehanisms; present theories are incapable of accounting for this pqgsibility.
Thé following discusssion will consider all those factors which are
significant in controlling deformation, rather than assuming that one

mechanism is the complete solution.

7.1.2 Discussion

The miérostrain evidence presented for pure Nb has indicated
that, even in the highest purity materials tested to date, the effect of
impurities is significant. It is therefore fallacious fo assume thgt
impurity effects can be neglected a priori, even if the material is
extremely pure. Also the "effective" impurity content can differ from
the analyzed impurity content: interstitials may be associated with solute
atoms (eg FeTi alloys), or with solvent atoms (depending on the magnitude
of the solubility limit), or with each other (iﬁ the form of clusters
rather than as single atoms). The common practice of quoting impurity
contents in weight fractions (wt ppm) and solute éontents in atom fractions
appears deliberately deceptive. Thus an impurity level of only 5 ppm
hydrogen in mniobium actually constitutes a Nb 0.05 at% H alloy.

In the work on FeC alloyé, there was found to be a very marked

effect of interstitials on the temperature dependence of T which-has
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been identified with a stress at which edge dislocations move. On the
other hand, the effect of interstitials on the temperature dependence
£ was relatively small. It is possible that the

dt .
I to impurities could result from the

of the flow stress T
relative insensitivity of
saturation of a screw dislocation-interstitial interaction at very. low
concentrations. This would require that the interaction between dislocations
and interstitials be much stronger for screws than for edges. It would

then be necessary to achieve a considerable increase in overall purity

for the flow stress 1. to show a similar dependence on purity as the

f

microyield stress T, In fact, as was shown in Fig 5, there is strong
v ' dt
evidence for a decrease in —=— with increasing purity at low temperatures.

dT

Although the T;(T) curve can be divided into thermal and .
athermal regions, the assignment of thermal and athermal stress components
at temperatures below To requires caution. It has been seen that a; unique
value cannot be ascribed to the internal stress field Tu during microflow,
because the flow stress is influenced by the particular distribution of
moving dislocations. The constant effect of Tu can be felt only when,
dislocations move long distances through the crystal at the asympto;ic{flow
stress Tfo in a prestrained crystal. At 295°K this steess‘is reached after
a strain of about y = 10—3. However at low teﬁperatures the strain; to;
reach Tfo may be much larger, so the influence of the particular

3).

dislocation distribution may be felt even at macrostrains (Y > 10~
To the extent that this is true, the apparent value of TU will be
temperature dependent. 1In fact the assumption that Tu varies with

temperature only as the shear modulus implies that work hardening (given

T
by g§.) is independent of temperature; this is certainly not the case

(see Fig 42).
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Thus although the dislocation density (which influences Tuo)
has been found to be independent of deformation temperature (Keh and Weissman
(1963)), there is a change in dislocation configuration (Lawley and Gaigher
(1964)) which could influence Tud. Also the relaxation of dislocation
groups during deformation at low temperatures could be slower than at
high tempefatures.

Another difficulty with the interpretation of Tu even at
temperatures near To’ is that Tu can be applied to dislocation interactions
over both short and long distances. Consider the effect of two obstacles
to dislocétion motion which could influence Tu: the overall dislocation
structure and single solute atoms. The influence of a dislocation group
can be felt over long distances, and is usually described as the internal
stress field (proportional to pl/2 ). This interaction should be simi;ar;for
both edges and screws. However another contribution to the internal stress
field arises from the presence of solute atoms. The effect of a single
solute atom on a dislocation line is felt only at close distances of
approach and the interaction could well be different for edges and screws
(eg Fleischer (1963) model).'Both these interactions are effective at |
temperatures above To; they can be overcome iny by an applied strefs.;
They are therefore described as "long range" interactioms, althOughEthe
dislocation may feel the solute atom only at very close distances. . .

It is of interest to note that this difficulty with the spacial
extent of an interaction does not arise in tﬁe statistical theory of
the flow stress developed by Kocks (1966, 1967). His theory describes
the flow stress in terms of an effective obstacle spacing through which
dislocations must pass and the hardness of the obstacles themselvesr
When, as in the above case, different kinds of obstacles can contribute to

the flow stress, Kocks (1968) found that their contributions are additive

i

i
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whenever the spacings of the respective obstacles differ significéntly,
irrespective of the distance over which the obstacle-dislocation interaction
occurs.

There appear to be the following possible contributions to
the temperature dependence of the flow stress of bcc metals: r

a) short range interstitial—dislocation interaction, which
will be further discussed later,

b) temperature dependent "long range'" stress, which has been
discussed above,

¢) inherent lattice friction.

This last possibility is often expressed in terms of the
restriction of screw dislocation motion at low temperatures. Although
dissociation of dislocations in bec crystals must be extremely slight if
it occurs at all, the concept of partials existing on planes other than
the glide plane has been quite successful in explaining both the anisotropy
of critical shear stress with respect to the sense of shear, and tbe
orientation dependénce of the resolved shear streés (Kroupa and Vitek
(1967)). Screw dislocation motioﬁ has been thought to occur by thermally
activated transitions from sessile to glissile configurations of tbe
dissociated screws (Bowen et al (1967)). This theory is in agreement
with the observed restriction of slip to {011} planes at low temperatures,
since it is possible that the reduced ability for cross-slip produces.

a large increase in flow stress. It is agreed that the motion of screw
dislocations is rate—controlling at low temperatures, but it is not
necessarily true that the high flow stress is a consequence of the,. ,
restricted ability of screws to cross slip. For instance the addition
of 6.6 at%Z Mo to Nb produced a six times increase in flow stress at room

temperature without any apparent change in the wavy slip traces left by

screw dislocations. ;
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7.2 Mechanisms for deformation of niobium alloys
7.2.1 Substitutional effects

7.2.1.1 Introduction

The change of flow stress on allqying,a‘pure metal is due to an
interaction between the solute .atoms and the dislocations. The possible
interactions have been established for fcc metals and to a lesser
extent ﬁor_hcp metals (Haasen (1965)). There is relatively little data
availégie on bec substitutional alloys, but some attempts have been
made to determine.the important interactions (Harris (1966), Kostorz (1969)).
Since there appear: to be no additional effects involved in bec alloys, the
mechanisms established for fcc systems have been tabulated and their
relative importance indicated for both fcc and bec substitutional alloys
(Table 1IV). 7

The table shows that in becec alloys the important interactions
are due to the size and médulus differences of the solute atom and 1
possibly also to an interaction with the dislocation core. The size and
modulus differences are "long range' effects, in that the interaction
can be overcome only by an applied stress, at least at moderate temperatures.
Therefore in the.region of To (450 - 550°K for Nb alloys) only the long
range interactiéns can produce hardening.

The core interaction is a "short range'" effect and, being.

capable of thermal activation, will be apparent only at low temperatures.

7.2.1.2 Long range interactions
The effect of the different size of the solute atom is measured

by the size misfit,S, defined as the relative change of lattice parameter



Table IV. Possible interactions between solute atoms and

dislocations in fcc and bee metals.

Range of Importance of interaction
Solute effect interaction fce bece
Size difference long moderate large
Modulus difference long large small
Core interaction short - moderate may be
moderate
Chemical interaction short moderate negligible
Short range order short small very small

Grown-in dislocation

density (indirect effect)

very small

very small

'
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on alloying:
da

1
§ =7 (32 ®
Similarly, the modulus defect, n, is defined as the relative

change in shear modulus on alloying:

du
de

1
= = 2
nu( ) (2)
The necessity for both these parameters was first recognized by
Fleischer (1961,1963). He used a model for the long range elastic

interaction between dislocations and solute atoms to derive an expression

for the critical resolved shear stress of an alloy, given by

1. .
.C /2 (3)

where ¢ is the atom fraction of‘solute
u is shear modulus
Z is a numerical constant ( = 7%5 )
€ is a misfit parameter.
Equation (3) has been found to be a good description of thé
parabolic hardeing behaviour observed in copper-base and silver—base
alloys (Haasen (1968)). To obtain the best éorrelation, the misfit
parameter combines the effect of size and modulus differences, and is
given by
e= | n" -a.6 | N

n

Inl
1+ T

and a = +3 is appropriate for an

where n' =

interaction between solute atoms and screw dislocations.
It has therefore been concluded that in Cu and Ag alloys the

hardening is produced by an elastic interaction between solute atoms
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and screw dislocations. Furthermore, the modulus‘effect produces about
75% of the total hardening. (To a first approximation, a size effect
alone does not predict any interaction with screws; the original Mott and
Nabarro (1948) theory considered only size effecté.)

The applicability of equation (3) has since been tested for bce
alloys. Harris (1966) found that in polycrystaliine Nb solid solutions,
in contrast to fcc alloys, the size misfit rather than the modulus ,
defect was the dominant factor._ Raffo and Mitchell (1968) reviewed
several single crystal studies and concluded that hardening was due. only
to the interaction of misfitting solute atoms with edge dislocations
(cf Mott and Nabarro). However this clearly cannot account for the
observed hardening in NbTa alloys, for which § is =zero.

A more recent attempt by Kostorz (1969) to correlate experimental
data with equation (3) has indicated the importance of both 8 and n,in
determining the solution hardening of bcc solid solutions. However so.
many ad hoc modifications were required for particular alloy systems, that
serious doubts must be expressed as to the applicability of the Fleischer
analysis. Although, as Kostorz suggested, it is true that much more data
on bce solid solutions is required, it also appears that correlation of
data on the lines he has attempted will become even more complicated than
at present. The following are specific criticisms of the methods |

adopted to date:

a) It is clear that hardening does not always follow a parabolic
law (NbMo, present work; TaRe, Mitchell and Raffo (1967)); therefore in

such cases correlation with equation (3) should not be attempted.
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b) In the absence of experimental data, the modulus defect is
usually calculated assuming a linear vériation of the modulus between
the pure components of an alloy showing complete solid solubility. This
could be a source Qf error, but more important is the lack of consistency
in the expressions used for the modulus.

The following table shows the differeni expressions which
have been used by various workers; there is a large discrepancy in

the value of n calculated, as an example, for NbTa alloys.

n
Harris: Youngs modulus = %11 = -0,07
Mitchell and ShHear modulus on 1 s
Raffo: © (011) in [111] = 3(C11 - C1p *+ Cuy) = 40.36
Kostorz: - Voigts average _ ( €11 - 012) 5o +0 64'
shear modulus - Bbe 2 ’

It is suggested that Voigts average shear modulus (see A,5.2)
is the best expression to use; the expression used by Mitchell and Raffo
concerns the operative slip system, which does not enter into the

calculation of the dislocation~solute interaction in the Fleischer model.

c) The Fleischer model allows variations in the misfit parameter e
depending on whether edge or screw dislocation interactions are considered
to be dominant. However if it becomes necesséry to consider different
combinations of edge and screw interactions for different alloy syétems
(Kostorz (1969)), there are then so‘many independent variables that the
model ceases to have any predictive value.

It is important to recall that the microstrain experiments on NbTa
and NbMo alloys revealed the same concentration dependence of microyield

as macroflow. Assuming that microyield represents the motion of edges



and macroflow represents the motion of screws, this is experimental
evidencé for a similar interaction df‘solute’with both edges and screws.
At present Fhere seems to be no satisfactory theory for
substitutional solution hardening in becc alloys. It is possible that
the statistical theory of alloy hafdening, which has been applied to
dispersion and precipitation hardened alloys (Kocks (1969)), could be
extended to the case of solution hardening. However the applicability of
the theory becomes incteasingly limited as the penetrability of the
obstacles to dislocation motion increases; single solute atoms represent
the most unfavourable case. Kocks hgs recognized thét the statistical
theory is not applicable to deformation by the spreading of a Luders
band, which often occurs in alloys. His theory suggests that this mode

of deformation may be a consequence of the greater mobility of screw
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dislocations so that the edges are rate~controlling. This is not supported

by the results of the present work: the formation of a Luders band -has
been shown to be a geometrical phenomenon determined by the relative
values of yield stress and work hardening rate; screw dislocations .are

rate—-controlling in both pure Nb and the alloys.

7.2.1.3 Short range interaction ,

At low temperatures as the effect of thermal activation is
reduced, a possible interaction betwéeﬂ solute atoms and the dislocation
core becomes evident. Thus solution softeping,has been observed in NbTa
alloys at 77°K and has been reported in many other bcc systems.

It has been commonly supposed that addition of solute leads to
a reduction in the Peierls stress (Mitchell and Raffo (1967)). However
it was shown in 4.2.1.2.2 that this possibiiity would still require a

minimum in the Peierls stress versus concentration curve; arguments to
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explain the effect of solute can only predict a continuous decrease in
Peierls stress (Arsenault (1967)).

Ravi‘and Gibala (1969) have presented data obtained by Koss (1969)
for the critical resol&ed shear stress of NbW single crystals at low
temperatures (Fig 46). It is possible to extrapolate the alloy curves
to zero solute, giving a value for pﬁre Nb which is very close to the
purest materials tested to date. Similar extrapolations were possible:
with the NbO single crystal alloys studied by Ra&i and Gibala. In
particular, they observed that the effect was not reversible: addition of
solute produced softening but subsequent purffication did not produce
hardening. They concluded that in both cases the softéning was due, to
association of interstitial atoms (with either substitutional solute
. atoms or.with.other interstitial atoms), leading to a reduction in the
number of barriers over which the dislocation must pass. At higher
solute concentrations the association reaction becomes saturated and
hardening occurs. 4

This counclusion is‘in agreement with the role of interstitials
already outlined in this discusssion. Possible dislocation-interstitial

interactions will be further discussed below. @

7.2.2 Interstitial effects

The importance of interstitials in Nb has become increasingly
evident during the preceeding discussions of plastic deformation. ‘The
role of interstitials has, however, also been inferred from other
experiments. In internal friction studies, a Snoek damping peak is
observed when the frequency of the stress equals the frequency at which
the interstitials jump from one site to another. Of‘particular in;erest

is the result of detailed analysis of damping curves (Gibala and Wert (1966)),
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namely that interstitial atoms in becc metals are present both as single
unassociated atoms and as clusters containing from two to four atoms.
Similar results have been obtained from direct studies in the field-ion
microscope (Nakémura and Muller (1965)). Such associations could
influence the effective interstitial content, as already suggested,

As in the case of substitutional atoms, there could be an.
interaction between dislocations and interstitials due to both the :.size
and modulus differences. However the modulusbeffect is very small;_the
size effect can be evaluated on an isotropic continuum approximation, if
it is assumed that the interstitial produces isotropic dilatation onlyv
(Cottrell and Bilby (1949)). However in actual anisotropic crystals, the
stable interstitial configuration can have tetragonal symmetr& and the
interstitial would then react with shear stresses as well as normal
stresses. An approximate elasticity calculation was performed by Cochardt
et al (1955) and was later applied by Schoeck and Seeger (1959) and:
Fleischer (1962). The large'tetragonal distortion in bcc metals is
produced by interstitials in the'(%,0,0) ocfahedral positions; a smaller
distortion is possible in the (%,%,0) tetrahedral positions. Interstitials
in the octahedral sites occupy equivalent positions, 120° apart, in the
neighbourhood of a screw dislocation. The maximum interaction energy}has
been calculated to be about the same for both edge disloeations'anq SCrews.,

In addition to interstitial interactions with.the elastic strain
fields of dislocations, interactions are also possible with the dislocation
core, where elastic calculations break down.. Atomic calculations for
possible core states are very difficult to perform; attempts have Peen
made by assuming a particular representation for .the interaction between

atoms, such as a Morse function (Doyama and Cotterill (1968).
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At low temperatures, interstitials are potent hardeners of the
hep metals Zr, Ti, and Hf in which the effect is mainly on the thermal
component of the flow stress (Tyson (1967)). Tyson found that application
of the elastic calculations of Cochardt et al resulted in an interaction
which was too small to account for the observed effects. The hardening
was concluded to be due to a short range interference by solute atoms;with
the atomic core of gliding dislocations, although no quantitative ;
description was possible.

| The situation is more complicated in bcc metals because |, .
interstitial atoms have an athermal as well as a thermal effect. Furthermore
the interaction of interstitials must be stronger with screws thaniwifh
edgés to explain the microstrain evidence. In the absence of calculations
involving the dislocation core, there exiéts no satisfactory theory at
present. However, further attempts at elastic approximations have:

revealed some interesting agreements with experimental observations: .

a) An attempt to relate the interstitial-dislocation interaction
to the cross-slip of screw dislocations has been made by Formby (1966).

Fig 47a shows a section through a [111] screw dislocationfon‘(Oli).
The possible oross—slip planes are taken to be (110) and (101). As the
dislocation moves from A to B the stress at the dislocation due to, |
impurity atoms in the three equivalent (%,0,0) positions will change.g
The actual forces will depend on the particular occupation of sites but it
can be seen that there are situations when‘fhe forces will be applied to
the dislocation in a cross-slip direction.A Formby obtained experimental
support for the mechanism of impurity-induced cross-slip from obse;vations

on cross—-slip within slip bands and from changes 4n ductility.
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b) Fig 47b shows a section through a [111] screw dislocation,
together with all the possible {011} and {112} sliﬁ planes on which
dissociation of the dislocation would be possible. Certain energetically
favourable dislocation reactions involve sessile and glissile configurations;
an example of each is shown. Using anisotropic elasticity theory, Vitek
and Kroupa (1966) calculated the probabilities for transitions
betweeen {112} and {110} blanes and found good correlation with slip
line and asymmetric critical shear stress data. However it must be
recognized that the magnitude of the dissociation is too small to admit
the existence of discrete partial dislocations.

It is conceivable that a combination of the above two approaches
could explain the impurity interaction as well as the manner of screw -
dislocation motion. However in each model, the limit of applicability
is set by the extent to which elasticity theory can be applied, since
both are concerned with localized effech in the region of the dislocation
cofe. It is rather discouraging to realize that this deficiency would

become even more pronounced in any combined approach.



8. SUMMARY AND CONCLUSIONS

a) Oriented single crystals of Nb and dilute alloys of Nb with
Mo and Ta were deformed in tension at various temperatures over a wide

range of strain sensitivities, from microyield to macroscopic failure.

b) At 295°K, a small initial yield drop was followed by a multi-
stage flow curve. Addition of Ta to Nb produced a slight parabolic
hardening effect in spite of no atomic size difference; a very large
linear hardening was produced by Mo additions. The primary slip system
and the nature of slip were found to be unaffected by alloying; the.
active slip plane was non-crystallographic and was related to the

orientation of the crystal.

c) At low temperatures or with large Mo additionms, non—uniform
deformation became évident. This behaviour, and the magnitude of the
- initial yield drop, was explained in terms of a stability criterion
relating the yield stress and true work hardening rate.

d) The NbTa alloys deformed by slip at all temperatures, although
sporadic twinning was in evidence at 77°K. At this temperature Nb was
softened by the addition of Ta. At low temperatures twinning or cleavage
failure without evidence of slip always occurred in NbMo alloys.

e) A high sensitivity microstrain technique was developed to
give the stress versus strain relation from microyield (e = 10—6) to
macroflow (¢ > 10_3). "Microyield was identified with the motion of edge
dislocation segments; at higher stresses the screws begin to move and

dislocation multiplication occurs. At macroflow, both edges and screws
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move long disﬁances through the crystal.

f) The microyield stress was found to be very semsitive to the
initial distribution of mobile dislocations. Prestraining was necessary
to eliminate the direct effect of impurities, which are believed to be

of significance even in the highest purity bcc metals tested to date.

g) The temperaturé sensitivity of micrbyield was deduced to be a
consequence of an interaction between interstitial impurities and the,
core of. edge dislocations. It is‘suggested that’the interaction with
screw dislocations is stronger and becomes saturated at very low interstitial
concentrations. The Peierls mechanism alone was found to be indaqulg of
explaining the low temperature deformation of Nb. Furthermore the low
temperature softening in NbTa alloys was also observed at microyield, and
an interstitial association effect, rather than a réduction in Pei%rls

stress upon alloying, was considered to be responsible.

h) The microstrain results indicated that the alloy effects were
fairly independent of strain sensitivity; substitutional solute had a.
similar effect on the mobility of edges and screws. Previous suggestions
that the concentration dependence of flow is a consequence of the
concentration dependencé of dislocation multiplication have been refuted.
The Fleischer analysis of solid solution hardening was found to be;
unsuccessful when applied to bcc substitutional alloy systems. A

statistical theory of alloy hardening may be more promising.

i) Two components of the internal stress field were recognized:
one component always opposes dislocation motion and is determined by the

dislocation density and solute concentration; the effect of the other
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component depends on the direction of dislocation motion and is determined
by the instantaneous distribution of mobile dislocations. Consequently
the internal stress does not have a unique value below the macroflow

stress and can itself be temperature dependent.

j) The significance of screw dislocation motion in the
deformation of bcc metals and alloys was recognized. Howeverbthe ,
distinction between a "Peierls effect” and an "impurity effect' was
considered semantic rather than basic in view of the predominance of
interstitial—disloéatioﬁ.core interactions at a point where elastiq
calculétions break down. The possible results of an exact calculation

were suggested by means of different elastic approximations.
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APPENDICES

A.l Properties of relevant bcc metals

Niobium Molybdenum  Tantalum

Atomic number 41 42 73
Atomic weight 92.9 95.9 180.9
Metallic radius (A) 1.43 1.37 1.43
Valence electrons 5 6 5
Melting point (°C) 2468 2610 2996
Vapour pressure at 2468°C (torr) 1 x 10“3 3 x 10—2 8 x 10--4
Elastic compliances at 300°C:
(x 10—12 cm2d n—l) '

¥y S;; 0.687 . 0.291 0.699
(Carroll (1965), : S1p —0.248 -0.818 -0.379
‘Featherstone and Sy, 3.41 ‘ 0.823 1.22

Neighbours (1963))

A.2 Purity of vacuum-melted niobium

The mechanical properties of the bcc metals are very sensitive to
the presence of small amounts of impurities, particularly the gaseous
interstitial elements, oxygen and nitrogen. Since analysis of these
elements becomes increasingly unreliable as their concentration is
decreased, it is useful to estimate the amounts present under given melting
conditions, by using calculations based on existing thermodynamic data.

Sieverts Law, which is a modification of Henrys Law, states
that at constant temperature the solubility of a diatomic gas in a metal

is proportional to the square root of the pressure.
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Pemsler (1961) has published data for the interaction of Nb
with O and N at temperatures near the melting point. This data is shown
in Fig 48 in the form of Sieverts Law plots. From the slopes of the lines

at 2470°C, the solubilities of O and N at a partial pressure p torr are

given by:
[0latZ = =iz p.* (1)
’ 0.45 Po, |
[N]latZ = .36 PN2 (2)

If P torr is the operating pressure in the melting chamber
(ie dynamic vacuum) and the gases are present in the proportions they

are in air, then

Py, = 0.2 P (3)
= 0.8P 4
Py, (4)
Also, since
, _ 1 |
[OlatZ = 1940 [0] ppm (5)
y = L
[N]atZz = 1530 [N]ppm (6)

substituting equations (3) and (5) in (1), and (4) and (6)
in (2), gives the amount of O and N (in wt ppm) in equilibrium with

liquid Nb at 2470°C:

1.
1730 p* 7

[0]ppm

1.
3800 P* (8)

n

[N]ppm
Equations (7) and (8) are plotted as full lines in Fig 49,
from which it can be seen, for example,that at an operating pressure

of 5 x 10_5 torr, the equilibrium concentrations of O and N are

12 and 27 ppm respectively.
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Since it is certain that the as-received Nb contained more
than this amount of O and N, the calculated figures must represent the

highest possible purity. The figures are a minimum Because, as can be

seen from Fig 48, the affinity of Nb for O and N increases at temperatures

below the melting point. Pemsler's data has also been used to calculate
the dashed curves in Fig 49, which show the amounts of O and N in
equilibrium with solid Nb at 2170°C. It is evident that contamination
of the melted Nb will occur after solidification. It is possible to
determine the magnitude of the dynamic vacuum required for purification
by high temperature annealing. For example, a pressure of less than

5 x 10—7 torr would be required to purify an alloy containing 12 ppm 0

by vacuum annealing at 2170°C.
A.3 Crystallography of slip ‘ .

A.3.1 Definitions of slip parameters
Consider a dislocation line with Burgers vector b, which can
move conservatively on a general plane of normal vector p, in a crystal

subjected to a tensile stress, J. "
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Glide motion is represented by b.p =0

Let g " = 0

o

]

and 6" b £ , as shown, where 6 + £ > 90°

in bce crystals, the Burgers vector is always of the type
<111> , so that for a particular orientation,f is fixed. The resolved
shear stress in the direction E on the plane p is given by

7(8) = g.cosf.cos&

where cosB.cosE is the Schmid

factor for that slip system.

If no assumptions are made about slip planes being
crystallographic, then the plane on which 1(6) is a maximum is of interest;
the plane é becomes the "maximum resolved shear stress plane", m . '

It corresponds to a minimum value of 6 (B8 4+ £ = 90°) which occurs wﬁen
the vectors m ¢ and b are coplanar.

On the other hand, if the observed slip traces are measured aﬁd
the direction of p is determined, then p is called the "observed slip plane",
n , and 6 has the particular value, k.

The shear stress resolved on the observed slip system is then
given by

T = g.cosk.cos§ 3
where cosk.cosf is the observed
Schmid factor, s. r
These vectors can be represented as poles on a'(001) steréographic

projection, if the tensile axis ¢ is placed within the standard triangle

. [o01] - [101] - [111]:
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Because of the symmetry of the (1I1) pole, the (112) plane is
equivalent to the (121); so it is useful to take (011) as a reference
plane. The positions of n and m can then be determined by the angles
Y and ¥ that they make with the (01ll) pole, such that

-30° < ¢,x < +30°
A.3.1 Orientation dependence

It has been found experimentally (Sestak and Zarubova (1965))
that in crystals of different orientations, the observed slip plane
(measured by ¥) does not depend on the_angle_&, but is a function only of
tﬁe position of the maximum resolved shear stress plane (measured by ¥x).
Thus the orientation dependence of the observed slip pléne can be expressed
by ¢(x) for —30°§ x < +30°?

If slip occurs on the maximum resolved shear stress plane, then

b= X
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If siip is crystallographic: on (011) then ¢ = O
(143) p = 14°
(132) p = 19°
(121) p = 30°

In the past, crystallographic slip has been reported on all
these planes (Bowen et al (1967), Milne and Smallman (1968)). However
the accuracy of the slip line determinations is never quoted, so that
whether slip is or is nét crystallographic could depend on the statistical
approach of the author.

The Oxford school (eg Foxall et al (1967)) take the observed
asymmetry of ¢ with respect to X as evidence for discrete crystallographic
slip on {112} planés. They divide the standard triangle into regionmns of

expected operation of slip systems having'{Oll} and {112} slip planes.

00l

101

Thus the enclosed areas réégeéént rééions where the Schmid
.factor for a system wigh a [111] Burgers vector on the given slip plane
is a maximum; the dotted boundary lines have équal Schmid factors on the
adjacent systems.

To allow for non-crystallographic slip, the slip systems are
here described in terms of the Burgers vector and the slip plane parameter:

[b].¥
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A.3.3 Determination of slip systems
The slip plane can be determined by measuring the angle of
inclination of the slip trace to the tensile axis (¢) at various angles

(B) around the crystal.

In the above diagram, the slip plane is represented by its
normal vector n ; C is tangential to the slip.plane at its point of
maximum inclination to ¢ ; A represents B = 0 and is normal to C and n ;
£ is fixed for a given crystal orientation.
. It is desired to determine x from a knowledge of ¢(B).
In Fig 50, the above angles are represented on a stereographic

projection with ¢ again in the standard orientation and b = [lil].z )

Z(n) represents the zone of the slip plane n , and Z(b) and
Z(g) represent the zones of b and g respectively. v
Therefore, é lies at the intersection of Z(g) and Z(n) .

lies at B from A along Z(g)

I

lies at 90° from A on Z(n) y

10

10

lies at ¢ from ¢ on Z(E) and at 90° to B

Let D * C = X, then using Napiers Rule in A DCo

1

sin(90 - ¢) = cos(90 - x).cos)

therefore, cos¢ -sink.cosA .
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Fig 50. (001) Stereographic projection showing parameters

for slip line analysis.
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Using the Cosine Rule in A DAB :
cos 90 = cosB.cos(90 - A) + sinB.sin(90 - A)cos(180 - k)
therefore, .. cosk = cotB.tan) _ (2)

Eliminating A from equations (1) and (2) gives:

.2
0K - 1+ COSZK.tanzB
2
cos ¢
+ .
therefore, cos¢ = - 80K (3)

1
(1 + coszK.tanZB)/2

j

When - 8 = 0 , cos¢ = sipK = caos(90 - k)

therefére, | ¢ = 90 -~ ¢ which is the minimum value of ¢.
When B = 90, cosd = 0

therefore, ¢ = 90
When 8 = i80, cosd = —sink = cos(90 + k)

therefore, $ = 90 + ¢ which is the maximum value of ¢.

Fig 51 shows a theéretical plbt of ¢(B) calculated from
equation (3). Any two experimental observations separated by B ~n 90°
would be sufficient to characterize the curve. 1In the case of single
slip the graphical approacﬁ is unnecessary because an X-ray observation
at known B can be used with a two-surface trace analysis to identify the
slip plane. |

However in the case of multiple slip, the cosine curves must be
fitted to the observed points. The cosine curves for each system will have
the same period, but may differ in phase and amplitude. Once the curve is
established, the operative plane is determined as for single slip.

The operative Burgers vector can be determined absolutely if the
point of disappearance of the slip lines is determined. Then D is;parallel

to b and so ¢ = £ , which identifies b for a known orientation.
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. Suitable points for ¢ ¢ B -
90 + « two-surface trace /’,,f"’~_‘_-_“\\\\
analysis ‘

90

90 - « r___,——”// -

Point of X-ray
disappearance determination
of slip lines

0 1 L _1 )
o] 920 180

- Fig 51. Plot of ¢(B) showing information required for

determination of one slip system.
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A.4 Details of microstrain testing

A.4.1 Introduction

A microstrain experiment requires an instrument which is
capable of measuring.strains less than 10-4. Some of the characteristics
of possible types of extensometer are given in the table below:

Differential Bonded Mechanical

Capacitance . .
P transformer resistance optical

Maximum strain 10—7 10—6 10—6 10—10

sensitivity (1 in.gauge)

Attachment to specimen direct indirect direct direct

Operating temperature room and room room and room’
below ‘below

Range wide wide small variable

Reversibility excellent excellent fair poor

Linearity good very good poor poor

In addition to the inherent sensitivity of the gauge; the
operating limit is determined by the mechanical, electrical and thermal
stability of the test assembly.

For testing in tension, over a range of temperature, the capacitance
extensometer was selected as being the most suitable. The differential
transformer is preferable for compression testing where direct attachment
to the specimen is not required (Meakin (1967), Bowen et al (1967)).

The capacitance technique was pioneered by Brown and his co-workers
at the University of Pennsylvania. The plate separation was deter@ined from

a direct measurement of the capacitance C which depends on plate



separation, £, according to:

This means that the output, x, varies with plate separation
according to:

dx dC 1
= o

ds dg 22
The initial gap was set to the desired sensitivity using a micro-

meter attachment on the ground plate of the capacitance extensometer

(Brown (1968)).

A.4.2 Equipment
The electronic micrometer used in this work is a commercial
apparatus which gives a direct measurement of the separation between a

\
probe and a grounded object. Thus x « & and the sensitivity, dx is

de

independent of plate separation.

The Wayne Kerr DM100B distance meter was manufactured by.the
Wayne Kerr Company Limited, New Malden, Surrey, England and consists of
a stabilized power supply, 50 kHz oscillator, high gain amplifier and.
distance metering circuit. The output from the instrument was fed into a
Wayne Kerr low pass filter, F731A; through a simple reverse voltage circuit
to the X-axis of a Honeywell model 520 X-Y recorder having a méximﬁm
sensitivity of 0.1 mV in_l. The output from the Instron load circuit

was fed directly to the other axis of the recorder. The circuit is shown

schematically in Fig 52.

A.4.3 Design of extensometer
The operation of the distance meter dependé on comparing the
test capacitance with an internal preset capacitor of value 0.35 pF.

This value defines the maximum separation of the plates of the test

135
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Time

Load Instron Instron
cell recorder chart

Load

1 . o

High Low Guard Ground

Y-axis inputs

gSpecimen Load

xtensometer Honeywell
7, — S ‘ model 520

X-Y recorder

sof
IIII

Extension

X-axis inputs

High Low Guard Ground
7 __. -

r'd “~
\ e 4

P

™ o =

Reverse
-

voltage
NEH o-tag
circuit

Wayne Kerr
DM 100 B

Distance meter ID cell
W

o« >
AN
Low '.'-“
[
pass %
filter >

Fig 52. Schematic circuit diagram for microstrain testing.
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capacitance, and is directly proportional to the area of the active
plate. The displacement sensitivity is inversely proportional to the
area 6f the plate. The acfive plate must be completely surrounded by a
guard ring, and separated from it by a thin layer of insulation to ensure
that the field is normal (or nearly so) to fhe surface of the plate. It
is possible to relax this condition and, by decreasing the area of the
active plate, increase the sehsitivity at the expense of linearity. The
instrument must then be specifically calibrated. This was the case in this
design which gave adequate sensitivity without requiring excessive signal
amplification. Detailed instructions for the design of special probes are
gi;en in the DM100B Instruction Manual, p.44.:

A section through the cylindrical e%tensometer is shown

diagrammatically below:

NN

Set screw

Body of
| gauge
: ’
. /e
»”//7

——————— ] e = | g

Double-shielded

coaxial cable

:::::f Insulation
Aitive cakill-d :::::: Guard ring
plate
Set screw -/-

Ground plate

Material: brass
Insulation: mica and epoxy resin
Area of active plate: 0.039 in2

The output from the distance meter is 0 - 1 mA at 1000 Q. The

distance meter reading, d, is in the range 0 - 10 units. The extensometer
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was calibrated using feeler gauges and the results are shown in Fig 53.
This gives d = d(f) which is the meter reading as a function of true
plate separation in thou.

100.d mV

]

The output corresponding to a meter reading d

therefore, input to recorder (100.d =~ V) mv

(where V is the reverse voltage in mV)
therefore, recorder displacement x = CEEL%—:—X)

(vhere S is recorder senmsitivity in mV in~1l)

5
therefore, recorder displacement sensitivity g%—= lg .%%

ins of chart / in displacement.
If E is the displacement represented by one small division 6f
chart ( = 0.1 in), then
dd . .
E = 8 ( T inches displacement.

This parameter has been calculated from the calibration curve

in Fig 53 and is shown for different S values in Fig 54.

Ab4 Testing

At room temperature, the microstrain tesf was performed using
a conventional inverted tensile jig, with efforts made to eliminate
draughts and vibrations. Room temperature stability was investigated prior
to each test using the time-base mode on the Y-axis of the recofder.

For use at low temperatures, a gas—cooling cryostat was gesigned
and built. The arrangement is shown schematically in Fig 55. Fig, 56 is
a photograph of the testing assembly before lowering of the cryostat.
The range of temperature operation was determined by the bath temperature.
Fine adjustment was provided by controlling both the current through the

grip heaters and the flow of cold gas, obtained by electrical heating of
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Fig 53. Distance meter reading as a function of plate separation.
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Fig 56. Test assembly for microstraining at low temperatures.

( cf Fig 55 )



143

a coil immersed in liquid N The temperature was measured by two thermo-

9"
couples near the Speéimen shoulders, and required very accurate control.
Stability was best gauged prior to testing, by monit&ring the instantaneous
stress and strain on the specimen during the operation of the Instron

stress cycling procedure.

During testing, a continuous record of load versus time was,
obtained from the Instron chart recorder. The load cell could be galibrated
on either the Insﬁron chart of the X-Y recorder (Y-axis sensitivity =
1.0 mv inch—l) and the relation between them obtained.

The alignment was established by repeatedly applying small loads
until an exactly reversible linear trace was obtained. This could really
only be done satisfactorily on specimens which had been prestrained in situ.

The procedure adopted at room temperature is indicated in an idealized

chart from the X-Y recorder in Fig 57.

A.5 Elastic constants in cubic single crystals.

In a single crystal, many elastic constants may be required
tolaefine the anisotropic elastic behaviour. The value of Youngs modulus, E,
and shear‘modulus, p, will be a different combination of the constants
for different crystal orientations and shear systems.

The particular expressions can be derived by applying the tensor

transformation law to the generalized Hookes Law equation:

(1

€ = S o
mn mnpq pg

where the repeated suffix convention is used and mnp q = 1,2,3,
This equation expresses any component of the strain tensor € in terms of
the stress tensor ¢ . The S are the "elastic compliances" and form
pq mnpq

a fourth order tensor. The tensors are referred to a right-handed set of
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0 A% of 295°K se%f
550-? A
Az 1 6o
E
. | sz
‘g 1 LERe
[\
:>|_' ¢=So
| %/
4
W %4 ¢
—‘A B C D

X-axis

A - calibration of load cell on X-Y recorder

( L = full scale load in 1bs )
B - stability test, with Y-axis on time base
C - alignment check
D - load cycling until permanent set

E - determination of flow curve

Fig 57. Idealized experimental X-Y recorder chart from

microstrain test.



orthogonal axes, chosen to correspond with symmetry axes in the crystal.
Because of the symmetry of €nn and Opq , equation (1) can be
expressed in shorter matrix form by the equation:
e, = S,, 0, (2)
where 1, j = 1...6 .
Equations (1) and (2) are equivalent provided the following,
scheme is followed when changing from tensor to matrix notation (see

Nye (1957)):

The pairs of suffixes mn become i , and pq become j according to

mn 11 22 33 23,32 13,31 12,21 rpa .
¥ ¥
i 1 2 3 4 3 6 N

1

and in addition factors of % and % are introduced into the Sij:

Smnpq = Sij (for i, j = 1, 2, 3)

—_ 1 $ o L
Smnpq = 6Sij (either i or j 45 5, 6)
. = 1 j ==
Smnpq fsij (both i and j 4, 5, 6)

The stress states of interest in this study are uniaxial tension

and pure shear, but the resulting strains can only be obtained directly

from the published Si if the stress state can be described directly by

3

the original co-ordinate frame, Xy (i=1, 2, 3).
Thus Youngs modulus in [100] is defined by i

o€

1 "1 3
E 30, S11 (3?

and the shear modulus on (001) in [010] is given by

JE

L
= 53; = Syy (4?

= |
1
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The new co-ordinate frame, §i , 1s chosen to coincide with
the direction of interest (for E) or the plane and direction of interest

(for u). The transformed tensor equation (1) becomes

€15 = Sijk1 ks (i, 3, k, =1, 2, 3)

The required §i.

ke, can be obtained from the Smnpq by applying

the tensor transformation law for fourth order tensors:

Sijkz = aim'ajn’akp'alq'smnpq (5)
where aij is the transformation matrix which relates the new
frame Ei to the old, X, . The components are defined as:
aij = ‘cos(xi xj) : | (6)
From equations (3) and (4) the required moduli are:
l —_ - Y
= = 811 = Si111 )]
E .
and 1 - - = = =
= = Syy = S3p32 + S3223 + Sp332 + 52323 (8)
u

In general, the symmetric matrix Sij has 21 independent constants,

but in the case of cubic crystals, this number is reduced to three and
S17 S12 S12 0 0 0
S12 S31 S32 O 0 0

S12 S12 S317 O 0 0

From the non-zero values of Sij we can obtain the non-zero

values of Smnpq to be used in the transformation equation (5). The

146
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Table V. Non-zero terms for use in transformation

equation (5) in the case of cubic crystals.

Non-zero Corresponding Equivalent Equivalent
i N m n p q Sij(cublc) Cij(cublc)
1 1 1 1 1 1 S11 Ci:
1 2 1 1 2 2 Sy1p Cio
1 3 i1 3 3 S12 Cio
2 1 2 2 1 1 S1o Cio

2 2 S11 C11
2 3 2.2 3 3 Sio Cio
3 1 _ 3 3 1 1 Sio. Cio
3 2 3 3 2 2. S12 Cio
3 ‘ 3 3 3 3 S11 Ci1
4 4 2 3 2 3
2 3 3 2
' %Sy y C
3 2 2 3 ”“
3 2 3 2
5 5 31 3 1
31 1 3
1 3 3 1 %Suy Cuy
1 3 1 3
6 6

YSyy Cyy

NN R
T S SR
N N
=N RN
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particular value of the S is then converted back to S,, for cubic
. mnpq ij -

crystals. These operations have been performed in Table V.

A.5.1 Youngs modulus
If the tensile axis lies in a direction z relative to the,o0ld

frame (which coincides with the tetrad axes in a cubic crystal) such that:

~

V4 X] = a
z Xo = B
z " x3 =¥y

1
B i

then the new frame is selected so that El coincides with z .

From equation (6), it follows that the components of the ith
row of the transformation matrix are the components of a unit vector along

§. relative to the x, frame. Thus a,, = x,.x, and the relevant
1 ] ' 1] 1 ]

components in this case become:

all = coso
a12 = cosB
a13 = cosy

From equations (5) and (7),

= 51111 = valm.aln.alp.alq.smnpq

=il e

The non-zero terms are obtained directly from the table by
substituting the m, n, p, q and corresponding Sij for cubic crystals.

Thus,

4 4 4
S11 ( all + al2 + 813 )

) [

2 2 2 2 2 2
+ S1o ( 2all 2., + 2a12 raj5n 2a13 851

‘ 2 2 2 2 2 2
+ %Sy ( Aall vy, + ba),"eagq * 4a13 ‘a1, )

) i
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If n is defined as an orientation factor:

n = cosza.coszs + éoszB.coszy + coszy.cosza

then the expression simplifies to:

= Sll‘.(l - 2n) + (2512‘+ Suq).r\

il |

A.5.2 Shear modulus

The shear modulus can be obtained similarly from equations (5)
and (8) once the transformation matrix is determined.

If the shear is on a plane with normal vector n in direction B ,
then the frame is selected so that x3 coincides with n and X, coincides
with B .

Again the components of the transformation matrix are given by
a,, = E"Xj , where §i and xj are unit vectors.

Consider for example, a shear on (112) in [I111] which is a

twinning shear in bcc metals:

%, = [112]
;{2 = [111]
therefore, |
1 1
ay = j& [1121.[100] = =
2y, = /%- [112].[010] = /é—
2y = /% [112].[001] = /é
1 1 1

Similarly, 8y1 T /30 899 = "/3 s 8y3 = 3

If these values are substituted in equations (5) and (8) and
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a change made to matrix notation, the resulting expression for the

shear modulus is:

= %‘ [Syy + 4(S1; - S12)])

= |

Since the transformation matrix is symmetrical with respect to

n and B , I remains the same if n and B are interchanged.

Expressions for %- for other shears in cubic crystals are:
U
¥
(001) [110] Syuy
(110) [110] 2(S11 - S12)
(111) [110] %{Squ + 4(S11 - S12)1

Similar equations to these can be obtained by expressing the

stress components o, in terms of the strain components ej

o, = C,. g, (cf equation (2))

where the Cij are the "elastic stiffness constants".

The relations between the Sij and Cij for the cubic system are

given by:
1
811 = 812 = €11 - C1a
- _ 1
S10* 22 = g,
1
Syy = Tun

It can be seen that for the shears (001) [110] and (110) [110]

1 -~
—— = u(c
ﬁ(sij)

ij)

but this is not the case for the shear (111) [110] which is of
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importance in bce deformation. Since deformation experiments apply a
particular stress and measure the resulting strains, the modulus should
be expressed in terms of Sij rather than Cij , as is usually the case

(Bowen et al (1967), Mitchell and Raffo (1967)).

A shear modulus useful for solution hardening theory is

Voigts'average:
. L L
( — )2
2844(S11 - S12)

In. the case of an isotropilc crystal (eg tungsten) or a polycrystal

there are only two independent elastic constants

E = 1 and U= 1 = 1
S11 Suy 2(S11 - S12)

and Voigts expression reduces to p .
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