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Abstract

Pipelines are used worldwide to transport oil and natural gas from their reserves to
refineries and end users. Microalloyed line pipe steels are used to build these pipelines. The
construction of pipelines involves welding pipes along the girth to join them. Welding of steels
results in microstructure changes in the heat affected zone (HAZ). The coarse grain heat affected
zone (CGHAZ), closest to the weld pool, experiences temperatures close to the melting point and
is regarded as a potential region of lower toughness.

In the present work, austenite decomposition under continuous cooling conditions has been
studied for simulated CGHAZ conditions in three different line pipe steels. Bulk samples were
heat treated in a Gleeble 3500 thermo-mechanical simulator to replicate the austenite
microstructure of the CGHAZ and subsequent cooling ranging from 3 to 100°C/s to simulate
welding processes with different heat inputs. The investigated laboratory steels had systematically
varied carbon and chromium contents. An increase in carbon content from 0.035 wt% to 0.061
wt% resulted in a reduction of the transformation start temperature by approximately 10°C at 3°C/s
to 50°C at 100°C/s cooling rate. Further on, an increase in the chromium content from a residual
amount to 0.24 wt% reduced the transformation temperature modestly by about 10°C for all
cooling rates. Microstructure characterization and hardness testing confirmed that lower
transformation temperatures are associated with finer bainitic microstructures and higher hardness
values. Based on the experimental results a phenomenological model has been proposed to predict
the transformation kinetics, microstructure and hardness as a function of cooling rate, and steel

chemistry in terms of C and Cr content.



Lay Summary

Oil and natural gas remain important resources to meet global energy requirements.
Pipelines are the safest, cost-effective, and efficient mode to transport oil and gas. The construction
of pipelines involves welding of pipe segments, which results in the steel adjacent to the weld
experiencing a rapid high temperature treatment. This leads to the formation of the heat affected
zone (HAZ), which has different structures and properties compared to the as-rolled line pipe steel.
Furthermore, different steel makers may use somewhat different steel chemistries for otherwise
the same steel grade. Therefore, it is important to evaluate the HAZ properties as a function of
steel chemistry. The present study deals with systematic laboratory simulations to determine the
effect of two important alloying elements, carbon and chromium, on HAZ structures and
properties. The knowledge gained from this work will help in designing line pipe steels with

improved HAZ properties and increased safety specifications.
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Chapter 1: Introduction

Oil and natural gas are important resources to meet the energy requirements of the world.
According to an International Energy Agency report, oil and natural gas contributed 31.4% and
22.9%, respectively, as global primary energy resource in 2018 [1]. It was also reported that the
global demand for oil and natural gas is projected to increase by 9% and 36%, respectively, by
2040 [2]. Natural gas and crude oil amounted to 24.1% and 32.4%, respectively, of the primary
energy source in Canada and together contributed 5.6% to the Canadian GDP in 2018 [3].

One of the major challenges is transportation of oil and gas from the reserves to refineries,
distribution centers and the end customer. Pipelines are the safest, most cost-effective and efficient
mode of oil and gas transportation. In Canada alone, there is more than 830,000 kilometers of
pipelines, with approximately 100,000 kilometers of large-diameter transmission pipelines,
250,000 kilometers of small diameter gathering pipelines, 25,000 kilometers of feeder pipelines
and 450,000 kilometers of distribution pipelines [4]. With a continuous increase in the demand of
oil and gas, the industry is moving towards larger diameter pipelines and/or increasing the
operating pressure to have higher transmission capacities. Higher strength steels are developed to
minimize pipeline wall thickness, thereby reducing the construction cost. Microalloyed low carbon
steels are used as line pipe steels, due to a combination of high strength, toughness and good
weldability. Pipelines are frequently installed in remote and challenging regions, including the
Arctic, where they have to operate safely at extreme conditions. Therefore, it is important to design
the steel to withstand a wide variety of operating conditions without failure.

The construction of pipelines involves welding in the field to join pipes together. The

welding process heats up the steel adjacent to the weld pool to high temperature, resulting in



changes in the structure and properties of the region. This region affected by the high temperature
is called the heat affected zone (HAZ). The change in the properties of the HAZ makes it a region
with low toughness; therefore, it is crucial to understand the changes in the microstructure and
properties taking place in the HAZ. In addition, different welding processes have different thermal
paths, which may result in differences in the final properties of the HAZ.

Pipes are fabricated to meet specific strength requirements. The same grade of steel can be
achieved over a range of chemistries. Different steel producers use different alloying strategies
based on their casting and rolling capabilities, thereby introducing variability in the chemistry of
the pipeline. Typically, the alloying content in line pipe steels ranges from 0.03 to 0.1 wt% for
carbon, up to 0.3 wt% for chromium and molybdenum, 0.03 to 0.11 wt% for niobium, 0.01 to 0.02
wit% titanium, 0 to 0.1 wt% vanadium and 1.4 to 2 wt% manganese. In addition, there can be other
alloying elements, such as silicon, nickel and copper. The 2" West East Gas Pipeline project in
China used X80 grade steel with molybdenum ranging from residual to 0.25wt%, niobium between
0.095 and 0.11 wt% and carbon around 0.035 to 0.04 wt%. Manganese and silicon content were
maintained at about 1.75 wt% and 0.22 wt%, respectively [5]. The differences in chemistry may
affect the microstructural changes in the HAZ.

Welding of a pipeline is an important aspect in successfully transporting oil and gas over
long distances. As previously discussed, welding results in microstructural changes, which affect
the final mechanical properties, potentially leading to regions of lower toughness. Therefore, the
welding process, the location in the HAZ and its chemistry determine the final microstructure and
properties making it necessary to understand the effect of these parameters in order to improve the

safety of pipelines.



In the present work, a systematic study on the effect of carbon and chromium content on
microstructure and hardness in the coarse grain heat affected zone (CGHAZ) was carried out. The
CGHAZ is the HAZ region closest to the weld pool, and it experiences temperatures close to the
melting point of steel. Several researchers have shown that the CGHAZ can lead to failure due to
its low toughness and high ductile to brittle transition temperature, which provides the motivation
to carry out a systematic study into the microstructural changes occurring in this region [6-10].
This work is part of a larger ongoing project between TC Energy, Evraz NA and The University
of British Columbia which attempts to develop a chemistry-sensitive model linking microstructure

and properties in the HAZ during pipeline welding.



Chapter 2: Literature review

2.1 Line pipe steels
2.1.1 Introduction

Line pipe steels are microalloyed steels suitable for manufacturing pipelines to transport
oil and gas. These steels have lower carbon content (between 0.03 — 0.1 wt%) resulting in improved
toughness and weldability. The loss in strength due to reduction in carbon is recovered by addition
of alloying elements such as niobium, vanadium, titanium, molybdenum, and through
thermomechanical controlled processing (TMCP) which increases the strength by (a) grain size
refinement, (b) precipitation strengthening, and (c) solute solution strengthening [11-13].
Increasing the operating pressure of the pipelines can result in an increase in the amount of oil and
gas transported in a given time. This is made possible by continuous improvement in the strength
of line pipe steels. Higher strength allows fabrication of thinner pipeline walls with larger
diameters, effectively reducing the cost of construction, while increasing transportation

volume[11].

2.1.2 Classification of line pipe steels

Line pipe steels are classified based on their yield strength according to the American
Petroleum Institute (API) standard. For example, line pipe steel referred to as AP1 X80 indicates a
minimum required yield strength of 80 ksi (kilo-pounds per square inch). The first microalloyed
X52 steel introduced in 1953 was vanadium strengthened. There has been a continuous
improvement in the strength from 52 ksi in 1950 to 120 ksi presently [14]. X70 and X80 grade line
pipe steels are still predominantly used in pipeline construction, and X65 grade is used in sour

service, whereas X100 grade and above are in development phase [15,16]. The third West-East



Gas Pipeline in China, completed recently, used X90 steel for some sections. Advancements in
microalloying, improvements in thermomechanical controlled processing, reduction of carbon
content, as well as developments in the field of welding, have led to the improvement in properties
of line pipe steels and their potential commercial application [17].

The microstructure of initial grades, X52 and X65, consisted of polygonal ferrite and
pearlite, resulting in limited strength [18]. Improved microalloying strategy combined with
thermomechanical controlled processing resulted in improvement in strength and toughness in X70
steel due to grain refined non-polygonal irregular ferritic or bainite microstructure [19]. Further
advancement in rolling with accelerated cooling led to X80 steel, consisting of fine-grained
irregular ferrite or bainite with randomly distributed martensite/austenite (M/A) islands and other
precipitates [19,20]. X100 and higher grade line pipe steels consist of highly dislocated bainitic or
acicular ferritic microstructures with M/A islands, which provide the increase in strength [19-22].
Grade X100 and above are susceptible to brittle fracture in addition to potential undetectable strain-

aging during service, and these problems have prevented their commercial application [23-26].

2.1.3 Overview of line pipe steel chemistry

The properties of steel for structural application, such as strength and toughness, can be
improved by developments in processing, as is the case in TMCP, or by suitable alloying. Alloying
in combination with the processing can increase strength by grain refinement, precipitation
strengthening or solid solution strengthening [11]. In addition to increasing strength, the steel has
to be designed to facilitate fabrication and weldability.

Carbon exists in steel either in solid solution or as precipitates. It occupies the octahedral

interstitial sites and provides significant solid solution strengthening. Carbon also forms brittle



carbide precipitates which hamper the toughness [27]. This results in a need to find an optimum
carbon content to achieve acceptable compromise between strength and toughness. Modern line
pipe steels have a low carbon content in the range of 0.03 to 0.1 wt% in order to improve the
weldability and low temperature fracture toughness [28]. Weldability may be improved by
maintaining the carbon content close to the lower limit of 0.03wt%. However, it is important to
systematically examine the implication of varying the carbon content on the microstructure and
properties of the line pipe steel. This provides the motivation to study the effect of carbon content
on the microstructure and properties upon welding.

The effect of other alloying elements on the weldability is defined by the carbon equivalent
of the steel. For low carbon steel containing less than 0.18 wt% carbon, Ito and Bessyo [29]

proposed carbon equivalent in weight % as:

CE_C+V+M0+Si+Cr+Cu+Mn+Ni+SB .
- 10 15 30 20 60 2D

This demonstrates that other alloying elements also affect the weldability, but the effect of carbon
is the most pronounced amongst commonly used alloying elements and signifies the need to have
low carbon content in the line pipe steel. This equation is valid for boron content less than 0.005
wt%.

Austenite decomposes upon cooling to different daughter products such as ferrite, pearlite,
bainite and martensite. The alloying elements present in the steel affect this transformation
behaviour. For equilibrium transformation, alloying elements such as carbon, manganese, nickel
and cobalt decrease the austenite to ferrite transformation temperature. These elements are referred
to as austenite stabilizers. On the other hand, ferrite stabilizers are alloying elements such as
molybdenum, vanadium, niobium or silicon, which increase the austenite to ferrite transformation

temperature. However, during continuous cooling, alloying elements such as niobium,



molybdenum, etc., decrease the transformation rate, thereby reducing the austenite to ferrite
transformation temperature significantly. They can segregate to austenite grain boundaries,
lowering their energy, thereby delaying nucleation of new phases. In solution, alloying element
such as niobium causes solute drag on the interface, thereby reducing the mobility of the interface
[30]. These kinetic factors result in lowering of the austenite to ferrite transformation temperature
during continuous cooling transformation, promoting formation of bainitic or martensitic
structures.

Niobium is an important microalloying element added to line pipe steel to retard
recrystallization of austenite and grain growth during hot rolling of slabs. The mechanism involved
is reduction of interface mobility due to the solute drag effect and Zener pinning of the boundaries.
This results in pancaking of the austenite grains, which provides additional nucleation sites,
thereby promoting formation of fine ferritic structure upon cooling [31]. In addition, niobium
precipitates as NbC and Nb(CN) in ferrite, providing additional precipitation
strengthening [31-33]. Niobium is typically present in the range 0.03 — 0.11 wt% in line pipe steel.

Titanium is another microalloying element added to line pipe steel. It forms TiN
precipitates, which are very stable and exist up to the melting point of steel [34,35]. The stability
of TiN limits austenite grain growth by pinning austenite grain boundaries during reheating as well
as in the heat affected zone very close to the weld pool. It is important to maintain the weight ratio
of Ti to N below 3.4 (atomic ratio below 1) to avoid formation of larger TiN precipitate. Large
TiN precipitates above 500 nm act as crack initiation sites and also result in loss of Zener pinning
due to reduction in TiN distribution density [36].

Vanadium forms almost no precipitates in austenite and is available for precipitate

formation during and after the austenite to ferrite transformation. Depending on the rolling



schedule and chemical composition of the steel, V(C,N) precipitates form in ferrite and provide
significant precipitation strengthening [11,37,38]. Microalloying elements are also added in
combination, leading to Nb-Ti or Nb-Ti-V line pipe steel. These microalloying elements, in
addition to elements like molybdenum, form complex precipitates with different morphologies and
dimensions and have potential advantages due to the interaction between the alloying
elements[11,35,38].

Molybdenum is known to suppress the austenite to ferrite transformation temperature,
resulting in formation of irregular ferritic or bainitic microstructure [39,40]. The addition of Mo
also promotes finer Nb(C,N) precipitates in ferrite, resulting in greater precipitation strengthening
[41]. Manganese is an austenite stabilizer, provides solid solution strengthening and increases
hardenability. Manganese forms manganese sulphide, thereby preventing iron sulphide inclusions
which can cause hot shortness and hamper the toughness [27].

Chromium is a carbide former which contributes to the strength of the steel. Chromium
also introduces solute drag effect, which delays austenite decomposition [42]. It is an important
alloying element added to improve the corrosion resistance of steel. However, there is scarcity of
a systematic study on the effect of chromium content on continuous cooling austenite

decomposition of line pipe steel.

2.1.4 Welding of line pipe steel

The microstructure of line pipe steel is tailored by carefully designed TMCP. Refined
microstructure and desirable precipitate state are obtained via TMCP, resulting in superior
mechanical properties [43]. These coils or plates of steel produced by TMCP go through a pipe

forming process where they are welded spirally or longitudinally, usually by a submerged arc



welding (SAW) process [44,45]. These pipes are then transported to the construction site where
they are joined end to end along the girth, commonly using gas metal arc welding (GMAW). The
welding processes create a heat affected zone (HAZ) close to the fusion line, which experiences
high temperature, resulting in changes in the microstructure and properties in the affected region.

The SAW process has a high heat input, resulting in a larger HAZ and slower cooling rates.
For SAW, Kulakov [46] experimentally found that the average cooling rate is approximately 5°C/s
in the temperature range 800°C to 500°C, which is the relevant temperature range for austenite
decomposition. The advantage of SAW is its high weld deposit rate, making it a more productive
welding route. The high heat input associated with SAW results in a large HAZ, with potentially
detrimental microstructure development, leading to softening of the region or a reduction in
toughness[47-49].

GMAW on the other hand has relatively low heat input, resulting in a smaller HAZ and
faster cooling rate. GMAW is generally carried out by a single torch to deposit weld metal, with
an inert gas surrounding the arc to stabilize the arc and prevent oxidation. There have been
developments in the field of GMAW to increase the productivity. Dual torch GMAW uses a second
torch closely following the first to increase the weld deposit rate [47]. Tandem GMAW uses a dual
feed wire in a single torch to increase productivity [50]. Gaudet [51] measured the average cooling
rate to be approximately 50°C/s for cooling from 800 to 500°C in the case of GMAW.

There have been other advances in welding processes like laser welding, forge welding,
induction welding and resistance welding [52]. All these processes have different heat input and
scale of operation, resulting in varied extent of the HAZ and cooling rates. This variability in the
welding processes can lead to very different microstructures. A model targeted at predicting

microstructural evolution of the HAZ should consider the wide spectrum of heat input, which in



turn means a range of cooling rates. The next section discusses more about the heat affected zone

developed as a result of welding of line pipe steel.

2.2 The heat affected zone
2.2.1 HAZ formation

Welding is a necessary process that pipelines undergo. This results in molten metal in the
fusion zone and high temperature experienced by the metal adjacent to the fusion line. The
extremely high temperature experienced by steel results in microstructural changes and the region
is called the heat affected zone. Microstructural changes and the extent of the HAZ depends on the
steel chemistry and the welding heat input. The peak temperature and cooling rate at a specific
location in the HAZ determine the extent of precipitate dissolution and grain growth, which in turn
determine the microstructure upon cooling [35,53,54]. This results in a graded microstructure in
the HAZ on moving away from the fusion line. During a single pass weld, the HAZ has four
distinct regions shown schematically in Figure 2.1. As one moves away from the fusion line, these
regions are the coarse grain heat affected zone (CGHAZ), the fine grain heat affected zone
(FGHAZ), the intercritical heat affected zone (ICHAZ) and the subcritical heat affected zone

(SCHAZ)[50].
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Figure 2.1: Schematic showing the different regions in the HAZ and the associated peak
temperature during single torch weld pass, adapted from [50]

The region closest to the fusion line experiences very high temperature, leading to complete
austenite formation, coarsening and dissolution of niobium precipitates, i.e. NoC and Nb(C,N),
resulting in significant austenite grain growth, hence the name CGHAZ. TiN particles remain
stable up to the melting temperature, controlling the limiting grain size in the CGHAZ by Zener
pinning [34]. Coarse austenite grains promote formation of low temperature transformation
products such as bainite along with martensite/austenite (M/A) constituents, which can be
detrimental to the toughness of the weld region [8-10,54]. The next region in the HAZ is the
FGHAZ which undergoes complete austenitization but experiences lower peak temperature. This
leads to limited austenite grain growth and precipitate dissolution. The ICHAZ undergoes partial
austenitization due to lower peak temperature, resulting in carbon-rich austenite, which promotes
the formation of martensite/austenite constituents on cooling and can be detrimental to the

toughness. The SCHAZ is furthest from the fusion line where the peak temperature lies in the
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ferrite field, resulting in no phase transformation. The microstructure in this region is tempered
and coarsening of carbides may occur.

Multi-pass welding leads to a more complex microstructure distribution due to interaction
between the HAZ of the different passes. Figure 2.2 shows a schematic of the microstructure in
the HAZ of a dual pass weld [55]. In addition to the four zones discussed above, other regions of
interest, like the intercritically reheated CGHAZ (ICCGHAZ) develop due to the combined effect
of the passes. When the CGHAZ of the first pass experiences the intercritical temperature in the
second pass, M/A constituents can form along the prior austenite grain boundaries upon cooling.

The ICCGHAZ is a potential region of fracture and failure in the weld [10,56].

Unaltered
Coarse Grain HAZ
(U CGHAZ)
Second
Weld Bead

s Supercritically Reheated
Coarse Grain HAZ
(SCGHAZ)

Intercritically Reheated
Coarse Grain HAZ
(ICCGHAZ)

Initial
Weld Bead

Subcritically Reheated
Coarse Grain HAZ
(SCCGHAZ)

Figure 2.2: Schematic showing the microstructure and thermal cycle during multipass

welds, adapted from [55]
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2.2.2 Relevance of the coarse grain heat affected zone

The CGHAZ lies adjacent to the fusion line and experiences extreme temperature close to
the melting point of steel. This causes dissolution of most precipitates and significant grain growth
of the austenite grains [57,58]. The austenite decomposition product depends on the chemistry,
including the amount of alloying elements like niobium, molybdenum, carbon and titanium, and
their state (precipitate or in solution), the heat input of weld which determines the cooling rate,
and the prior austenite grain size. Depending on the aforementioned parameters, the decomposition
products in the CGHAZ for X70 and X80 line pipe steels are generally found to be irregular ferrite
or bainite [6,10,40,58-62]. In addition, M/A particles form with different amounts and
morphologies as explained later in section 2.3.5. Polygonal ferrite, pearlite and martensite are not
commonly observed in X70/X80 CGHAZ for heat input relevant to pipeline welding.

Several researchers have shown that the microstructure in CGHAZ can lead to failure due
to low toughness and high ductile to brittle transition temperature [6-8,10,63]. Multiple studies
suggest that the M/A constituent deteriorate toughness by acting as cleavage crack nucleation sites
and facilitating debonding [64—66]. Some other researchers have presented results suggesting that
M/A does not always hamper toughness and the morphology of M/A determines its effect on
toughness[6,67]. Yang et al. [67] reported islands of M/A in CGHAZ arrest cracks and improve
toughness, whereas coarse stringers or massive M/A constituents can crack and debond from the
matrix, leading to reduction in toughness. Furthermore, it has been reported that faster cooling
rates result in an increase in the density of high angle grain boundaries, which act as obstacles to
crack propagation, thereby improving the toughness [7,10].

Zhu et al. [61] examined the influence of heat input on the microstructure of the CGHAZ

in X80 steel. The microstructure consisted of completely bainitic ferrite and a small amount of
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M/A constituent at a heat input of 0.8 kJ/mm (tgs = 4.4s). On increasing the heat input to
1.7 kd/mm (tgs = 18.4s), the microstructure consisted of granular bainite and M/A. At even higher
heat input of 2.5 kJ/mm (tgs = 38.6s) and 3.5 kd/mm (tgs = 76.6s), the microstructure was
predominantly granular bainite with M/A constituents and a small amount of polygonal ferrite.
The hardness decreased from about 255 Hv to 210 Hv as heat input increased from 0.8 to 2.5
kJ/mm, and remained around 210 Hv for higher heat inputs. Similarly, Miao et al. [68] reported
that an increase in heat input from 1.6 to 5.8 kJ/mm resulted in a transition from lower bainite with
greater high angle grain boundary (HAGB) density to granular bainite with reduced HAGBSs in the
CGHAZ of X80 steel with 0.1 wt% Nb. The morphology and distribution of M/A constituent was
described qualitatively. The M/A was fine and more uniformly distributed at heat input less than
3kJ/mm, whereas islands of coarse M/A constituents were observed at higher heat input. The
impact toughness at -20°C decreased from about 270 to 30 J on increasing the heat input from 1.6
to 5.8 kJ/mm.

In a recent study, Singh et al. [69] looked into continuous cooling in the CGHAZ of an
X80 grade steel with a cooling rate ranging from 3 to 100°C/s. The dominant transformation
products for all cooling rates were bainite with some M/A constituent. At cooling rates below
5°C/s, some ferrite and pearlite were observed in addition to bainite and M/A. The transformation
start temperature was lowered from 660 to 545°C as the cooling rate increased from 3 to 100°C/s.
Tafteh [58] reported that the transformation start temperature is suppressed from 600 to 550°C on
increasing the cooling rate from 3 to 100°C/s for an X80 steel with 0.06wt% carbon. The
microstructure changed from granular bainitic microstructure at 3°C/s to granular bainite with
increasing amounts of lower bainite, as cooling rate increased from 10 to 60°C/s, to completely

lower bainite at 100°C/s. Less than 2% M/A was reported at all cooling rates.
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Mandal [10] reported bainitic microstructure with M/A constituents in the CGHAZ of X80
line pipe steels. The study found that increasing the carbon content from 0.03 to 0.06wt% changed
the microstructure of simulated CGHAZ significantly, causing an increase in high angle grain
boundary density and improving the toughness. Ma et al. [70] studied the role of carbon for low
heat input girth welds on X80 grade steel and found the increase in carbon promotes transformation
at a lower temperature and a microstructure consisting of bainitic laths with a high density of high
angle misorientation boundaries in the CGHAZ. The information on the effect of chromium on
microstructure and properties in the CGHAZ is scarce. A recent study found the increase in
chromium from 0.33 to 1.02wt%, at heat input between 20 kJ/cm(~28°C/s cooling rate) and 200
kJ/cm (~2.8°C/s cooling rate), resulted in a decrease in acicular ferrite and an increase in M/A
content, resulting in a drop in impact toughness [71].

It is evident that the CGHAZ has a complex behavior due to varied microstructure
possibilities, depending on chemistry and thermal cycle. This makes the CGHAZ an important
field for further research. A systematic study into the effect of carbon and chromium content, two
important alloying elements, over a wider range of cooling rates, on the CGHAZ microstructure
using advanced microscopy can potentially provide useful insights and better understanding of the

CGHAZ.

2.3  Continuous cooling transformation of austenite
2.3.1 Polygonal ferrite and pearlite

Austenite can transform into a variety of microstructures upon cooling, depending on the
cooling rate, alloying elements and their state as precipitate or in solution, prior austenite grain

size and the state of stress in the austenite grains. Polygonal ferrite, pearlite, irregular ferrite,
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bainite or martensite are the possible microstructures which can form individually or as mixed
microstructures. It is worth mentioning that the microstructure of the CGHAZ in X70 and X80 line
pipe steels consists predominantly of bainite or irregular ferrite with some M/A constituent, as
discussed in Section 2.2.2.

Polygonal ferrite forms at high temperature when austenite is cooled at sufficiently slow
cooling rate. Ferrite nucleates at prior austenite grain boundaries and grain corners, and grows as
equiaxed ferrite grains, alternatively named polygonal ferrite [72,73]. The solubility of carbon in
ferrite is significantly lower than in austenite. Long-range diffusion of carbon atoms from the
newly formed ferrite into the austenite and the transfer of substitutional atom across the austenite-
ferrite interface controls the growth of polygonal ferrite. In low carbon steels, partitioning of
substitutional atoms at the austenite-ferrite interface may slow down the growth process
significantly [72]. As more austenite transforms into ferrite, the carbon concentration in the
remaining austenite increases due to the rejection of carbon from ferrite. Eventually the austenite
reaches the eutectoid composition and pearlite formation can take place. Pearlite contains alternate
lamella of ferrite and cementite, and its growth is controlled by carbon diffusion. As the
temperature decreases, the driving force for austenite decomposition increases but the diffusivity
of carbon decreases, resulting in finer pearlite lamella [74]. In addition, the interfacial energy
between the ferrite and the cementite also influences the interlamellar spacing. An increase in the
interfacial energy results in a coarser pearlite in order to minimize the interfacial surface area.
2.3.2 lrregular ferrite

With increasing cooling rate, the transformation temperature is pushed to a lower
temperature, and an irregular ferrite microstructure is obtained. The microstructure has an

intergranular substructure due to higher dislocation density compared to polygonal
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ferrite[39,72,75]. In addition, M/A constituents are found and their origin is suggested to be
carbon-rich triple junctions where the ferrite interfaces converge [75]. The irregular appearance is
a consequence of several factors, including the anisotropy in elastic energy and interfacial energy,
as well as the morphological instability of the austenite-ferrite interface due to partitioning of
solute atoms at the boundaries and substructure. The increase in dislocation density results in an
increased hardness in irregular ferrite compared to the polygonal structure [39]. It is worth
mentioning that there are inconsistencies with the nomenclature of ferrite phases in the literature,
with names like acicular ferrite and granular ferrite used to describe microstructure similar to an
irregular ferrite microstructure[39,72,73].
2.3.3 Bainite

Upon increasing the undercooling further, the driving force for austenite decomposition
increases, whereas the diffusivity decreases. On achieving sufficient undercooling, a lath or plate
type microstructure called bainite is obtained. There are two schools of thought about bainitic
transformation. One assumes diffusion driven transformation and the other favors displacive
transformation. According to the diffusion-controlled transformation theory, the growth of bainite
occurs with carbon diffusion and formation of carbide simultaneously during austenite
decomposition [72,76]. The second theory suggests that bainite is formed by a displacive
mechanism, followed by the partitioning of carbon, and carbide formation is a secondary step after
bainite has already formed. The carbon diffuses into inter-lath regions or precipitates within the
lath [77,78].

Irrespective of the mechanism of bainite formation, researchers have generally agreed on
classification of bainite into upper and lower bainite. Upper bainite is formed at higher

temperatures compared to lower bainite. The carbides in upper bainite form from enriched
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austenite, such that the upper bainitic ferrite itself is essentially carbide free. This results in
carbides being present between bainite laths. Since the lower bainite is formed at lower
temperatures, the diffusivity is lower, resulting in carbide precipitation within the ferrite laths, in
addition to some inter-lath carbide precipitation from enriched austenite [78]. It is also observed
that the upper bainite has a higher proportion of low angle grain boundaries, whereas lower bainite
has more high angle grain boundaries, resulting in higher strength and fracture toughness of lower
bainitic microstructures, due to crack deflection by high angle boundaries [40,80]. The
microstructure of both upper and lower bainite can appear similar under the optical microscope,
and it may be difficult to differentiate between the two. The scanning electron microscope (SEM)
and electron backscattered diffraction (EBSD) are now commonly used to characterize bainitic
microstructures. Mandal [10] in a recent work used EBSD to compute a ‘characteristic length
scale’, defined as the inverse of the high angle grain boundary density, to describe different bainitic
microstructures.
2.3.3.1 Orientation relationship (OR) between product and parent austenite

Bainitic transformation products are found to have specific orientation relationships with
the parent austenite. This relationship is described by the misorientation between the parent and
daughter lattices expressed in terms of planes and directions of the two phases [7,80,81]. Several
orientation relationships have been observed in austenite to ferrite transformation including Bain,
Pitch, Greninger-Troiano, Nishiyama-Wassermann (NW) and Kurdjumov-Sachs (KS) [67]. KS
and NW are the commonly observed orientation relationships. The KS orientation relationship
requires the <110> directions of {111} planes of the parent austenite phase to be parallel to the

<111> directions of the {110} planes of the daughter ferrite. The NW orientation relationship
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exists when the <112> directions of the {111} planes of parent austenite phase are parallel to the
<111> directions of the {110} planes of the daughter ferrite.

Based on cubic symmetry, there are 24 possible KS orientation relationships, as shown in
Table 2.1 [7,80,82]. The 24 variants are divided into four closed packed (CP) groups, with each
group having six variants sharing the same parallel relationship of closed packed planes with
austenite. The KS orientation can also be grouped into three Bain groups based on distinctive Bain
correspondence ([001],//[001],, [100],//[110],, [010],//[110],), with each Bain group
having eight possible KS orientation relationships[65]. Variants within the same Bain group are
separated by low misorientation angles, whereas regions belonging to different Bain groups are
separated by high misorientation angles.
Table 2.1: Twenty-four variants of the K-S orientation relationship and the corresponding

CP group, Bain group and misorientation (reprinted with permission from [80])

Variant no. Plane parallel Direction parallel CP group Bain group Misorientation from V1 (°)
V1 (111),//(011), [1)1] //[111]1 CP1 BI

V2 [1)1] /LT, B2 60.0
\E [)11] /L, B3 60.0
V4 [)11] //[TITL Bl 10.5
\& (11 0], //[ﬁl]l B2 60.0
\({ [t 0], //[TIT]jl B3 49.5
\ (1T1),//(011), [1OT],//[1T1], CP2 B2 49.5
V8 [l()l] /11, Bl 10.5
Vo [T 0], //[TTl]l B3 50.5
V10 [T 0], //[TIT]jl B2 50.5
Vi1 [o11], //[TTI]jl BI 14.9
Vi2 [011], //[TlT]l B3 57.2
V13 lll) //(011), [()11] /L, CP3 BI 149
V14 o1 1], //[TIT]jl B3 50.5
V15 [l()l] //[TTI]jl B2 57.2
V16 [l()l] //[TIT]jl BI 20.6
V17 [L10], //[TTI]jl B3 51.7
V18 [L10], //[TIT]jl B2 47.1
V19 (111),//(011), [L10],//[111], CP4 B3 50.5
V20 [110],//[111], B2 57.2
V21 o1 1] //[TTI]jl BI 20.6
V22 I 1()] //[Tlﬂjl B3 47.1
V23 [1o1], //[ﬁl]jl B2 57.2
V24 [1o1], //[Tl la BI 21.1
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During austenite decomposition to bainite, variant pairs belonging to the same Bain group
are separated by low angle grain boundaries, whereas variant pairs belonging to different Bain
groups are separated by high angle grain boundaries. The strain induced during bainite formation
can be accommodated either by the plastic deformation of austenite or by the formation of variant
pairing which favors self-accommodation of the strain [80,115]. At high temperature
transformation, the softer austenite can accommodate transformation strain by deforming.
Therefore, at high temperature, low misorientation angle variant pair like V1/V4 or V1/VV8 which
belong to the same Bain group are preferred, as shown in Figure 2.3a. This results in coarse regions
of a Bain group [80]. As the transformation temperature decreases, accommodation of plastic strain
becomes increasingly difficult due to an increase in the flow stress of austenite. Under such
condition, variant pairs like V1/V2, which favor self-accommodation of strain are formed,

resulting in type Il microstructure as shown in Figure 2.3b [80].

(@) Typel (b) Typel () Typem
V1/V8or V4 V1/V2 pair V1 /V4 pair

// pair

£

Prior y grain boundary

Figure 2.3: Schematics showing the variant pairing within a prior austenite grain
indicating frequently occurring variant pair (a) Bainite formed at high temperature (b)
bainite formed at intermediate temperature (c) lath martensite formed at low temperature,
each color represent a single Bain group, white and black line represent low and high angle

grain boundaries respectively (reprinted with permission from [80])
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On lowering the transformation temperature below the martensite start temperature, type
Il martensitic microstructure is obtained. Similar to type Il, same CP group variants form adjacent
to each other. However, within a single CP group, sub-blocks of different variants belonging to
the same Bain group form [80].
2.3.4 Martensite

At temperatures below the martensite start temperature, sufficient driving force is available
for displacive transformation of austenite into martensite. Martensite has a body centered
tetragonal (BCT) structure. This change in structure from face centered cubic (FCC) to BCT
introduces shear as well as an increase in the volume. The morphology of martensite depends on
the chemistry, especially the carbon content. Generally, in low carbon steels, the transformation
product appears as lath. Each lath is a result of homogeneous shear, and a bunch of parallel laths
form a packet containing high dislocation density. Several packets exist within a single prior
austenite grain as seen in Figure 2.3(c). Most of the laths are submicron in width, and the fine
structures have very high dislocation density [83]. Plate martensite is observed in the case of
carbon rich steel, commonly greater than 1 wt% carbon and is characterized by non-parallel plates.
The plates which are first formed normally traverse through the prior austenite grain, thereby
limiting the length of subsequent plates, leading to a range of plate size. A consequence of
impingement of non-parallel plates is the development of microcracks within the large plates. The
substructure of plate martensite constitutes micron-sized deformation twins or dislocation arrays
[83,84].
2.3.5 Martensite/Austenite constituent (M/A)

During austenite decomposition to ferrite or bainite, carbon is rejected into austenite,

causing carbon enrichment and stabilization of the austenite. This can result in some austenite
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retained at room temperature and some of it partially transformed to martensite on cooling below
the martensite start temperature, forming M/A constituent. The literature suggests that the
morphology and amount of M/A depend on multiple factors, including but not limited to the
cooling rate, chemistry and transformation temperature. Wang and Yang [85] demonstrated that
an increase in the austenite stabilizer content resulted in a greater M/A fraction. In an X80 steel,
Reichert [40] found that low temperature bainitic transformation below 550 °C resulted in less
than 3% MJ/A constituent, whereas transformation around ~580 — 600 °C resulted in 12% M/A.
The morphology consisted of elongated particles with an aspect ratio of ~3 at the grain boundary,
while the grain interior had relatively spherical M/A particles. For the same steel, Mandal[10]
reported M/A fraction less than 3.5% for transformation temperature below 560°C, whereas a
maximum of 6.5% was reported for transformation starting at 585°C. Li et al. [6] found that an
increase in cooling rate results in the change of M/A morphology from massive blocky shape to

elongated rods in the CGHAZ.

2.4 Microstructure modelling

The experimental results for austenite decomposition have been previously described using
phenomenological models. A way to describe isothermal kinetics of phase transformation was
proposed by Johnson and Mehl [86], Avrami [87] and Kolmogorov [88], and is known as the
JMAK or Avrami relation:

f=1-exp(—pt") (2.2)

where f is the fraction transformed at any given time t, 8 is a temperature dependent rate parameter
and n is the JIMAK exponent which depends on the growth geometry and nucleation condition. In

practice, the values of n and S are empirically determined. The principle of additivity can be
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applied to describe the decomposition Kinetics during continuous cooling, if it is an isokinetic
reaction [89]. A process is isokinetic when the rate of transformation can be expressed as a product
of two separate functions; one dependent on the fraction transformed and the other on the
temperature only [89,90]. The differential form of IMAK, as expressed in the following equation,

satisfies the criteria for additivity if n is a constant and f is a function of temperature:
n-1
T -0 (p=s) 23)

Militzer et al. [91,92] presented a microstructure model to describe austenite
decomposition to ferrite for HSLA steel accounting for different cooling rates, prior austenite grain
size and retained strain. The transformation start was modelled using carbon diffusion-controlled
growth of ferrite nucleated at austenite grain corners. Ferrite nucleation was presumed to stop once
a critical carbon concentration was reached in the entire grain boundary area, and this condition
was considered to represent the measurable transformation start temperature (e.g. 5%
transformed). The growth of ferrite was modelled using the IMAK model with additivity. In a later
work [93] the transformation start temperature model was expanded to include the solute drag
effect due to niobium.

The austenite decomposition can result in different transformation products such as ferrite,
pearlite, bainite and martensite; therefore, they can be modelled to occur either simultaneously[94]
or sequentially [95-97]. Generally, there is little overlap between different product formation,
making the sequential approach more attractive due to its ease of formulation using individual
JMAK models for each product separated by suitable transition conditions. Militzer et al. [98]
extended their previous work [93] to include austenite decomposition into bainite. The work was

divided into five sub-models including ferrite start temperature, ferrite growth, bainite start
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temperature, bainite growth and M/A fraction. The ferrite start temperature and ferrite growth were
based on previous work [93] as discussed above. The bainite start model proposed in this work
used empirically determined parameters and thermodynamically calculated bainite nucleation
temperatures based on a critical driving pressure as proposed by Bhadeshia [78]. The proposed
bainite growth model used JMAK with additivity. A model to describe the continuous cooling
decomposition of vanadium microalloyed steel using JMAK with additivity was also presented by
Azghandi[97]. The model had sequential sub-models on ferrite start temperature, ferrite growth,
pearlite start temperature, pearlite growth, bainite start temperature, bainite growth and martensite
start temperature.

Jia et al. [99] presented a new modelling method for continuous cooling transformation
when the JMAK rate parameter is not only a function of temperature but also a function of the
fraction transformed. This work presented a numerical approach to find the JMAK exponent and
express the rate parameter as a product of one function solely dependent on temperature and
another function dependent on the fraction transformed. Using this method, the ferrite
transformation in a TRIP steel and the bainite transformation in a CP steel during continuous
cooling was successfully described.

The JMAK based growth models are empirical models where the rate parameter and the
JMAK exponent are fit parameters without physical meaning. There has been work towards the
development of physical models to describe austenite decomposition. Vandermeer [100]
developed a grain boundary nucleated, long range diffusion-controlled growth model to describe
the austenite decomposition into pro-eutectoid polygonal ferrite in Fe-C. This model successfully
captured the effect of temperature, overall carbon concentration, prior austenite grain size and

carbon buildup within austenite grains. Models based on long range carbon diffusion are effective
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when the interface mobility is sufficiently high. However, when the mobility of the austenite-
ferrite interface is low, the diffusion-based model predicts transformation rates that are too high.
The mixed-mode model was thus proposed to account for interface mobility as well as carbon
diffusion.

Krielaart et al. [101] presented a mixed-mode model that takes into account the non-
equilibrium condition at the moving austenite-ferrite interface during austenite decomposition in
a binary Fe-C alloy. The migration of the austenite-ferrite interface is driven by the chemical
potential difference between the austenitic and ferritic lattice across the interface. This model looks
into the effect of grain size, carbon concentration and temperature on the interface migration
behavior. The interface mobility is described by an Arrhenius-type temperature dependent

equation:

M =M, exp - If_T) (2.4)

with two fit parameters M, and E, where, M, is a pre-exponent factor and E is activation energy.
The model was able to reasonably reproduce the thickening and lengthening of ferrite particles,
both in diffusion-controlled and interface-controlled transformation regimes. Kop et al. [102]
developed a mixed-mode model for austenite to ferrite transformation, taking into account
interface mobility, austenite grain size, composition effects and nucleus density. This model was
able to adequately reproduce the transformation rates for three low C - Mn steels over a wide range
of cooling rates between 0.05 to 60°C/s. Fazeli and Militzer [103] presented a physically based
mixed-mode model for low carbon steel, applicable to industrial heat-treatment conditions. This
model accounted for carbon diffusion, partitioning of alloying elements and solute drag due to
solute elements. The model satisfactorily replicated ferrite growth for a C-Mn steel and two

multiphase steels.

25



Another mixed-mode model was developed by Sietsma and Van der Zwaag [104], where
the author introduced a single parameter Z to describe the transformation kinetics. Z is expressed
as:

P D A“
- MyVv«

(2.5)

where, D is diffusivity of partitioning element, M is the interface mobility, y is a thermodynamic
parameter describing the driving pressure per unit of concentration difference, A% is the area of
the newly growing ferrite grain and V¢ is the volume of the growing ferrite grain. Z tends to zero
for diffusion-controlled and to infinity for interface-controlled transformation. Decomposition of
Fe-C steel with very low carbon content is not necessarily diffusion-controlled. For very low
carbon steel transformation starts as interface-controlled transformation, however, as the
transformation progress, it moves towards diffusion-controlled transformation. This effect is
captured by the model, as the value of Z changes from a very large value at start of transformation
due to large A%/ V%, to a smaller value as the ferrite phase starts to grow. Toloui [105] developed
a phase field model coupled with carbon diffusion and interface mobility to describe austenite

decomposition in X80 line pipe steel. This model accounted for thermal and microstructural

gradients, and the results were validated with observations made from a weld trial.
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Chapter 3: Scope and Objectives

Pipelines are joined together by welding, which results in a heat affected zone adjacent to
the weld pool, thereby causing microstructural changes. The coarse grain heat affected zone, which
is closest to the fusion line, has been identified as a potential region of failure in the literature.

The objective of this work is to use laboratory simulations to develop a model that accounts
for the role of carbon and chromium on CGHAZ microstructure and hardness of X80 line pipe
steel. The overall goal of this project is sub-divided into the following sub-objectives:

1. To quantify the effect of cooling rate, carbon content and chromium content on the continuous
cooling austenite decomposition kinetics in the CGHAZ.

2. To quantify the microstructure obtained after austenite decomposition using optical
microscopy and the advanced electron backscattered diffraction technique.

3. To measure the hardness of the decomposition products and quantitatively link it to the
microstructural features to establish a structure-property relationship.

4. To expand an existing phenomenological austenite decomposition model to include the effect
of carbon and chromium content on (a) bainite start temperature and (b) bainite growth kinetics

for different cooling rates.
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Chapter 4: Materials and experimental methodology

4.1  Materials

The steels used in this study are laboratory steels which were cast and hot rolled at
CanmetMATERIALS in Hamilton, ON. The chemistries are shown in Table 4.1 and were tailored
to study the effect of carbon and chromium on austenite decomposition for CGHAZ conditions,
typical for X80 grade line pipe steel. The Aes temperatures for the steels were calculated using
Thermo-Calc (TCFE7 database) and are reported in Table 4.1. It can be seen that the Aez is very
close for all three steels. Note that the addition of chromium results in slight dip in Aes temperature.
Chromium is typically considered as a ferrite stabilizer, but at low chromium content reduces the
Aes temperature[106-109]. The steels are named as shown in Table 4.1. The nomenclature of one
of the steels, L0O4CO8NbMo is explained here; ‘L’ indicates laboratory cast steel, 04C and 08Nb
indicate approximately 0.04 wt% carbon and 0.08wt% niobium respectively, whereas Mo indicates
presence of molybdenum.

Table 4.1: Chemical composition in wt. % and Aes temperature of the investigated steels
Steel C Cr Nb Mo Mn Ti N Si Al Aes

L04C08NbMo 0.035 0.023 0.080 0.250 1.72 0.015 0.0055 0.25 0.024 | 854°C

LO4CO8NbMoCr 0.035 0.240 0.083 0.250 1.76 0.014 0.0058 0.26 0.016 | 849°C

LO6CO6NbMo 0.061 - 0.063 0.250 1.63 0.018 0.0055 0.26 0.044 | 851°C

All three steels have similar levels of Mo, Mn and Si, and similar Ti/N ratio. Steel
LO4C08NbMo and LO4CO8NbMoCr have different amounts of chromium with other alloying
elements essentially the same, so they were compared to evaluate the effect of chromium on
austenite decomposition. LO4CO8NbMo and LO6CO6NbMo vary in carbon content and were

compared to study the effect of carbon. It is worth noting that the niobium level varies in these two
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steels, but Isasti [110] reported that an increase in niobium from 0.03wt% to 0.06wt% resulted in
little variation on austenite decomposition kinetics. This suggests any further increase in niobium
may have little effect on austenite decomposition kinetics, if any. Therefore, it is assumed in the
present work that any change in austenite decomposition behaviour between L04C08NbMo and

LO6CO6NbMo may be attributed to a change in carbon content.

4.2  Continuous cooling transformation tests
4.2.1 Thermal simulations

Continuous cooling transformation (CCT) tests were carried out to study the effect of
cooling rate and carbon and chromium content on the austenite decomposition kinetics. The focus
of this study is the austenite decomposition behaviour in the CGHAZ. Thus, heat treatments were
conducted to bring Nb into solution and to produce a prior austenite grain size (PAGS) of 80um,
typically observed in the CGHAZ [58]. CCT tests were carried out in a Gleeble™ 3500
thermomechanical simulator to simulate the CGHAZ microstructure. It can be programmed to
undergo thermal cycles with rapid heating rates, isothermal holding at high temperatures and rapid
cooling using either gas or water quenching. Tests were carried out under high vacuum
(~2 x 107 torr). Copper jaws remove heat from the sample by conduction, which is sufficient to
maintain 3°C/s cooling rate under vacuum, without the need of helium quench, whereas faster
cooling rates need helium quench to maintain the cooling rates. Figure 4.1 shows the setup used
for the CCT tests in the Gleeble.

Tubular samples with 8 mm outer diameter, 1 mm wall thickness and 20 mm length, as
shown in Figure 4.2, were used to facilitate uniform high cooling rates. Helium was purged through

the tube to extract heat and provide fast and uniform cooling.
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Figure 4.2: Tubular sample geometry used for Gleeble simulation (a) front view (b) side
view
Temperature was measured using a K-type thermocouple spot welded at the centre of the
sample. The recorded temperature provides feedback to the Gleeble to alter the current in order to
maintain the programmed thermal cycle. The Gleeble uses resistance heating to heat the sample;

therefore, the heat input can be modified by changing the current supplied through the sample.
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4.2.2 Thermal cycles

Thermal cycles were designed to study the effect of carbon, chromium and cooling rate on
austenite decomposition in the CGHAZ. Previous work has shown that the cooling rate varies
significantly depending on the welding procedure. Kulakov [46] and Gaudet [51] reported that the
cooling rates from 800 to 500°C during submerged arc welding (SAW) and gas metal arc welding
(GMAW) is approximately 5°C/s and 50°C/s, respectively. In order to model the complete
spectrum of welding scenarios, cooling rates of 3, 5, 10, 30, 50 and 100°C/s were the selected.

Figure 4.3 shows the thermal cycle designed for this study. The samples were heated at
50°C/s to 1300°C, where they were isothermally held for 20s, 12s and 12s for LO4C08NbMo,
LO4C08NbMoCr and LO6CO6NbMo, respectively. Grain growth studies based on LUMet by
Romualdi [57] on the three steels showed that the aforementioned hold times at 1300°C result in
Nb in solution and a prior austenite grain size of 80um, typical for the CGHAZ[58]. The sample
was then cooled to 900°C at 20°C/s under vacuum. It was observed that cooling to 900°C under
vacuum resulted in less that 20um decarburization. Below 900°C, the sample was cooled to room
temperature at varying cooling rates. The cooling rate of 3°C/s was attained under vacuum, but
faster cooling rates required quenching by helium. Cooling rates of 50°C/s and 100°C/s were not

maintained once the transformation started due to the heat of transformation.

31



Temperature 4

1300°C

900=C

3-100°C/s

P
L

Time

Figure 4.3: Schematic of thermal cycle to simulate austenite decomposition in CGHAZ

4.2.3 Dilatometry
The molar volume of austenite and the decomposition products are different, which results

in volume change during austenite decomposition. This change in volume results in a change in

dimension of the sample and is measured by a contact dilatometer. As shown in Figure 4.1, the

dilatometer is placed at the centre of the sample on the same cross-section where the thermocouple

is spot welded. Figure 4.4 shows an example of the dilation data obtained during the cooling of

the sample, where the relative change of diameter is plotted against temperature. The relative

change in diameter is calculated by normalizing the change in diameter measured by dilatometer

with respect to the initial diameter, 8mm. The curve can be divided into two linear segments, one

at higher temperature is due to the thermal contraction of the austenite phase, whereas the one at

lower temperature is a result of the thermal contraction of the daughter phase(s). Austenite

decomposition takes place in the non-linear region between these two linear segments.
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The validity of a test is evaluated by measuring the coefficient of thermal expansion (CTE)
of the product and parent phase from the dilatometric data. Zhao et. al. [111] measured the CTE
for ferrite and austenite as 14.8 x 10° °C* and 22.5 x 10® °C™%, respectively, in low carbon steel.
For the present study, a test was considered successful if the measured CTE measurements were
within 5% of the aforementioned values. The slopes obtained for the example shown in Fig. 4.4

match the CTE within the acceptable error.
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Figure 4.4: Schematic of dilation curve obtained during cooling of Gleeble sample
The Lever rule (ATSM 1033) was used to calculate the fraction transformed from the
dilation data. Figure 4.4 shows how the lever rule is applied. At any given temperature, the fraction

transformed is given by Equation 4.1.
. _d
Fraction transformed = *1/ d, 4.1

Applying the lever rule over the complete temperature range results in fraction transformed

as a function of temperature, which is shown in Figure 4.5. In this study, the temperature at which
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5% and 95% transformation is complete is defined as the transformation start and transformation

finish temperature, respectively.

1.00

0.75 f

0.50 ~

0.25 H

Fraction transformed

0.00

400 450 500 550 600 650 700
Temperature (°C)

Figure 4.5: Schematic of fraction transformed as a function of temperature obtained by

applying the lever rule on dilation data

4.3  Microstructure characterization
4.3.1 Sample preparation

Gleeble-treated tubular samples were sectioned at the centre where the thermocouples were
spot welded. Each sample was mounted and then ground and polished on a Buehler polishing
machine. Grinding was carried out on progressively finer silicon carbide paper with grit size 320,
600, 800 and 1200 with continuous water flow for lubrication. The sample was then polished using
6um followed by 1um diamond suspension and a lubricating agent. The sample was washed with
liquid soap under running water and then dried with denatured ethyl alcohol after each stage of

grinding and polishing to avoid contamination. The polished sample was then etched with 2%
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Nital solution for 15 seconds, rinsed with water and denatured ethyl alcohol and then dried. The
sample was then observed with a Nikon EPIPHOT 300 series inverted optical microscope to obtain
optical images.

In order to measure prior austenite grain size, the prior austenite grain boundaries (PAGB)
were revealed on an 1um diamond polished sample by etching it using a solution of 50 ml picric
acid, 0.5 gram sodium dodecylbenzenesulfonate and 0.5 ml hydrochloric acid. The etchant was
heated to 50°C and the sample was dipped for an interval of 30 seconds, followed by rinsing in
water and drying. If the boundaries were not dark enough to be differentiated from the matrix
under an optical microscope, the sample was etched for an additional 30 seconds.

The other half of the sectioned sample was mechanically polished till 1Jum diamond polish,
as previously explained. This sample was in an unmounted state and was prepared for EBSD
imaging in a scanning electron microscope. The mechanical polishing of the sample resulted in a
strained layer on the surface of the sample which was removed by electropolishing. This was
pivotal in obtaining a sharp diffraction pattern which is representative of the unstrained material.
Electropolishing was performed by dipping the sample in a solution of 95% acetic acid and 5%
perchloric acid and applying a 15 V potential difference across the sample for 15 seconds. The

sample was immediately washed in water, then rinsed in denatured ethanol and dried.

4.3.2 Optical microscopy imaging

A Nikon EPIPHOT 300 series inverted microscope attached with a digital camera was used
to capture optical images. The multi-layer capture feature in the image capturing software, Clemex,
was used to obtain focused images. Optical images of Nital etched samples were captured for a

qualitative description of the microstructure.
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Optical images were captured from the samples prepared to measure the prior austenite
grain size. Equivalent area diameter (EQAD) was measured using the ASTM E112-13 standard.

At least 250 grains were included for this measurement.

4.3.3 Microstructure imaging using Electron Backscattered Diffraction

EBSD measurements were conducted on the electropolished samples described in
Section 4.3.1, using a Zeiss-Sigma field emission gun scanning electron microscope. Images were
captured using a Nikon high-speed camera. The data acquisition was carried out by TSL OIM data
collection software. The samples were tilted at 70° and a working distance of 10 mm was used to
capture the EBSD patterns. An aperture size of 60 um was used and 20kV accelerating voltage
was applied. Diffraction patterns were captured using a binning size 8x8 and ~40 frames per
second capture rate. Body centered cubic (BCC) and face centered cubic (FCC) phases were
selected as the possible phases for automatic indexing by the OIM software. An area of ~ 200 um
x 150 um was captured with a step size of 130 nm using a hexagonal grid, resulting in a 15-hour
scan time. Finer resolution imaging with a step size of 50 nm was carried out on a smaller area (80
pm x 60 pum) for two conditions to measure the sensitivity of step size on phase fraction and
misorientation calculation.

Each point captured by EBSD was assigned a phase, an orientation and parameters
identifying the quality of data at that specific point, namely Confidence Index (Cl) and Image
Quiality (1Q). The orientation values of adjacent points can be used to calculate the misorientation
between the points. The misorientation information was used to identify grain boundaries and

bainitic lath boundaries. Grain boundaries with misorientation between 2°-15° were considered as
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low angle grain boundaries (LAGB), whereas those with misorientation >15° were considered as
high angle grain boundaries (HAGB).

The post processing of the acquired data was carried out using TSL orientation imaging
microscopy (OIM) data analysis software, version 6.2. For the quantification of retained austenite
(RA), the RA was identified and separated from the other phases based on its FCC crystal structure.
During EBSD ferrite (BCC) and austenite (FCC) phases were selected as the possible phases for
automatic indexing by the OIM software. Based on the matching of the Kikuchi pattern, each point
was indexed either as BCC or FCC. A cluster of two or more pixels was considered as an object,
and the total area fraction of these objects provided the fraction of RA.

A single step cleaning process using grain dilation was used for grain boundary orientation
distribution. The cleaning process was done using a grain tolerance angle of 5° and a minimum
grain size of two pixels. The ferrite phase of the cleaned data was used to measure the high angle
grain boundary density.

Bain group analysis was done using the EBSD data. The detailed process to obtain a Bain

group map is discussed in Section 5.6.3.

4.3.4 Hardness measurement

Hardness was measured using a Micro-Vickers hardness indenter under 1 kgf load, applied
for a 10 second dwell time. The diagonal length of the indent made by the pyramid-shaped
diamond indenter was measured. The hardness value is calculated from the average diagonal

length according to [112]

1.8544 F

Hardness (Hv) = PP
avg

(4.3)
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where, F is the load applied in kgf and davg is the average diagonal length in mm. An average value
of a minimum of five indents was reported as the hardness. A minimum of 2.5 diagonal length was
maintained between the indents to avoid incorrect hardness measurements as a result of work
hardening caused by a previous indent. A gap of 2.5 diagonal lengths from the edge of the sample

was maintained to measure the bulk hardness and avoid any edge effects.

4.4  Modelling

A model was developed to describe the austenite decomposition Kkinetics capturing the
effect of carbon, chromium and cooling rate, starting from the previously proposed models by
Garcin et al. [96] and Reichert [40], where they incorporated the effects of different levels of
niobium in solution, prior austenite grain size and cooling rate. The model presented in this study
is divided into two sub-models (a) Bainite start model and (b) Bainite growth model.

The bainite start temperatures (5% transformation) were obtained from the CCT tests for
the three steels at six different cooling rates. Bhadeshia [78, 116] showed that bainite nucleation
requires approximately 400 J/mol critical driving pressure. Thermo-Calc software
(TCFET7 database) was used to calculate the bainite nucleation temperature for all three steels using
the critical driving pressure. The bainite start model used the approach developed by Garcin et al.
[96], and two fit parameters for each steel were calculated based on root mean square error
minimization.

Johnson-Mehl-Avrami-Kolmogorov (JMAK) with the additivity principle was used to
model the bainite growth. The rate parameter was expressed as an exponential function of
temperature with two fit parameters for each steel. The fit parameters for each steel were calculated

based on the least root mean squared error for 50% transformation temperature. An empirical
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model was developed to describe the microstructure (HAGB density) and hardness of the steel

based on cooling rate and chemistry. The details of this model will be discussed in Chapter 6.
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Chapter 5: Experimental results and discussion

51 Continuous cooling transformation

This chapter presents the CCT test results for austenite decomposition and microstructural
analysis of the decomposition products. A single prior austenite grain size (PAGS) of 80um,
typically observed in the CGHAZ was chosen. Figure 5.1 shows a micrograph with the PAGB. At

least six images were used to calculate the average PAGS for each steel.

Figure 5.1: Micrograph showing the prior austenite grain boundaries in a

L04C08NbMoCr sample

Table 5.1 summarizes the PAGS measured by metallography and by LUMet [57]
measurement for all three steels. The EQAD error reported is the standard deviation in PAGS
measurement over six micrographs. Romualdi [57] reported the LUMet measurement with the

standard deviation due to the spread in the data.
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Table 5.1: Metallographic and LUMet [57] measurement of PAGS

Steel EQAD (um) LUMet (um)
L04CO8NbMo 794 80+6
L04CO8NbMoCr 754 80+7
LO6CO6NbMo 7816 806

For cooling rates up to 30°C/s, a constant cooling rate was maintained throughout the test.
Figure 5.2 shows a thermal cycle obtained during the 30°C/s test for LO6CO6NbMo. A momentary
overshoot of 3°C was observed when the programmed temperature reaches 1300°C, followed by
+1°C fluctuation during hold. Similar stability during hold at 1300°C was observed for all tests.
Figure 5.2(c) shows that the cooling rate of 30°C/s is maintained throughout cooling.

For nominal cooling rates of 50°C/s and 100°C/s, the cooling rate was not maintained
throughout the test as recalescence occurred due to the heat of transformation. Figure 5.3 shows
the thermal history of a test carried out at 50°C/s. Similar to the example discussed for the 30°C/s
cooling rate, in this case too, there is an initial overshoot of ~3°C on reaching 1300°C followed by
a fluctuation of less than +1°C during holding. During cooling, there is a deviation from the
programmed thermal path below 500°C due to recalescence, as shown in Figure 5.3(c), therefore

a cooling rate of 50°C/s and above is not maintained during the transformation.
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Figure 5.2: Thermal cycle of 30°C/s cooling rate test (a) complete cycle

(b) during isothermal hold (c) during cooling
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Figure 5.3: Thermal cycle of 50°C/s cooling rate test (a) complete cycle

(b) during isothermal hold (c) during cooling

Figure 5.4 shows the deviation from the nominal cooling rates of 50 and 100°C/s. In the
case of 50°C/s cooling rate, the actual cooling rate drops as the phase transformtion proceeds due
to the heat of transformation. On completion of transformation, the system catches up with with
the programmed path, resulting in a significant increase in cooling rate. Once the system catches

up with the programmed path, it stabilizes back to the 50°C/s cooling rate. With the faster cooling
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Coolingrate (°C/s)

rate of 100°C/s, the heat of transformation is released over a shorter time, resulting in a significant
drop in the actual cooling rate to as low as 16°C/s. The system is unable to catch up with the
programmed path for the 100°C/s case even after the transformation is complete. This is potentially
because the required cooling rate to catch up will be faster than 100°C/s, which the system cannot
attain at such a low temperature. The cooling rate was calculated from the recorded
time-temperature data. Using the time required for one degree Celsius reduction in temperature,
the cooling rate was determined at that specific temperature. This process was repeated for one

degree Celsius increments to obtain the complete cooling rate curve.
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Figure 5.4: Deviation of cooling rate from target cooling rate for

(a) 50°C/s and (b) 100°C/s

To determine the accuracy of the CCT tests, five tests were carried out for LO6CO6NbMo
at 30°C/s. Figure 5.5 shows the fraction transformed as a function of temperature. It can be
observed that the curves are very similar, and Table 5.2 shows the standard deviation and

maximum difference for the 5% (Ts), 50% (Tso0) and 95% (Tes) transformation temperature in these

tests.
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Figure 5.5: Repeat tests at 30°C/s for LO6CO6NbMo showing test to test variability
The maximum standard deviation of 5°C is obtained at 95% transformation temperature
and this value is used to report the accuracy of transformation temperatures in the present work.

Table 5.2: Variability during multiple tests for same steel and thermal cycle

Standard deviation (°C) Maximum — minimum (°C)

Ts 4 10
Tso 3 10
Tos 5 12

5.2  Effect of cooling rate on austenite decomposition Kinetics

Figure 5.6 shows the effect of cooling rate on austenite decomposition kinetics for the
LO6CO6NbMo steel. With increasing cooling rate, the transformation is shifted to lower
temperature, except at fractions transformed greater than 75% for 50°C/s and 100°C/s. For these
high cooling rates, recalescence due to the heat of transformation results in a decrease of cooling

rate once transformation starts, as shown in Figure 5.4. For the 50°C/s and 100°C/s nominal
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cooling rates, the actual cooling rate drops as low as 22°C/s and 16°C/s, respectively. This
significant drop in the cooling rate is due to the higher transformation rate for 50°C/s and 100°C/s
compared to 30°C/s, resulting in the heat of transformation released over a short time interval. The
system cannot extract this excess heat generated rapidly over a short time, leading to the cooling
rate dropping even below 30°C/s. The significant decrease in cooling rate leads to an overlap of

transformation curves for the 30, 50 and 100°C/s cases during the later stages of transformation.
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Figure 5.6: Effect of cooling rate on austenite decomposition kinetics in LO6C06NbMo
The shift of transformation curves to lower temperature with increasing cooling rate is also
observed for the other two steels, LO4ACO8NbMo and L0O4CO8NbMoCr, albeit the shift is less
compared to LO6CO6NbMo. The effect of cooling rate on transformation start temperature (Ts) for
all three steels is shown in Figure 5.7. There is a decrease in transformation start temperature with
increase in cooling rate for all three steels. At the slowest cooling rate of 3°C/s, all three steels
have similar transformation start temperatures, i.e. 609°C, 598°C and 597°C for LO4CO08NbMo,

LO4C08NbMoCr and LO6CO6NbMo, respectively. With an increase in the cooling rate from 3°C/s
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to 100°C/s, there is a reduction in the transformation start temperature by 42°C, 44°C and 82°C
for LO4CO8NbMo, L04C08NbMoCr and LO6CO6NbMo, respectively, indicating that the

transformation start temperature decreases significantly more for the steel with higher carbon

content.
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Figure 5.7: Effect of cooling rate on transformation start temperature (5%)
for the three steels
The 50% transformation temperature and the 95% transformation temperature also
decrease with increasing cooling rate, as shown in Figures 5.8 and 5.9. Cooling rates of 50°C/s
and 100°C/s results are not included in these two plots, since those cooling rates could not be
maintained during transformation, as discussed previously. Similar to the 5% transformation
temperature, the 50% and 95% transformation temperatures also show a minute chemistry effect
at lower cooling rates, whereas the effect of carbon content is more pronounced at higher cooling

rates.
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5.3  Effect of carbon content on austenite decomposition kinetics

L04C08NbMo and LO6CO6NbMo are compared to study the effect of carbon content on
austenite decomposition kinetics. Figure 5.10 shows that an increase in carbon content from
0.035wt% to 0.061wt% pushes the transformation temperature to a lower temperature for any
given cooling rate. An increase in cooling rate results in a shift of the transformation curves to a
lower temperature for both chemistries; however, the shift is more pronounced in the higher carbon
steel. The increase in carbon content lowers the transformation start temperature by 12 °C for 3
°Cl/s and 52 °C for 100°C/s, respectively. Cooling rates faster than 30°C/s are not shown in Figure

5.9 since those cooling rates were not maintained throughout transformation, as discussed in

section 5.2.
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Figure 5.10: Effect of carbon content on transformation kinetics at

different cooling rates
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5.4  Effect of chromium content on austenite decomposition Kinetics

The effect of chromium content is studied by comparing the transformation kinetics of
LO4C08NbMo and LO4CO8NbMoCr with chromium contents of 0.023wt% and 0.24wt%,
respectively. Increase in chromium content results in a shift of the transformation curve to a lower
temperature. The reduction in 5%, 50% and 95% transformation temperatures with an increase in

chromium content is consistently close to 10°C, irrespective of cooling rate, as seen in Figure 5.11.
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Figure 5.11: Effect of chromium content on transformation Kinetics at

different cooling rates

In contrast to the effect of carbon, where the increase in cooling rate resulted in a more

pronounced effect on lowering of transformation temperature, the effect of chromium on lowering

the transformation temperature is practically independent of the cooling rate.
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5.5  Optical microstructure characterization

Figure 5.12 shows the optical micrographs for LO6CO6NbMo. It can be seen that the
microstructure gets progressively refined as the cooling rate is increased from 3°C/s to 100°C/s.
Refinement of microstructure is also observed for the other two steels as the cooling rate increased.
A detailed comparison of microstructure between steels is presented in the following sections. It
is necessary to be able to quantify the microstructure to gain better insight; therefore, advanced
microstructure characterization using EBSD was carried out and the results are discussed in the

following section.

(@) 3 °C/s (b) 10 °Cl/s

Figure 5.12: Optical microstructure for LO6CO6NbMo at different cooling rates

(a) 3°Cl/s, (b) 10°C/s, (c) 30°C/s and (d) 100°C/s
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5.6  EBSD characterization of transformation products

As seen in the previous section, optical micrography does not provide a quantitative way
to describe the microstructure. Therefore, EBSD was used to provide a quantitative description of
the microstructure of the different transformation products obtained. EBSD characterization was

carried out for cooling rates of 3, 10, 30 and 100°C/s for each steel.

5.6.1 Inverse pole figure maps

Figure 5.13 shows the inverse pole figure (IPF) maps obtained for the decomposition
products of LO6CO6NbMo cooled at 3, 10, 30 and 100°C/s. For slower cooling rates, the steel has
a blocky structure with uniform color gradient within a block, indicating similar orientation within
the block. For rapid cooling rates, finer elongated lath-like structures with different orientation in
adjacent laths were observed. It was also seen that certain conditions led to mixed microstructure,
with some regions showing blocky structures whereas other regions had lath-like structure.
Examples of such mixed microstructures can be seen at 10 and 30°C/s for high carbon
LO6C06NbMo (Figure 5.13b-c).

Figure 5.14 shows the IPF map for the two lower carbon steels at 100°C/s. Both are visibly
similar, having a mixed microstructure, with some regions having fine laths whereas other regions
are blocky. When these two images are compared with the higher carbon steel at 100 °C/s (Figure
5.13d), it is observed that the increase in carbon results in a much finer microstructure. This
indicates that an increase in chromium does not affect the microstructure significantly, whereas an

increase in carbon content refines the microstructure.
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Figure 5.13: Inverse pole figure map for LO6C06NbMo at different cooling rates

(a) 3°Cls, (b) 10°Cl/s, (c) 30°C/s and (d) 100°C/s
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Figure 5.14: Inverse pole figure maps at 100°C/s for

(a) LO4COSNbMo and (b) L04C08NbMoCr
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5.6.2 Retained austenite

During cooling, austenite might not decompose completely, resulting in some retained
austenite in the final microstructure. It was observed that the area fraction of retained austenite for
all twelve conditions investigated was lower than 1.3%. Figure 5.15 shows the IPF maps for
retained austenite in LO6CO6NbMo steel cooled at 3, 10, 30 and 100°C/s. The amount of retained
austenite decreases from approximately 1% to 0.1% as the cooling rate increases from 3 to 100°C/s
for all three steels studied. The retained austenite is useful for identifying the orientation of the

parent material and is used during Bain group analysis discussed in the next section.

(@) 3°Cl/s (b) 10 °C/s A

(c) 30 °CIs (d) 100 °CIs

Figure 5.15: Retained austenite in LO6CO6NbMo at different cooling rates

(@) 3°CJs, (b) 10°C/s, (c) 30°C/s and (d) 100°C/s
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5.6.3 Orientation relationship between parent and product phase

Austenite decomposes to bainitic ferrite with an orientation relationship close to the
Kurdjumov-Sachs orientation relationship (KS OR). The presence of retained austenite helps
identify the parent austenite orientation without the need for austenite reconstruction. In order to
investigate the resultant orientation in the product, a single grain was identified within the EBSD
map based on the retained austenite orientation. According to KS OR relationship, a particular
orientation of parent austenite can result in 24 possible variants in the daughter phase, which is
calculated theoretically fulfilling the {111}y|[{011}a<101>y||<111>a orientation relationship.
Figure 5.16a shows the selected grain in the IPF map having the same orientation of retained
austenite, as shown in Figure 5.16b, for LO4CO8NbMoCr cooled at 3°C/s. Figure 5.16¢ shows the
theoretical orientation in a (001) pole figure. The orientation for parent austenite grain is shown
with the three green dots, and the 24 possible transformation variants are shown as open circles.
Figure 5.16d shows a comparison of the theoretical variants in the (001) pole figure overlaid with
the orientation obtained from experiment. The 24 variants were grouped into three main Bain
groups, each containing eight variants, shown in blue, red and yellow. It was found that the
observed orientation matches very well with the theoretical orientation, indicating that bainitic
ferrite following KS OR has been obtained. The Bain map shows all three Bain groups present for

this condition, as shown in Figure 5.16e.
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(d)

Figure 5.16: (a) IPF map and (b) IPF map for retained austenite, with a selected prior
austenite grain shown in dotted line; (c) theoretical (001) pole figure (black circles
indicating the 24 KS variants and green dots indicate the orientation of parent grain); (d)
(001) pole figure of selected grain overlaid on theoretical pole figure; (e) Bain map for the

selected grain. (For LO4C08NbMoCr cooled at 3°C/s)
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Bain group analysis was carried out for the three steels. Figure 5.17 shows the result
obtained for one of the steels, LO6CO6NbMo. Some deviation from the ideal KS relationship is
observed and this is consistent with the results reported by Takayama [80]. Larger deviation from
ideal KS relation is observed at faster cooling rates, potentially due to the presence of more laths.
All three Bain groups are observed at all cooling rates, albeit not all Bain groups are equally present
in most of the cases. LO6CO6NbMo had coarse blocky regions of a Bain group at 3°C/s. Cooling
rates of 10°C/s and 30°C/s resulted in a mixed microstructure with certain regions having blocky
distributions of Bain groups, while others consisted of lath-like structures. The 100°C/s cooling
rate for LO6CO6NbMo resulted in a fine lath-like structure with relatively similar amounts of all
three Bain groups. This indicates an increase in cooling rate favours the formation of variants of
different Bain groups adjacent to each other.

Figure 5.18 shows the Bain map for LO4C08NbMo and L04C08NbMoCr at 100°C/s. Both
of them have a similar mixed microstructure with certain regions having a blocky structure while
other regions have a lath like structure. LO4C08NbMo and LO4C0O8NbMoCr resulted in similar
Bain maps for a given cooling rate. Compared to the two lower carbon steels, LO4C08NbMo and
LO4C08NbMoCr, the higher carbon steel, LO6C06NbMo has a finer uniform lath like structure at
100°C/s (Figure 5.17g). This suggests that an increase in carbon results in a decrease in
transformation temperature, which in turn favors variants of different Bain groups forming
adjacent to each other more densely, whereas change in the chromium content does not affect the

Bain group distribution considerably.
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Figure 5.17: Bain group maps and corresponding pole figures for LO6C06NbMo cooled at

(a, b) 3°C/s, (c, d) 10°C/s, (e, f) 30°C/s and (g, h) 100°C/s
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Figure 5.18: Bain group maps and corresponding pole figures cooled at 100°C/s for

(a, b) LO4C08NbMo and (c, d) LO4CO8NbMoCr

5.6.4 Spatial distribution of misorientation

Figure 5.19 shows the misorientation angle maps for LO6CO6NbMo at different cooling
rates. High angle grain boundaries, shown in black, have rotation angles greater than 15°. It is
observed that the structure is refined with an increase in cooling rate. At the slowest cooling rate

of 3°C/s, HAGBs are mostly outlining the prior austenite grain boundaries. Within a prior austenite
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grain, some coarse lath structures can be seen in black. As cooling rate increases from 3°C/s to

100°C/s, the microstructure gets progressively more refined with higher amounts of HAGB.

Figure 5.19: Misorientation angle maps for LO6C06NbMo at different cooling rates

(a) 3°Cl/s, (b) 10°C/s, (c) 30°C/s and (d) 100°C/s

Figure 5.20 presents the misorientation map for LO4C08NbMo and L04CO8NbMoCr
cooled at 100°C/s. Both these conditions have less HAGB density compared to higher carbon steel,
L06CO06NbMo cooled at 100°C/s (Figure 5.19d), indicating that an increase in carbon content leads
to an increase in HAGB density. The two lower carbon steels, LO4CO8NbMo and

L04C08NbMoCr, appear to have relatively similar misorientation distribution.
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(a) LO4CO8NbMo (b) LO4ACO8NbMoCr

— >15°

Figure 5.20: Misorientation angle maps at 100°C/s for

(a) LO4C0O8NbMo and (b) LO4C08NbMoCr

The quantitative distribution of misorientation angles for all three steels cooled at four
different cooling rates is shown in Figure 5.21. Figure 5.21a presents the fraction of given
misorientation angles occurring in all three steels cooled at 3°C/s. The figure shows that there is a
peak for LAGB, followed by absence of any major misorientation peak till 50°. Two peaks with
similar intensity are observed at ~54° and ~59° for all three steels with similar intensity, indicating
that the microstructure is relatively similar at 3°C/s, irrespective of the chemistry. This is consistent
with the observation that the transformation start temperature is similar for all three steels at 3°C/s.
The two peaks observed at ~54° and ~59° are consistent with the peaks reported by Takayama [80]
during bainitic transformation.

With an increase of cooling rate to 10°C/s, the intensity of the peak at 59° increases for all
three steels compared to 3°C/s, but the increase is more pronounced in the higher carbon steel
LO6CO6NbMo (Figure 5.21b). As the cooling rate increases to 30°C/s (Figure 5.21c) and then to
100°C/s (Figure 5.21d), the HAGB fraction continuously increases for all three steels, with the

maximum increment in the higher carbon steel. The misorientation distribution for the lower
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carbon steels, LO4C0O8NbMo and L04CO08NbMoCr, is very similar for all cooling rates

investigated, suggesting there is almost no effect on the microstructure due to an increase in

chromium content.
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Figure 5.21: Distribution of misorientation angle for the three steel at different cooling

rates (a) 3°C/s, (b) 10°C/s, (c) 30°C/s and (d) 100°C/s

Overall, Figure 5.21a-d shows that with an increase in cooling rate, there is an increase in

HAGBS, leading to microstructure refinement for all steels studied, with the effect being most

pronounced in LO6CO6NbMo. One way to quantitatively express the microstructure is by using

high angle grain boundary density, which is defined as:
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HAGB line length
Area of microstructure

HAGB density = (5.1)

HAGB density is plotted against cooling rate in Figure 5.22, and it is observed that this
density increases with cooling rate for all steels. The density values are vey similar for
L04C08NbMo and L04C08NbMoCr, whereas for the higher carbon steel, LO6CO6NbMo, increase
in cooling rate results in a more pronounced increase in the HAGB density. Each HAGB map was
partitioned into four quadrants, and the standard deviation in HAGB density amongst the quadrants
was calculated and reported as the error bar. The standard deviation in HAGB density represents

the inhomogeneity in the microstructure.
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Figure 5.22: High angle grain boundary density in the product microstructure for the three
steel at different cooling rates
The reciprocal of HAGB density, which represents an effective grain size or the refinement
of the microstructure, was proposed by Mandal [10] as characteristic length scale, |, defined as:

1
HABG density

Characteristic length scale,l = (5.2)
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With an increase in the cooling rate it was observed that the transformation start
temperature decreases, whereas the HAGB density increases. This prompted an attempt to develop
a relation between the transformation start temperature and the HAGB density. A linear trend was
found when the transformation start temperature, Ts (5% transformed) is plotted against the square
root of HAGB density, as shown in Figure 5.23. For the chemistries examined, the data suggests
that the trend is maintained irrespective of chemistry. The following equation is obtained from the

best linear fit, with R? value of 0.964.

1
HAGB density 2 = 5.86 — (8.95x1073)T; (5.3)

where HAGB density is expressed in pm™ and Ts is in °C.
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Figure 5.23: Relation between high angle grain boundary density and transformation start

temperature

64



5.7  Hardness

Vickers hardness was measured for the decomposition products obtained under different
cooling rates. Figure 5.24 shows that the hardness increases with an increase in cooling rate for all
three steels. The two steels with lower carbon content, L0O4C08NbMo and L04C08NbMoCr, have
very similar hardness, with the high chromium steel having marginally higher hardness of
approximately 5 Hv for all cooling rates. LO6CO6NbMo, on the other hand, has similar hardness
to the other two steels at 3 and 5°C/s, whereas for a higher cooling rate, the hardness measured is
significantly higher compared to the other two steels. The increase in carbon content from
0.035wt% to 0.061wt% leads to an increase in hardness by about 10 Hv at 3°C/s cooling rate,
whereas the increase in hardness jumps to approximately 50 Hv at 100°C/s cooling rate. The
increase in cooling rate from 3°C/s to 100°C/s results in an increase in hardness by 57, 57 and 99

Hv for LO4C08NbMo, L04C08NbMoCr and LO6CO6NbMo, respectively.
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Figure 5.24: Vickers hardness of product microstructure for the three steel at different

cooling rates
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The error bar reported for hardness is the standard deviation calculated from 5 repeat
hardness measurement for each condition. The value of hardness is reported in kgf/mm?. The trend
in hardness with increase in cooling rate (Figure 5.24) closely follows the trend seen in HAGB

density with cooling rate (Figure 5.22), and this is discussed in more detail in the following section.

5.8  Microstructure-property relationship
Figure 5.25 shows that the hardness for all the microstructures examined, irrespective of

the steel, is related linearly to the square root of HAGB density as:

1
Hardness (Hv) = 156 + 133(HAGB density)2 (5.4)
The R? value for the fit is 0.963, indicating a very good fit. Equation 5.4 presents a relation

that can be used to predict the hardness value for any intermediate microstructure.
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In terms of characteristic length scale, I, expressed in um, equation 5.4 can be rewritten as:
Hardness (Hv) = 156 + 133 x 17 %5 (5.5)
Equation 5.5 indicates a Hall-Petch like relation between the hardness and the characteristic length
scale. From Figures 5.23 and 5.25, it can be seen that the microstructural feature, HAGB density,
is related to the transformation start temperature as well as the material property i.e. hardness.
Therefore, it is possible to find a relationship between the hardness and the transformation start
temperature. Figure 5.26 shows hardness plotted against transformation start temperature for all
eighteen conditions examined. It is worth noting that the previous relations and graphs presented
in this section had twelve conditions, since EBSD analysis was carried out on those selected cases.
Figure 5.26 indicates that over the complete set of eighteen conditions, irrespective of the
chemistry, a linear trend with a R? value of 0.961 is maintained, indicating a good co-relation
between the transformation start and hardness, given by the equation:
Hardness (Hv) =962 —1.23 x Tg (5.6)

The value of this relation is that the transformation start can be measured more easily than the
HAGB density, thereby providing the ability to predict the property without the need to look into

microstructure for a steel within the chemistry range studied.
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Figure 5.26: Relation between hardness and transformation start temperature

It was seen in this section that the transformation start temperature, microstructural feature
(HAGB density) and material property (hardness) are related to each other for the range of
chemistries studied. This would provide the potential to develop a predictive microstructure-
property model if a chemistry-sensitive model were developed to predict the transformation start
temperature as a function of cooling rate. In Chapter 6, such a model is developed and presented

for the three steels investigated here.

59 Discussion

CCT tests showed that the increase in cooling rate results in a shift of the transformation
curves to lower temperature. On increasing the cooling rate from 3°C/s to 100°C/s, there was a
reduction in transformation start temperature by 42°C, 44°C and 82°C for L04C0O8NbMo,

L04C0O8NbMoCr and LO6CO6NbMo, respectively. This is consistent with multiple studies which
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show that faster cooling rate results in a shift of the transformation curve to lower temperature
[10,40,58,59,98,113]. Since the decomposition of parent to daughter phase requires nucleation and
growth, which are Kkinetic processes requiring time, an increase in cooling rate results in reduction
of transformation temperature.

An increase in carbon from 0.035wt% to 0.061wt% resulted in a shift of the transformation
curve to lower temperature. Figure 5.7 showed that the increase in carbon content lowers the
transformation start temperature by 12 °C for 3 °C/s and 52 °C for 100°C/s, indicating that the
effect due to increase in carbon content is amplified with increasing cooling rate. This is consistent
with previous work by Robinson[59], where an increase in carbon from 0.028wt% to 0.058wt%
resulted in approximately 20°C and 50°C reduction in transformation start temperature on
increasing cooling rate from 10°C/s to 30°C/s with a prior austenite grain size of 35um.
Mandal[10] showed that increasing carbon content from 0.03wt% to 0.06wt% results in a
depression in transformation start temperature by 18°C at 50°C/s cooling rate. This is lower than
the observed reduction of 40°C in the present study for a similar change in carbon content, and the
discrepancy may be due to significantly lower niobium content in the higher carbon steel compared
to the lower carbon steel studied by Mandal. Table 5.3 shows the composition of the two steels
studied by Mandal. In addition, the prior austenite grain size was different in Mandal’s work,
which might have a role to play in the observed difference. Carbon is a known austenite stabilizer,
pushing the ferrite field to a lower temperature with increase in carbon content. Therefore, an

increase in carbon results in reduction of the transformation temperature.
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Table 5.3: Chemical composition in wt. % for the steels studied by
Reichert [40] and Mandal [10]

Steel C Nb Mo Mn Ni Cu Ti N Si Al
[-06CO3NbMo 0.06 0.035 0.24 1.65 042 0.13 0.012 0.005 0.11 0.027
I-03CO9NbMo 0.03 0.091 0.29 1.70 0.13 025 0.017 0.008 0.31 0.041

An increase in chromium content from 0.023wt% to 0.24wt% resulted in a shift of
transformation curves to a lower temperature. The transformation start temperature decreased by
approximately 10°C irrespective of the cooling rate. Chen et. al. [114] studied the effect of
chromium on austenite decomposition in CGHAZ and found that an addition of 0.269 wt%
chromium resulted in a reduction of transformation start by about 5 to 15°C for cooling rates
between 5°C/s and 60°C/s, which agrees with the present study. Beche et. al. [42] reported that
chromium retards ferrite growth due to solute drag, which potentially explains the lowering of
transformation temperature on increase of chromium content.

Figure 5.27 presents the CCT curves obtained for the austenite decomposition kinetics data
and the hardness measurements for cases where cooling rates were maintained throughout
transformation, i.e., up to 30°C/s. It is evident that the increase in cooling rate results in a decrease
of transformation start and finish temperature for all three steels. Secondly, it can be seen that the
shift in transformation to lower temperatures is consistently associated with an increase in the
hardness. Finally, the effect of reduction in transformation temperature due to an increase of carbon
and chromium can be seen in the CCT diagram. Reichert [40] presented a CCT diagram for a steel
with similar chemistry as LO6CO6NbMo and same prior austenite grain size of 80um, at cooling
rates of 10°C/s and higher. Reichert’s data is added in the CCT curve in Figure 5.27 and the results

in terms of transformation temperature, as well as hardness, agree closely with the LO6CO6NbMo
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steel. The composition of the steel studied by Reichert (I-06C03NbMo) is shown in Table 5.3.
CCT results presented by Chen [114] on the effect of chromium agree with the trend presented in

the present study.
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Figure 5.27: CCT diagram showing the transformation start (solid lines) and
transformation finish (dashed lines) and hardness for the three steels. Data of previous

work on a similar steel by Reichert [40] is included in blue

In the present work, all cases examined had the presence of all three Bain groups. However,
the high temperature transformation products have coarse regions of a Bain group adjacent to the
coarse regions of a different Bain groups, resulting in low HAGB density. As the transformation
temperature decreases, different Bain groups are formed in close proximity to each other, resulting

in fine lath-like regions, thereby increasing the HAGB density for lower transformation
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temperatures. The rationale behind the variation in Bain group selection with the change in
transformation temperature has been discussed in the literature review Section 2.3.3.1.

The EBSD method used in the present study to characterize the microstructure provides a
way to quantify the microstructure and has been used in previous work by Mandal[10]. This
method of microstructural analysis provides a way to quantitatively link the transformation
kinetics to the microstructure, which in turn has been linked to the properties. In the present work,
it is observed that with a decrease in the transformation start temperature, the HAGB density
increases, independent of steel chemistry. In addition, the increase in HAGB density resulted in an
increase in hardness. The inverse of HAGB density was defined by Mandal [10] as the
characteristic length scale, and it was reported by the author that yield strength followed a Hall-
Petch type-relationship with the characteristic length scale. Similarly, in the present study,
comparison between hardness and characteristic length scale presents a Hall-Petch type-relation.
Hodgson et. al [108] studied the change in tensile behavior with ferrite grain size in a low carbon
steel. It was found that the yield stress increased from 250 MPa to 530 MPa as the grains were
refined from approximately 5um to 1um. This highlight the significance of grain refinement on
the strength of low carbon steel and the relevance of the Hall-Petch relationship for such steels.

A linear trend between transformation start temperature and hardness was found in the
present work for all three steels studied. Data from previous work by Mandal[10] and Reichert[40]
closely follow the trend for transformation start temperatures between 500 and 620°C, as shown
in Figure 5.28. The trend starts to deviate for temperatures greater than 620°C, potentially due to
the presence of ferrite, and at temperatures below 500°C, likely due to a saturation in refinement

of the microstructure.
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Figure 5.28: Comparison between present work (circular markers) and previous work by
Mandal [10] and Reichert [40] (triangular marker) on relation between transformation
start temperature and hardness

In summary, cooling rate and chemistry determine the transformation kinetics which in
turn decide the variant and Bain group selection. This results in the misorientation angle
distribution and microstructure refinement, which dictate the final hardness of the decomposed
product. In the next chapter, a model is described to calculate the transformation start temperature
for a given cooling rate and within the range of chemistries studied. This provides the critical link
to calculate the microstructure and property (hardness) based on the Hall-Petch like-relation

presented in this chapter.
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Chapter 6: Modelling

6.1 Introduction

In the present work, it was found that all the decomposition products followed the K-S
orientation relationship, indicating that the transformation product is bainite. Therefore, the model
for austenite decomposition consists of two sub-models, i.e. (i) Bainite start temperature and (ii)
Bainite growth kinetics.

Based on the bainite start temperature, the microstructure (HAGB density) and the property
(hardness) can be calculated using equations 5.3 and 5.6, respectively. Thus, the emphasis of the
model development is on the description of the bainite start.

6.2  Bainite start

Bhadeshia [78,116] proposed that the nucleation of bainite requires a driving pressure of
400 J/mol, which is the strain energy due to shear during bainite formation. Thermo-Calc database
TCFE7 was used to calculate the temperature at which the critical driving pressure of 400 J/mol is
obtained for the three steels studied. Based on this calculation, Table 6.1 provides the calculated
bainite nucleation temperatures. It is observed that the nucleation temperature is practically the
same, with very little difference between the chemistries studied.

Table 6.1: Bainite nucleation temperature (Tn) based on driving pressure of 400 J/mol

Steel Bainite nucleation temperature
L04CO8NbMo 649 °C
L04CO8NbMoCr 646 °C
L06CO6NbMo 644 °C

The bainite start temperature is modelled based on the approach used by Reichert [40] and
Garcin[96]. It is worth noting that the niobium is lower in LO6CO6NbMo steel compared to the

other two steels. Isasti [110] reported that the increase in niobium from 0.03wt% to 0.06wt%
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resulted in a very small variation on austenite decomposition Kinetics. Therefore, further increase
in niobium might have a very small effect on austenite decomposition, if any. Due to this, the
effect on decomposition Kinetics due to the variation in niobium in investigated steels is neglected
during modelling. The bainite start temperature (Ts) is calculated by solving the following

equation:
Tn
a,+a, T
0.05 = f [T] dT (6.1)
Ts

where, ¢ is the cooling rate in °C/s, Tn is the bainite nucleation temperature, 0.05 represent 5%
transformation and «, a, are chemistry dependent fit parameters. Table 6.2 shows the values of
the fit parameter for the three steels obtained by minimizing RMS error.

Table 6.2: Fit parameter to calculate the bainite start temperature

Steel aq(s?) a,(°C 1s?)
L04COSNbMo 1.63 -2.59x 107
L04CO8NbMoCr 1.63 -2.62x 1073
L06CO6NbMo 0.50 -8.00 x 10

Figure 6.1 compares the experimental data with the model calculations for the three steels
studied, showing that the proposed model describes the experimental data within the error of
measurement. The change of chromium content resulted in a shift of the transformation start
temperature by about 10°C irrespective of the cooling rate, and the effect was captured by changing
only the a, parameter. The effect of carbon was confounded by cooling rate, thereby requiring a
change in both a; and a,. If the effect of carbon and chromium content is assumed to linearly
change between the range of chemistry examined, the fit parameters a, and a, can be expressed
as a function of chemistry according to the following equations, where Xc and Xcr represent weight

% of carbon and chromium, respectively:
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o; = 3.15 — 43.4X, (6.2)
a, = (6.85x 107X, — (1.43x 1079 X, — (4.98x1073) (6.3)
It was found that the calculated transformation start temperatures lie within £6°C of the
experimentally measured values for all eighteen cases studied. This is comparable with the

experimental measurement error of £5°C, indicating sufficient accuracy of the presented model.
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Figure 6.1: Model prediction and experimentally measured bainite start temperature for
the three steels
6.3  Bainite growth
Bainite start is followed by bainite growth which is described by using the JIMAK model

in combination with the additivity rule, i.e.:
1 n
Ts 'BE
f=1—exp| — — dT (6.4)
r ¢
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In equation 6.4, f represents the fraction transformed at any temperature T. The CCT data of the
present study was best described with a JIMAK exponent of n = 0.9 for all three steels. The rate
parameter, § was taken as a temperature-dependent function as follows:

B = exp(By + B.T) (6.5)
where 3, and 3, are fit parameters that depend on steel chemistry. Table 6.3 presents the values
of the fit parameters obtained for each steel. Note that both the lower carbon steels, LO4CO8NbMo
and LO4C0O8NbMoCr, can be modelled using the same fit parameter with relatively good accuracy
since the effect of chromium content on suppressing the transformation temperature by
approximately 10°C is captured in the bainite start model, effectively reducing the total number of
fit parameters.

Table 6.3: Fit parameter to calculate austenite decomposition kinetics

Steel B1 B.(°C 1)
L04C08NbMo 25.8 -4.82 x 10
L04COSNbMoCr 25.8 -4.82 x 10
L06C06NbMo 12.0 -2.48 x 10

The fit parameters 8, and S, are assumed as a linear function of carbon content, since only
two levels of carbon are included in the present study. The fit parameters can be expressed in terms
of chemistry, where Xc is the weight % of carbon content in the steel, according to the following
equations:

B, = 44.35 — 530X, (6.6)
B, = (9x10"HX, — (8x1072) (6.7)
The fit parameters were calculated using only those conditions in which cooling rate was

maintained throughout the transformation, i.e., cases up to 30°C/s cooling rate. Growth of the cases
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up to 30°C/s cooling rate were modelled using the constant, temperature-independent cooling rate
(¢) value in equation 6.4.

Other cases, where the cooling rate was not maintained during transformation, i.e., for
nominal cooling rates of 50 and 100°C/s, the cooling rate was treated as a temperature-dependent
variable. The differential form of the JMAK with additivity, presented previously in equation 2.3,
was used to take into account the varying cooling rates. The growth model begins with an initial
fraction transformed, f as 0.05, since the transformation start temperature is considered at 5%
transformation. Since the time-temperature profile for any case is experimentally known, the value
of temperature dependent S can be calculated for any specific time. Small time step, dt, is taken
and the value of temperature dependent S at that instant is calculated using equation 6.5. Sensitivity
analysis is done to ascertain that a sufficiently small time step is used. The increment in fraction
transformed (df) is calculated using equation 2.3 and the value is added to the previous fraction to
obtain the new fraction transformed, using:

fir = fi + df (6.8)
This iterative process using equations 2.3 and 6.8 is repeated to obtain the complete growth curve
in the case of non-uniform cooling.

Figures 6.2 and 6.3 compare the experimentally measured transformation kinetics with
model calculations for select cases of LO4CO8NbMo and LO6CO6NbMo, respectively. It is
observed that the model matches the experimental result very closely during the majority of the
transformation, with more than 10°C disagreement occurring only during the final stages of
transformation (greater than 80% transformed) in some cases. Modelled growth kinetics for the
rest of the cases for these two steels and all cases for LO4C04NbMoCr were also in close agreement

with the experimental results.
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Figure 6.4 shows the measured and calculated temperatures for 25%, 50% and 75%

transformation for all three steels under all six cooling rates investigated. The dashed lines show

+5°C deviation, which is equal to experimental measurement error. It is observed that the deviation

of the calculated temperature from the experimental measurement lies within or very close to the

experimental error of £5°C for all three steels, indicating sufficient accuracy of the growth model.

600
S 575 - -:'
) e
- s Yo
5 'A 6
2

= 550 A :
| -
s L e
S A ‘A
S 500 A
[¢D)
< o
g a5y
< AY e +5°C deviation

7 +
© 450 “— T T T T T T T T

450 475 500 525 550 575

Measured temperature

(°C)

600

Figure 6.4: Comparison between calculated and experimentally measured 25% (square

marker), 50% (circular marker) and 75% (triangular marker) transformation

temperature for all three steels. L04C08NbMo, L04C08NbMoCr and LO6C06NbMo shown

in green, black and red, respectively

6.4  Structure and property calculation

The relationship between experimentally measured transformation start temperature, high

angle grain boundary density and hardness was discussed in Sections 5.6 and 5.8. In this chapter,

80



a model is proposed to calculate the transformation start temperature based on chemistry and
cooling rate. In this section, the calculated transformation start temperature from the model is used
to calculate the microstructure (HAGB density) and property (hardness), using the relationships
proposed in equation 5.3 and 5.6. These can then be compared with the experimentally measured
values and see how well the model calculates them.

Equation 5.3 proposed a linear relationship between transformation start temperature and
square root of HAGB density. The HAGB density is determined via equation 5.3 using the
calculated transformation start temperature. Figure 6.5 compares the calculated HAGB density
with the experimentally measured HAGB density. The calculated HAGB density is within

+0.1um* for the majority of the cases and all cases within +0.2um™ of the measured densities
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Equation 5.6 provides a linear relation between the transformation start temperature and
hardness. Here, the hardness values are calculated by using the transformation start temperatures
as obtained with the model. Figure 6.6 presents the comparison between these calculated values of
hardness against the experimentally measured values, showing good agreement within a 5% scatter
band. The maximum standard deviation in experimental measurements of hardness was about 10
Hv (4% experimental error), which is comparable to the deviation between experimental and

calculated values of hardness for most cases.
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6.5  Discussion

The present work captures the effect of carbon content, chromium content and cooling rate
on austenite decomposition kinetics for an austenite grain size representative for the CGHAZ. The
transformation start temperatures were modelled within £6°C of experimentally measured values.
In comparison, Reichert [40] looked into the effect of niobium content in solution, prior austenite
grain size, cooling rate and reported that the majority of calculated transformation start temperature
were within £15°C of experimentally measured values.

It was evaluated that a JMAK exponent value of 0.9 resulted in a good description of the
growth kinetics for all three steels studied in the present work. This value is very close to the values
of 0.9 reported by Militzer et al. [92] for several HSLA steels and 1.1 reported by Reichert [40]
for an X80 steel. Reichert reported the accuracy of the growth model by comparing the calculated
50% transformation temperature to be within £5°C of the experimental value, for the majority of
cases, which is similar to the accuracy obtained in the present work.

Fit parameters for the bainite growth model in the present work were calculated based on
cases in which the cooling rates were maintained during the transformation, i.e. for cooling rates
up to 30°C/s. These fit parameters were then used to model growth in non-uniform cooling rate
cases, and the model calculations were in very good agreement with the experimental
decomposition kinetics. This acts as a validation for the growth model. It was observed that the
final stages of growth resulted in discrepancy greater than 10°C between the model and the
experimental results for some cases. This could potentially be reduced by introducing additional
fit parameters, but that would not add much value to the model, since the microstructure and

hardness are calculated using the transformation start temperature.
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Using the proposed transformation start model, in combination with the empirical
relationship between transformation start temperature and hardness, the calculated hardness was
found to be within 5% of experimental measurements for all cases. This is comparable to the
experimental standard deviation of 4%, suggesting a good agreement between the experimental
and modelled results. Several other studies in the literature have also modelled the hardness of the
austenite decomposition products in low-carbon microalloyed steel. In one such study, Azghandi
et al. [97] looked into the austenite decomposition of vanadium microalloyed steel. The resultant
microstructure was multi-phase, which is in contrast to the single-phase bainitic microstructure
obtained in the present study. The calculated hardness was reported within 11% of experimentally
measured hardness. In this model, the calculation of hardness was based on the calculated phase
fraction in combination with empirical formulae of hardness for each phase. In another study,
Maetz et. al [117] modelled the precipitation hardening during the coiling of four different Nb-Mo
steels. This model accounted for precipitation hardening of the microstructure and the softening of
the microstructure due to tempering. The hardness predictions were found to be within 5% of the
experimentally measured hardness for all the steels.

The current work offers a novel approach to calculate hardness using modelled
transformation start temperature based on the chemistry and the cooling rate. This approach can
potentially be expanded over a broader chemistry range to build a robust, chemistry-dependent

model.
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Chapter 7: Summary and Future work

7.1 Summary

The objective of the current work was to study austenite decomposition in X80 line pipe
steels with a focus on quantifying the effect of carbon and chromium content at different cooling
rates on the microstructure and hardness of the coarse grain heat affected zone. Bulk samples were
subjected to thermal cycles designed to replicate CGHAZ conditions. Austenite decomposition
kinetics were recorded using a contact dilatometer. Detailed microstructure characterization was
carried out using optical microscopy and electron backscattered diffraction mapping. Hardness
measurements were carried out using a micro-Vickers indenter. Chapter 5 presented the
experimental results in details. A model was presented in Chapter 6 to calculate the transformation
kinetics, microstructure and hardness. The important results found in this work are summarized
below.

1. An increase in carbon content from 0.035 wt% to 0.061 wt% resulted in a reduction in
transformation start temperature by approximately 10°C at 3°C/s to 50°C at 100°C/s
cooling rate.

2. Increase in chromium content from a residual amount to 0.24 wt% suppresses the
transformation temperature modestly by about 10°C for all cooling rates.

3. The hardness for both lower carbon steels, L0O4CO8NbMo and LO4CO8NbMoCr, increases
approximately 60 Hv on increasing the cooling rate from 3°C/s to 100°C/s, whereas for the
higher carbon steel, LO6CO6NbMo, the increase is about 100 Hv.

4. The high angle grain boundary density increases with an increase in cooling rate for all
three steels. The two lower carbon steels have similar microstructure at any specific cooling

rate, with the HAGB density increasing from about 0.25 pum™to 0.7 pm on increasing the
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7.2

cooling rate from 3°C/s to 100°C/s for both steels. The higher carbon steel has a
microstructure similar to the lower carbon steels at a slower cooling rate of 3°C/s with
HAGB density of about 0.28 um™, but the microstructure becomes much more refined at
faster cooling rates. The HAGB density is approximately 1.6 pm™ for the higher carbon

steel at 100°C/s.

. Alinear relationship between transformation start temperature and square root of HAGB

density was observed within the chemistry range studied.

. The inverse of HAGB density was defined as an effective grain size or a characteristic

length scale. A Hall-Petch like-effect is observed between the hardness and the effective

grain size.

. A chemistry-sensitive transformation start model has been proposed with accuracy within

+6°C of experimental data, which is very good considering the standard deviation for
experimentally measured transformation start was 5°C. A growth model based on IMAK

with additivity captured the bainite growth kinetics within £10°C for the majority of cases.

. The transformation start model was combined with the empirical relationships between

transformation start temperature, HAGB density and hardness to compute microstructure
and hardness. Hardness was calculated within 5% of the experimentally measured value,

which is comparable to the experimental measurement error of 4%.

Future work

The present work looked into the effect of carbon and chromium content on austenite

decomposition in the CGHAZ and established relationships between decomposition Kinetics,

microstructure and hardness. Future work could expand these relationships over a broader range
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of chemistries and include other mechanical properties. With the aim to develop a robust chemistry
dependent model, some suggestions for future work in the field are given below:

1. A systematic study should be conducted to quantify the effect of other alloying elements,
mainly molybdenum and niobium on austenite decomposition kinetics. In addition,
studying more steels will also reveal interaction between alloying elements, if any.

2. Additional work needs to be done to examine mechanical properties like tensile behavior,
impact toughness and ductile to brittle transition temperature. It will be critical to link them
to transformation kinetics and microstructure.

3. Based on austenite decomposition and property studies over a larger chemistry range, a
chemistry-dependent model can be built capable of predicting the microstructure and

properties in the CGHAZ of line pipe grades.
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