The Tensile Properties and Toughness of Microstructures Relevant to
the HAZ of X80 Linepipe Steel Girth Welds

by
Michael J. Gaudet
B. Applied Science in Materials Science and Engineering, University of Toronto, 2007
A THESIS SUBMITTED IN PARTIAL FULFILLMENT
OF THE REQUIREMENTS FOR THE DEGREE OF
Doctor of Philosophy
in

THE FACULTY OF GRADUATE AND POSTDOCTORAL STUDIES

(Materials Engineering)

The University of British Columbia

(Vancouver)
August 2015

(© Michael J. Gaudet, 2015



Abstract

In the transportation of oil and gas products from and over remote locations, such as Canada’s Arctic
environment, pipelines are used. Girth welding to join sections of steel pipelines creates a substan-
tial heat affected zone (HAZ) within the base pipeline steel. While there is significant concern as
to the fracture and mechanical properties of the HAZ as whole, detailed knowledge about the me-
chanical properties of the microstructural constituents is lacking. For this research, measurements
of the temperature time profile in the HAZ of single and dual torch welds were made. This was then
used to guide heat treatments of X80 steel in a Gleeble simulator to create samples of 8 different
bulk microstructures with differing amounts and morphologies of bainite, ferrite and martensite-
retained austenite (MA). From the heat treated samples tensile and Kahn tear test specimens were
made for testing at ambient, -20°C, and -60°C. The highest strength microstructure proved to be
the finest, lower bainitic microstructure, while the lowest strength microstructure was the coarsest,
upper bainitic sample containing a significant amount of MA. This was observed to be true at all
testing temperatures. As part of the tensile behaviour investigation, the Bouaziz dislocation based
model for work hardening was applied and shown to fit well across all temperatures and conditions.
The Kahn tear test, a machine notched, thin-sheet, slow strain rate test, showed all tests failed in a
ductile manner. Relative toughness measurement from this test showed that the fine, lower bainitic
microstructure was the toughest and the coarse, ferritic microstructure was the least tough. This
work presents a novel measurement of dual torch temperature time profiles in a real HAZ, an exten-
sive mechanical testing program of isolated microstructures relevant to the X80 HAZ at potential
pipeline operating temperatures, and an applied a robust model to fit the work hardening behaviour
for all conditions. This work has the potential for future application in microstructure evolution-
property models, and in a combined mechanical model of the different microstructures to further

improve understanding of HAZ mechanical responses.
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CHAPTER 1

Introduction

1.1 Introduction

In North America, significant oil and gas reserves can be found in remote locations that have yet
to be fully developed. To access these reserves requires transportation of these resources from the
extraction sites to refineries and distribution centres. Pipelines have proven to be the most efficient,
safe, and economical way to transmit these resources over the long distances required. However
in more extreme environments, such as the Arctic, there are a number of technical and financial
challenges facing pipeline design, construction, and operation. In order to make future projects
viable, these challenges must be overcome through the research and development, in particular, of
materials.

Steel is well established as the material of choice for long distance transmission of oil and
gas resources. Higher strength steels, such as X80 or X100 grades have been shown to be more
cost effective than conventional steels and are of importance for the so-called strain based design
approach [1-5] . Strain based design for pipelines puts an additional demand on linepipe steels by
setting a limiting strain value, typically 0.5%, to which the steel must remain structurally stable.
Axial strains arise in all pipelines, but for pipelines traversing permafrost like the Alaskan Pipeline,
Mackenzie Valley Pipeline, and the Northern Gateway Pipeline, these axial strains are of particular
concern due to issues such as frost heave and thaw settlement [6-9]. It is in important to gain a more

complete understanding the mechanical behaviour, specifically the yield and initial work hardening
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response, for these new strain-based design grades of steel.

In construction of transmission pipelines, joining sections of pipe requires girth welding in the
field. With more remote locations, and in extreme environments, any improvements to welding
productivity results in significant time and thus cost savings. Pipeline girth welding is typically
performed using a gas metal arc welding (GMAW) process in which a single weld torch deposits
weld metal in the joint. To fully weld the thickness of a typical transmission pipeline requires
multiple passes of the single weld torch. One proposed change to this process is to add a second
welding torch which trails the first torch at a set distance (typically 50 to 200 mm) during certain
passes. Consequently fewer passes would be required in this so-call dual torch welding compared to
the typical welding procedure and this productivity gain resulting in a significant cost reduction for
welding in the more remote and extreme environments. For comparison, if a single pass of around
a 30” diameter pipe requires 2.5 minutes and requires 7 passes in total, replacing two passes with
the dual torch procedure could potentially reduce total welding time by 5 minutes i.e. greater then
25% savings in welding time.

Both single and dual torch welding cause changes to the microstructure, mechanical properties,
and toughness in the region of the base linepipe steel adjacent to the weld. This region, the so-called
heat-affected zone (HAZ), exhibits variations dependent on the temperature-time profile, termed the
thermal cycle, experienced at a given point in the HAZ. The HAZ in a dual torch weld may be more
complex then a single torch HAZ due to the fact that heat flows from the two torches interact to
cause complicated thermal cycles resulting in greater variation of microstructure and properties. As
well, the influence of multiple passes of the welding torch also leads to variations of microstructure
and properties. Regardless of which process is used, the HAZ from girth weld operations will result
in a highly complex situation with relations between the welding process, the resulting thermal
cycles, and the final observed microstructures and properties.

Considering the cost reduction opportunities of using higher strength steel in strain based de-
signed pipelines and utilizing new, higher productivity welding practices it is of interest to gain
further understanding into the most pertinent challenges. The HAZ, being a complex region that
may show less desirable properties is of particular concern to applying these higher strength grades
and more productive welding processes. While there is a large amount of literature on testing of

welds, there is very little research on the local response within the HAZ beyond the use of simple
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CHAPTER 1. INTRODUCTION

hardness values. The research proposed here is to examine the microstructures observed in the HAZ
in multipass welds with both single and dual torch procedures, isolate and then generate pertinent
microstructures in bulk samples that then can be tested for their mechanical properties. This re-
search will use a commercially produced steel pipe of X80 chemistry that is appropriate for strain

based design.



CHAPTER 2

Literature Review

2.1 Steel in Oil and Gas Pipelines

High strength low alloy (HSLA) steels with microalloying additions have been used extensively
to meet design criteria as pipelines moved to increasingly high strength grades. These alloys are
typified by low carbon contents (i.e. between 0.05-0.25 wt%), with an amount of manganese up
to 2 wt%, and microalloying constituents of molybdenum, nickel, copper, niobium, titanium, vana-
dium, and boron which total less then 1 wt% [10, 11]. The highest strength grades for pipelines
typically have lower carbon contents, in the range of 0.03-0.06 wt% . These steels are fabricated
into plates for pipelines using thermomechanical controlled processing (TMCP) [12]. TMCP is a
series of processes starting with heating a steel slab into the austenitic phase then deforming the
steel at a temperature below the recrystallization temperature. This deformation refines the grain
size and shape as well as increases the dislocation density which impacts the transformation upon
cooling. Immediately following this deformation, accelerated cooling is applied to the slab before
coiling to control the phase transformation. With careful control over the alloying, deformation, and
cooling the final microstructure is typically very fine, composed ideally of acicular ferrite or bainite,
resulting in high strengths [10, 13]. For X80 steels, the typical microstructure observed is a mixture
of mainly fine grain ferrite and bainite [12]. To form the plates into the pipelines, typically either a
spiral mill process [3], or the double-bend then expansion process [14] is used. Spiral mill pipes are

made by applying a constant bending radius to the steel plate at a certain angle and then welding
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the seams along the formed tube. In the double bend then expansion process the plate is formed
into a U, then O, and then is expanded and welded along the longitudinal seem and is termed the
UOE process. These processes both create a length of pipeline that is then shipped to the pipeline
construction site, ready to be girth welded to form the transmission pipeline.

A basic understanding of the metallurgy of these HSLA pipeline steels provides a context to dis-
cuss the effects of welding and the HAZ, particularly with regard to how it relates to mechanical and
fracture properties. This understanding begins with a discussion of typical phases and microstruc-
tures observed in HSLA linepipe steels, and then the role steel chemistry with respect to specific
alloying elements.

Figure 2.1 shows the typical phase diagram of the iron-carbon system at low carbon con-
tents. Over a range of elevated temperatures and low carbon content, only the face-centered cu-
bic (FCC) austenite (y) phase is seen. This ductile phase has a high solubility for carbon. Cool-

ing from austenite results in solid phase transformation into various microstructures. At ambient
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Figure 2.1: Fe-C phase diagram with C content relevant for steels, based on data from [15].
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temperatures the primary equilibrium phase consists of ¢-ferrite, which has a body-centered cubic
(BCC) structure with a low carbon content. Relative to other phases that can be produced, a-ferrite
is a ductile, low strength phase [10]. The other equilibrium phase at ambient temperatures is iron-
carbide (Fe3C), also called cementite. FesC is a strong but brittle phase that will be found as plates
in a ferrite-Fe3C sandwich structure (i.e. pearlite) if the cooling rate is slow enough.

As non-equilibrium cooling is typical in both the production of HSLA pipeline steels and in
their HAZ, the microstructures and phases that can be produced differ vastly from what is repre-
sented in the the equilibrium phase diagram. At slow cooling rates, the austenite decomposes into
a primarily ferritic phase where the grains are fairly equiaxed and is often called polygonal ferrite.
At slightly faster cooling rates, an orientation relationship between the growing ferrite and par-
ent austenite phase develops resulting in an acicular ferrite microstructure. At faster cooling rates,
bainitic microstructures are seen. Upper bainite structures are bainitic structures formed at higher
temperatures and are typified by packets of lath-shaped sheaves of ferrite with carbides that have
had time to form between sheaves of the progressing ferrite-austenite interface [16]. Lower bainite,
which forms at lower temperatures and faster cooling rates, is observed again to be packets of lath-
shaped sheaves of ferrite but with the less time for diffusion, carbides form much finer and within
the ferrite sheaves [16]. At even faster cooling rates, a diffusionless transformation takes place to
form metastable martensite. In low carbon steels (<0.2% C), the form of martensite seen is a lath-
like structure. This martensite phase, with its body-centered tetragonal (BCT) crystal structure and
higher carbon content is a considerably harder phase. The relation of these microstructures to the
mechanical behaviour is discussed in a later section.

The role of alloying (or residual) elements in HSLA steels and their relation to the microstructure-
property relationship is complex. They can directly effect strength through solid solution strengthen-
ing, or they may form precipitates that can also add to the strengthening. Beyond direct interactions
on physical properties like strength or toughness these alloying elements and/or their precipitates
can indirectly effect properties through their interaction with phase transformations, for instance
by promoting stability of certain phases or slowing the transformation kinetics. The following is a
general summary of the individual role of each these alloying elements, while later sections con-
tain separate and more specific discussion of chemistry effects on microstructure evolution, and of

chemistry effects on physical properties.
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Carbon

Carbon is found either dissolved into the solid solution at interstitial sites in the lattice or as a
precipitate (or carbide) with other elements, such as FesC, MoC, NbC, and TiC. As an interstitial
alloying element it gives a very strong solid solution strengthening effect in ferritic microstructures.
Carbon precipitates (carbides) are often brittle and with increasing amounts and sizes will lead to
decreasing toughness of the steel [10]. The solubility of carbon differs with the structure of the iron
lattice. Carbon is more soluble in the austenite phase and will tend to stabilize this phase.

Carbon is a potent strengthener both directly and indirectly through its promotion of martensite,
a microstructure often associated with low toughness. A carbon equivalent (CE) is often used to
make an empirical comparison of steel chemistries’ ability to form high hardness microstructures,
and thus is a measure of hardenability. As high hardness microstructures are related to hydrogen
induced cold cracking in welds, the carbon equivalent is used also as a measure of the steel’s ability
to be welded without significant defects, simply referred to as a steel’s weldability. Yurioka [17]
has provided a good review of weldability and carbon equivalent equations. One such common and

simple equation to determine weldability in low carbon steels is given by [17]:

%St %Mn %Cu  9Ni %Cr %Mo %V
P, = %C+ 30 + 20 + 20 + 50 ++ 20 + 5 —i—W—i-S%B 2.1

where P, is the composition parameter, and the percentages of each element are in weight
percent. Higher P, values will be expected to have a higher potential for martensite which is
typically an undesirable phase due to its low toughness. P, values in combination with empirical
evidence can be used then to classify a steel’s weldability.

Nitrogen

Nitrogen is an interstitial alloying element, and like carbon is very effective as a solid solution
strengthener [10]. Similar to carbon, it has greater solubility in the austenite phase then the ferrite
phase causing it to precipitate out if the cooling rate is slow enough. Nitrogen, like carbon, will
precipitate with other elements. Significant amounts of nitrogen in solution is associated with lower

toughness, so it is often controlled by adding nitride forming alloy elements.
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Manganese

Manganese is a common alloying element due to its affinity with sulphur (i.e. prevents harmful
iron-sulphide inclusions), and its low cost [10]. Furthermore, it provides a moderate solid solution
strengthening effect while being a stabilizer to the austenite phase.

Silicon

Silicon is an inexpensive, strong deoxidizer and also acts as a moderate solid solution strength-
ener [10]. The presence of silicon promotes ferrite formation. At high Si contents, a significant
decrease in toughness is observed.

Nickel

Nickel is a strong austenite stabilizer, and thus has a tendency to form martensitic structures [10].
It also promotes acicular ferrite structures over equiaxed ferrite structures, which in turn increases
toughness. In a ferrite microstructure, it provides minor solid solution strengthening.

Molybdenum

Molybdenum is a ferrite former, but promotes acicular ferrite over equiaxed ferrite microstruc-
tures. This is resulting from its strong retarding effect of the austenite-to-ferrite phase transforma-
tion [18]. It has a strong solid solution strengthening effect, but also forms carbide precipitates [10].

Chromium

Chromium is an expensive alloying element that stabilizes ferrite phases and also will form
carbides [10]. As a solid solution strengthener it is not effective.

Titanium, Niobium, and Vanadium

Titanium, niobium and vanadium all form carbides and nitrides, often in complexes with each
other when all elements are present [10]. With the high temperature stability of the TiN precipitates,
austenite grain growth at elevated temperature can be limited. Niobium carbides, nitrides, and
carbonitrides add significant precipitation strengthening [10]. These precipitates of Nb are stable
to moderately high temperatures in the HAZ and can help keep a refined austenite grain size. Nb
has a moderate solid solution strengthening effect. Its presence has been noted to help promote
bainitic transformations. The presence of V and its precipitates has been seen to improve strength

and toughness through promotion of finer structures such as acicular ferrite and bainite [19]
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Residual Elements

Copper is typically a residual element often found in steels produced in electric arc furnaces
due to their use of recycled steel. Copper provides solid solution strengthening, while at higher
concentrations it forms precipitates but may also cause issues with embrittlement at high tempera-
tures [10]. Sulphur is a residual element that is associated with low toughness and production issues
in steel due to the formation of iron-sulphides, a precipitate that causes a number of problems [10].
Additions of manganese are typical, as discussed previously, so as to form manganese-sulphides
preferentially over the detrimental iron-sulphides. Phosphorus acts as a strong substitutional solid
solution strengthener; however, it segregates to grain boundaries, leading to an embrittlement effect

and low toughness [10]. Thus, efforts are taken to limit the amount of phosphorus and sulphur.

2.2 Pipeline Girth Welds

In order to construct a pipeline on site, the individual lengths of pipeline are welded at their ends
around the girth typically using a mechanized multipass gas metal arc weld (GMAW) procedure.
These girth welded joints, including the resulting heat affected zone (HAZ), need to meet the de-
mands set by the pipeline design [20-24]. Since these joints represent a portion of the pipeline with
significantly different properties compared to the base plate, it is an area that has been the focus of
many investigations. Research on weld joints in pipeline steel can be broadly categorized into those
that study welding process developments [23-25], weld metal properties [26-28], complete joint
assessment [29-34], and HAZ properties and structure which will be discussed later. Of interest to
pipeline construction is how to reduce the costs of completing a girth weld. One such method is to
replace the commonly used single torch GMAW welding with higher productivity weld processes,
such as dual torch welding. With a high productivity weld process, more welds can be completed

in the same amount of time and field labour costs can be reduced.

2.3 Dual Torch Welding

Dual torch welding is a high productivity welding process which has a second welding torch that
trails the lead torch at a set distance. The result is that there is significantly more weld metal that
can be deposited on a single pass of the welding equipment, which allows for increased weld-

ing productivity. Figure 2.2 schematically shows the difference between single torch and dual torch
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Figure 2.2: Schematics of (a) single torch welding, (b) dual torch welding, (c) the cross-
section of a multipass single torch girth weld, (d) the cross-section of a multipass dual
torch girth weld.

welds. For a dual torch weld, the parameters of each torch may vary in order to achieve desirable
mechanical and fracture results of the final weld. One of these parameters that is being considered
is shown in Figure 2.2 (b), which is the inter-torch spacing in a dual torch weld. It is of interest to
consider how the heat from the lead torch influences the peak temperatures and cooling rates in the
HAZ of the second torch. With decreasing inter-torch spacing, this influence would become greater,
resulting in higher peak temperatures and slower cooling rates if measured from the same location
in the HAZ. Figures 2.2 (c) and (d) showing schematic diagrams of the cross-section of the deposits
from a typical pass schedule for single and dual torch pipeline girth welds and the expected HAZ
that would result from it. Specifically, note the wider HAZ expected in the dual torch weld.

While there is significant research into development of dual torch procedures, there is relatively

little on the effects of this procedure on the HAZ. The most substantial work can be found in the
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doctoral thesis by Hudson [35]. In this work dual torch and dual torch tandem weld procedures
are used to produce joints on X100 strength steel. Tandem welding is a high productivity weld
procedure where two wires feed a single welding torch. In Hudson’s work he showed that for the
welding speed and heat input applied that a 100 mm torch spacing meets the desired properties. He
also showed that a 50 mm torch spacing produces a lower toughness in the HAZ than is desired.
Hamad et al. [36] investigated dual torch girth welds for X80 with a 50 mm torch spacing. Their
work also showed a decrease in toughness in comparison to single torch weld that was related to the
HAZ. Gianetto et al. [26] and Hamada et al. [28] investigated the properties of the weld metal for
dual torch processes. These studies revealed some interesting aspects of dual torch welds, but lack
comprehensive link between dual torch procedures, microstructure development, and mechanical

properties.

2.4 Welding Temperature Measurements

The microstructure evolution in the HAZ is determined by the time-temperature profile, the so-
called thermal cycle, that it is exposed to. The thermal cycle varies with weld procedure, weld
parameters, and position. For a single torch pass the thermal cycle at a point will rapidly reach a
peak temperature and cool from there. In the case of a single pass of a dual torch weld, two peaks
are reached. Figure 2.3 is a schematic showing thermal cycles of a single torch and a dual torch
pass. In industry practice the time to cool between 800 °C and 500 °C (f3_s) is used to characterize
if a thermal cycle will potentially result in detrimental microstructures in steel. In the dual torch
pass thermal cycle, an individual torch should give a similar thermal cycle to that of a single torch.
However, the thermal cycle of the second or trailing torch of a dual torch pass may be affected by
the initial or leading torch, potential slowing the cooling rate which would increase the rg_5. While
there is much research into predicting the thermal cycles in the HAZ of a single torch pass, such as
the most commonly used analytical solutions of Rosenthal [37], there has been little work to predict
thermal cycles in a dual torch pass. The work by Chen et al. [38] investigated a dual torch thermal
cycle using FEM models but provides no predictive tools to expand to other procedures.

With no established predictive tool to estimate dual torch thermal cycles for a given proce-
dure, direct temperature measurements provide a solution. For thick plate welds, like those in a

pipeline, embedded thermocouples are necessary for these direct measurements. Embedded ther-
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Figure 2.3: Time-temperature schematics of a point in the HAZ of (a) a single torch weld, (b)
a dual torch weld.

mocouples for measuring weld thermal cycles have a number of potential issues. Ensuring good
contact between the thermocouple junction and the end of the hole is difficult. Welding processes
also introduce a large amount of electrical noise. The presence of a hole can influence the heat
flow and may introduce error into the measurements. In spite of the difficulties, direct temperature
measurements have been used to validate weld heat flow models in single torch thick plate welds.
The work of Hudson [35] used direct temperature measurements to determine thermal cycles in
X100 GMAW girth welds, including some dual torch procedures. His measurements involved both
plunging thermocouples into the molten weld pool and embedding the thermocouples under the
weld via drilled holes. In the investigation of Nuruddin [39], embedded thermocouples were used
to investigate both tandem metal inert gas welds and submerged arc welds of X65, X70 and X100
linepipe steels. Bilat et al. [40] measured thermal cycles of a dual torch GMAW girth weld using
embedded thermocouples. With this thermal cycle data they fit a model to the observed thermal cy-
cles and used this to guide laboratory thermal simulations. Poorhaydari-Anaraki [41] drilled holes
in X100 plate and embedded thermalcouples to measure thermal cycles from gas tungsten welds in

a bead-on-plate procedure. Kou and Le [42] embedded thermocouples in the bottom of a 6061-T6
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aluminum plate to validate their heat flow mode. There are numerous other works that have also
used embedded thermocouples in thick plates in order to determine HAZ thermal cycles [43-46].
While each technique varies slightly in terms of hole design, how it makes a junction with the plate,
the material used, and so forth, it is seen that direct temperature measurements through embedded

thermocouples can be used to determine thermal cycles in the HAZ.

2.5 Heat Affected Zone in Steel

The heat affected zone (HAZ) is the region of material adjacent to a weld where metallurgical
changes have occurred. The thermal cycle and specific steel chemistry will determine the extent of
the HAZ and the microstructural evolution within the HAZ. Reference books by Grong [37] and
Easterling [47] provide excellent reviews of microstructural development in the HAZ. For a single
pass of a welding torch with a steel base plate the HAZ is typically categorized into four regions.
From closest to furthest from the fusion line, these regions are the coarse grain HAZ (CGHAZ), fine
grain HAZ (FGHAZ), intercritical HAZ (ICHAZ), and subcritical HAZ (SCHAZ). Comparison of

peak temperature reached to the iron-carbon phase diagram, as shown in Figure 2.4 can help ratio-

Temperature (°C)

16004 1
Solid-liquid transition zone ]

Peak Temperature (°C)

Subcritical HAZ
(SCHAZ) —
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400] |

Weight Percent Carbon
‘—‘;\'

Figure 2.4: Schematic showing the relation between HAZ position, peak temperature, HAZ
region, and Fe-C phase diagram for a single torch weld, after [47]
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nalize the HAZ categories. It should be noted that welding is a non-equilibrium practice. Thus,
non-equilibrium values, such as austenite formation start and finish temperatures (A.; and Acs re-
spectively), should be used instead of the equilibrium phase diagram. In the diagram it can be
seen that the final observation of the CGHAZ is related to high peak temperature of the weld pass
causing significant grain growth in the austenite grain size prior to cooling and forming the final
transformation products. The FGHAZ is seen to be related to when the steel is fully austenitized but
has not seen significant grain growth in the prior austenite grains before cooling and forming the
final transformation products. The ICHAZ represents a portion of the microstructure where peak
temperatures have not allowed for the microstructure to become fully austenitized. The SCHAZ
is a region that has not be austenitized at all, but has perhaps had coarsening of carbides or other
tempering effects on the microstructure at the elevated temperature.

In a multipass or dual torch weld there are some additional complexities as HAZ regions from
each pass or torch may interact in such a way so as to create potentially different microstructures.
Figure 2.5 shows a schematic of a multipass weld microstructure related to the peak temperatures

reached. While there may be only slight differences in microstructure of most of these multipass

regions compared to single torch, the intercritically reheated coarse grain HAZ (ICCGHAZ) has
potential to be a drastically different microstructure. As a result the ICCGHAZ as well as the
CGHAZ has been the focus of a significant amount of research, particularly with regards to strength
and toughness, which will be discussed later.

The classification of HAZ regions gives a broad understanding of what is occurring in the HAZ.
A more detailed understanding of the HAZ comes with knowledge of how the thermal cycle and
steel chemistry lead to austenite decomposition products. In a given region of the HAZ for pipeline
steels, the final microstructure typically consists of a complex microstructure of at least two of
the following decomposition products, which are listed in order of decreasing transformation tem-
perature: polygonal ferrite, Widmanstitten ferrite, acicular ferrite, upper bainite, lower bainite,
martensite.

As martensitic structures typically have a portion of retained austenite which is extremely dif-
ficult to distinguish from the martensite phase, and thus are often referred to as the martensite-
austenite (MA) phase. In general, characterization of the amounts of each structure in the HAZ

is difficult due to the presence of multiple microstructures that are difficult to differentiate based
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Figure 2.5: Schematic showing the interaction between initial and following torches on the

HAZ regions in a multipass weld, after [48].

on optical observations particularly in finer morphologies of the microstructures. Further difficulty

in characterization of microstructures in the HAZ is that there is significant changes in the mi-

crostructures over very short distances in the HAZ. In literature it is seen that there is often also

different terminology used to describe microstructures [49-52] which emphasizes the uncertainty

in microstructure classification. Often, laboratory thermal simulations are used to isolate the ther-

mal cycle at a specific point within a HAZ and use a combination of metallography and dilatometry

techniques to characterize the microstructure.

The use of thermal simulations also allows for the construction of a continuous cooling transfor-

mation (CCT) diagram for a given composition, which can be used to predict the final microstruc-

tures along an HAZ cooling path [37,47,53]. However, caution must be used in the strict usage of

CCT diagrams. In the work by Spanos et. al. [54] and the study by Shome and Mohanty [55], CCT

diagrams for HSLA-80 and HSLA-100 grades of steel differ between the CGHAZ and FGHAZ.

This difference is attributed to the differences in prior austenite grain size and the dissolution of
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precipitates resulting in alloying elements being put into solid solution.

Austenite grain size is important to the transformation to final microstructures in the HAZ. It
has been noted that the larger grain sizes typical of the CGHAZ promote bainitic and martensitic
transformation products [56]. The prior austenite grain size in the HAZ is affected by a number
of factors. For HSLA steels there are typically pinning precipitates that are used to limit grain
growth during reheating and hot rolling during production, and in the HAZ during welding. These
precipitates can coarsen or dissolve at higher peak temperatures in the HAZ, lessening the Zener
pinning force and allowing the austenite grains to grow to sizes consistent with the CGHAZ. One
such set of precipitates in niobium-bearing steels are niobium-carbonitride (Nb(C,N)) complex pre-
cipitates. These precipitates have been noted to dissolve at temperatures in the range of 1000 - 1300
°C [56-58]. Titanium-nitride (TiN) precipitates have shown to be much more stable than Nb(C,N),
however these can coarsen at high temperatures (above 1300 °C) [59]. Moon et. al. [60] showed
that Nb and Ti can also form complex (Ti,Nb)(C,N) precipitates and that these can result in larger
austenite grain sizes than just TiN precipitates alone.

The effect of the thermal cycle is extremely important in determining the final microstructure in
the HAZ. This is primarily through the effect of cooling rate during the austenite decomposition but
as well through the temperature effect on austenite grain size and state of precipitates. Figure 2.6
shows schematically how all of these effects interact on a CCT diagram to promote or slow certain
transformations in the HAZ.

In multipass welds the final microstructure can prove to be even more complex. This is most true
of the ICCGHAZ as the formation of austenite upon reheating will contain both the microstructure
of the first pass that produced CGHAZ and new decomposition products from the second pass. In
investigations by Lee et al. [61], Davis and King [62], Li et al. [63] and Bonnevie et al [64] it is seen
that the ICCGHAZ typically has higher amounts of MA and a higher number of large or massive
MA compared to CGHAZ. Later passes in a multipass weld were shown to reduce the amount of
MA in the ICCGHAZ by Bayraktar and Kaplan [65].

There is an extensive number of HAZ studies across all types of steel chemistries and welding
conditions, most of which are not relevant (i.e. very different chemistry and welding conditions)
to this study. The studies with relevant cooling rates in the HAZ and steel chemistries are those

of Hamad et al. [36], Gianetto et al. [66], Fairchild et al. [67], and Moeinifar et al. [68]. Table 2.1
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Figure 2.6: Schematic of a continuous cooling transformation diagram showing how various
factors influence the final microstructure, after [47].

Table 2.1: Steel chemistries (wt %)

C N Mn Si Ni Mo Cr Ti Nb v S P Cu
Hamad et al. [36] 0.06 <60ppm 1.6 - N/A* 02  N/A* N/A* N/A* - - - N/A*
Gianetto et al. [66] 0.1 <0.0025 15 018 068 <003 002 0.006 0.027 - 0.004 001 0.18

Fairchild et al. - A [67]  0.11 0.0041 1.53 023 0.2 0.011 0.012 0.011 0.028 0.076 0.001 0.011 0.26
Fairchild et al. - B [67] 0.094  0.0049 14 031 0014 0011 0011 0.048 <0.001 0.005 <0.001 0.008 0.011
Moeinifar et al. [68] 0.072  0.004 1.805 025 026 029 0.02 0.012 0.035 0.003 0.001 0.008 0.009

reports the steel chemistries of the steels and a review of the cooling conditions and observed mi-
crostructures follows.

The work by Hamad et al. [36] is relevant to the current study as it was done at an industry
sponsor using similar chemistry and weld procedures. In their work, the single torch and both
torches of a dual torch weld on a X80 pipeline steel used a low heat input of approximately 0.5
kJ/mm. While there is limited measured thermal data provided, it is seen that the second torch gives
an average cooling rate of 30 °C/s (f3_s of 10 seconds). In their observation it is seen that the dual
torch HAZ microstructures showed significantly larger prior austenite grain sizes compared to the

single torch samples. The dual torch microstructure also shows to be largely upper bainitic while
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the single torch microstructure is lower bainite and lath martensite.

Gianetto et al. [66] investigated microstructures that developed in the CGHAZ and ICCGHAZ
from submerged arc welds with two heat inputs. The two heat inputs investigated lead to estimated
average cooling rates of 41 °C/s (tg_s of 7.3 seconds) and 21 °C/s (t3_5 of 14.5 seconds). CGHAZ
microstructures in both cases gave a bainitic microstructure with some isolated intragranular ferrite
regions. With the higher heat inputs a larger prior austenite grain size was seen. In revealing the
ICCGHAZ it was seen that carbides were seen at prior austenite grain boundaries with some smaller
amounts transformed in the grain interior. The carbides in the ICCGHAZ were observed to increase
in size with temperature in the ICCGHAZ.

In the study by Fairchild et al. [67] the CGHAZ was investigated for different alloys. At an
average cooling rate of 48 °C/s (t3_s of 6.2 seconds) the microstructure observed in both alloys was
seen to be primarily bainite with an amount of lath martensite. With a slower average cooling rate
of 8.8 °C/s (t3_s of 34 seconds) the microstructure was seen to still be primarily bainite but with no
martensite. At an average cooling rate of 5.6 °C/s (t3_s5 of 54 seconds) both alloys showed to be a
mixture of different types of ferrites and upper bainite.

The CGHAZ and reheated CGHAZ was investigated by Moeinifar et al. [68]. The cooling rate
of 3.75 °C/s (t3_5 of 80 seconds) resulted in blocky MA as well as MA forming in stringer-like
patterns in the CGHAZ. In the ICCGHAZ it was seen that the blocky MA at prior austenite grain
boundaries had coarsened. CGHAZ that was reheated just into the fully austenitic region showed
MA content as well, but were less blocky and did not form the thick network at prior austenite grain
boundaries as in the ICCGHAZ. For CGHAZ that was reheated below the austenite transformation

start temperature a similar observation is made.

2.6 Fracture Testing

The emphasis on preventing failure in pipelines has resulted in the usage of a wide range of tests
to asses the fracture properties of linepipe steels, their welds and their HAZs. The Charpy V notch
(CVN) [69] test is the most common toughness assessment method used, but other common tests
include the compact tension (C(T)) [70], single edge bend (SE(B)) [70], and drop-weight tear test
(DWTT) [71]. A brief review of the toughness parameters obtained from the CVN, C(T) and SE(B)

tests are presented below. A description of the DWTT will not be considered in detail, in spite
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of the technique being continually used and improved for pipeline fracture testing as its sample
dimensions are not favourable for HAZ testing or simulated HAZ testing [72-76].

The CVN is an impact test where the energy absorption of breaking the sample, measured by
energy loss of the hammer, is used to quantify toughness. For ferritic steels, tests are done over a
range of temperatures; as the temperature decreases, the fracture mechanism may change and the
ductile-to-brittle transition temperature (DBTT) can be observed with higher DBTT representing
lower toughness qualities [77]. The difference of the ductile and brittle fracture mechanisms will be
discussed in a later section. The DBTT can occur over a range of temperatures and is often asso-
ciated with significant scatter in absorbed energy values. Alternatively, this transition temperature
can be determined by the observation of shear area on the fracture surface. In the ductile region,
the energy to failure is called the upper shelf energy and is also used as a measure of toughness.
Instrumented CVN tests provide load-time data, which is used to determine energy related to crack
initiation (E;) and crack propagation (Ep) where the peak load reached separates the portion of the
load-time data relating E; and Ep [77]. Less commonly, precracked CVN tests can be used to deter-
mine the dynamic critical stress intensity factor (K;;) using a relation that require measurements of
the critical stress intensity factor (K;¢) from statically loaded tests [77].

The C(T) test is the most common test to determine K;¢ values and involves static loading of
the sample in tension. With the load being applied by two pins ahead of the notch and precrack
this creates a bending stress state on the remaining ligament with the root of the crack being placed
under tension. Similarly, SE(B) tests are three-point bending tests loaded statically with a notch and
precrack oriented on the side of the specimen that will be in tension. Using two of either the load,
crack mouth opening displacement (CMOD) or crack length measurements the K;c value can be
calculated [70]. The critical J-integral (J;c) can be determined using C(T) tests, but requires a large
sample set or a more difficult procedure with careful measurement of crack extensions [77]. Crack
tip opening displacement (CTOD) measurements can be made; these characterize toughness when
they reach a critical value (8,) [78]. The critical crack tip opening angle (CTOA_,) has been applied
in the ductile fracture of pipelines and it has recently been shown that this value can be obtained
using load-displacement data from thin-sheet C(T) samples [79]. The review by Zhu and Joyce [80]
provides a review of these typical testing methods to obtain these fracture parameters, and on the

relationship between these values.
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The advantages of the CVN tests are that they are easy to perform, requires a relatively small
amount of material, and minimal preparation. The drawback is that they provide only a relative
measure of toughness from a dynamic loading situation. Conversely the advantage of C(T) and
SE(B) testing is that it provides toughness values that are more robust and transferable to the final
component. Unfortunately, regular C(T) and SE(B) tests require significantly more amounts of ma-
terial, and are more difficult to prepare specimens due to having to create a fatigue precrack. There
is opportunity for a fracture toughness measurement technique that can provide more information

than a CVN test, but does not require extensive preparation as C(T) or SE(B) tests.

2.7 Kahn Tear Tests

The Kahn tear test utilizes notched sheet samples which are then pulled in tension along the same
axis as the initial root of the notch to initiate then propagate a crack through the sample. The
specimen is similar to that of a C(T) test in that a tensile load is applied off of the center of the
sample. However the differences are that for the Kahn test the initial notch length to uncracked
ligament is lower, load is applied in alignment with the root of the machined notch to start and that
the notch is made with a constant angle from the edge to the root of the notch. The original sample
design by Kahn and Imbembo was used for investigation of a variety of steel chemistries with plates
of thicknesses from 12.5 to 25 mm [81-83]. The test provides load-deflection data which gives
the tear strength (G;.,r), Unit propagation energy (UPE) and unit initiation energy (UIE) of a crack,

given by:

4Pmax

Gtear b z, (2'2)

UE - initiation energy (2.3)
bt

UPE — propagation energy (2.4)

bt

where P, is the maximum load, b is the width from notch root to back edge of the specimen,
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ﬁ Low tear resistance High tear resistance

Initiation energy Propagation energy

Displacement (d)

Figure 2.7: Schematic of representative Kahn tear test data showing low and high tear resis-
tance results, after [84].

initiation and propagation energies are taken as the area under the load-deflection curve prior to and
after maximum load respectively. Figure 2.7 shows how these values are defined.

The study by Kaufman and Knoll [84] reduced the dimensions of Kahn’s original specimen in
order to evaluate its potential to provide crack toughness data. Their study on aluminum alloys with
thicknesses between 1.52 and 1.65 mm demonstrated a linear proportionality between UPE, and the
sum of UPE and UIE from Kahn tests with the critical strain-energy release rate (G.) determined
from middle cracked toughness tests. The ratio of tear strength of the material to the yield stress
was also shown to have a potential relation to G.. The work by Kaufmann and Knoll constitutes the
basis of the current ASTM standard [85] for the Kahn tear testing of aluminum products.

While studies such as those by Kirman [86], and Senz and Spuhler [87] utilize the same analysis
as Kaufmann to characterize fracture behaviour between various aluminum alloys, the important
works by Dumont, Deschamps et al. [88-90] on 7000 series aluminum alloys expands the analysis.
Their first work [88] revealed the proportionality between the G, from regular compact tension test
and the UIE of the Kahn tear test. In their major subsequent work [89] they went on to use this data
to formulate a model based on energy dissipation per unit area. The model accurately predicted UIE
evolution with respect to yield stress of samples quenched slowly after different amounts of aging.
However, the model had limited success in predicting the UIE evolution for the tougher samples

observed when using fast quench rates after aging.
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The work by Bron, Besson and Pineau [91] analyzed the Kahn test for aluminum alloys in a
different way. They considered the crack energy dissipation rate (R) by correlating crack extension
measurements to the load deflection data. They observed that the R value increases disproportion-
ately more with yield strength for the middle cracked tension (M(T)) samples in comparison to the
Kahn test. Their plausible explanation is that this is due to the plastic zone size increasing more
with yield for the small scale yielding condition in the M(T) in comparison to the Kahn tests where
the large scale yielding limits the plastic zone sizes. Fractography demonstrated that the failure
mechanisms were identical for both the M(T) and Kahn samples which supports the notion of a
relation between the two R values. Bron and Besson [92] subsequently modeled the M(T) and Kahn
tests by applying continuum damage mechanics based on parameters determined from their earlier
work. The model has some drawbacks, such as the large number of fitting parameters and shows a
delay in crack initiation, but does provide fairly good accuracy in the prediction of load and crack
growth rate. Asserin-Lebert, Besson and Gourgues [93] improved upon the measurement of R from
Kahn test by limiting the crack extension measurements to the region of stable crack propagation
for their investigation of specimen thickness on toughness in an aluminum 6056 alloy.

The study by Pirondi and Fersini [94] investigated the possibility of using crack tip opening
angle (CTOA) measurements as a way to transfer between Kahn and M(T) test for aluminum alloys.
They proved successful in applying a finite element model to achieve this relation when steady-state
CTOA values from Kahn testing are compared to those of smaller sized M(T) tests. This is due to
their similar evolution of crack propagation with respect to the ratio of applied force to plastic limit
load. For regular sized M(T) tests, such as those used in the Bron et al. study [91], the relation is
seen to simply work only after the fully plastic load is reached.

The modern Kahn tear test has been shown to be capable for determining fracture properties
of aluminum alloys but has seen very limited application for testing steels. The work by Devgun,
Carrillo and Roosen [95] has applied the modern Kahn tear test for their limited investigation of
low carbon mild steels. Their analysis shows promising relationships between crack initiation and
propagation energies and the yield strength, ultimate tensile strength and Charpy impact values.
More recently, the work by Ying et al. [96] used Kahn tear tests in the investigation of tempering
temperature effects on toughness in a high strength boron steel. Their analysis made use of the UPE

and Oy.4,, both of which showed a dependence on thickness in the range tested between 1 and 2 mm.
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Their work did not investigate the Kahn tear testing technique with any significant detail. Lack of

extensive investigations of the Kahn tear test on steels gives the prospect for novel studies.

2.8 Microstructure-Property Relationship

This microstructure-property relationship defines the variation in properties seen in the HAZ. The
use of phenomenological models affirm our knowledge of the crucial factors in the microstructure-
property relationship, while empirical models based on microstructural measurements also provides
insight into these relationships in absence of a valid physical based model. Gladman [10] has
discussed microstructure-property relationships and their modelling for HSLA steels. Of particular
concern to the HAZ is toughness, which is related to the mechanical behaviour (i.e. strength and
strain-hardening). Microstructure relations to the mechanical behaviour are discussed first, followed
by their relations to ductile fracture, brittle fracture and the transition between ductile and brittle
fracture. As linepipe steels may operate in sub-zero temperatures, considerations of a decreasing

temperature on the microstructure-property relation will be emphasized.

2.8.1 Microstructure-Strength Relationships

Deformation in steel is defined by the resistance to plastic flow (i.e. the yield stress) and the evolu-
tion of this resistance with increasing strain, known as the strain hardening behaviour. The relation
between microstructure and mechanical behaviour can be understood using an isolating mechanisms
of strengthening, modeling these mechanisms, then combining the separate models to provide an
overall strength of the microstructure. For a single phase material (e.g. ferrite), most of these models

apply superposition of separate strengthening mechanisms taking the form of:

Ctot = Op+ 0+ Oppt + Ogis + Ogb (25)

where 0y is the strength of the phase, oy is the inherent strength of the lattice to dislocation move-
ment, O, is solid solution strengthening, o), is precipitation strengthening, oy;, is strengthening
from dislocations (both those generated from phase transformation and from work hardening), and

Oy, is the grain boundary strengthening. Such an approach is used by numerous authors [10,97-102]
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for steels.
The inherent strength of the lattice to dislocation movement, Gy, can be qualitatively understood

through the Peierls-Nabarro stress which is calculated according to [103]:

2G —27w
T, = 1_v~exp< p ) (2.6)

where 7, is the Peierls stress, G is the shear modulus of the material, v Poisson’s ratio, b is the
magnitude of dislocation’s Burger’s vector (i.e. the unit slip distance), and w is the width of a dislo-
cation. As the Peierls stress is a function of the width of the dislocation it is seen that FCC structures
with large dislocation widths will typically have a smaller Peierls stress while BCC structures with
small dislocation widths will result in high Peierls stresses. In the case of a high Peierls stress, as
in steels, a strong temperature dependence is observed [77]. For BCC structures, the movement of
dislocations occurs through the nucleation of a kink-pair, and then the motion of these kinks [103].
The formation of the double-kink pair has an activation energy and it is assumed that this gives rise
to the temperature dependence of the intrinsic stress to move the dislocation. Unlike BCC metals,
FCC metals have a weakly temperature-dependent Peierls stress.

Solid solution strengthening is broadly a complex interaction of chemical, electrical and geo-
metrical effects of the solute atom, the parent lattice, and dislocation movement. However it can
be generally stated that the solid solution strengthening effect is a consequence of the lattice di-
lation that the solute elements incur [10] and the elastic interaction of the solute atoms with the
dislocations. It is typical to simplify the problem by assuming the strengthening due to solutes
can be represented as the solute atoms acting as a set of weak obstacles on the glide plane. The

strengthening contribution for solutes then can take the form of [10, 104]:

Oy = Y ki-c] (2.7)

where ¢; is the solute concentration of element i, &; is its strengthening contribution, and n is a

constant between 1/2 and 1. For a low concentration, » is approximately unity [10], otherwise it
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can be taken to be 1/2 [105, 106] or 2/3 [107]. Since HSLA steels, such as X80, have low solute
concentrations this empirical approximation is appropriate at room temperatures, though the values
of the coefficient k; will vary with the parent phase (e.g. ferrite vs. austenite). In BCC iron,
interstitial elements (i.e. C and N) impose an asymmetric strain (i.e. both hydrostatic and shear
components) which allows them to interact with both edge and screw dislocations making them the
most potent solid strengtheners by weight. Substitutional solute atoms give rise to only hydrostatic
distortions and will interact primarily with edge dislocations. By weight, it is seen that P is a strong
strengthener (though the mechanism appears to be unrelated to lattice dilation for this element),
while Si, Cu, and Mn are seen to be moderate solid solution strengtheners. Mo is seen to be to
be a weak strengthener, while Ni is seen to have little or no solid solution strengthening effect. Cr
actually shows a negative contribution to solid solution strengthening, though it is unclear if this is
a result of it removing solute N from solid solution, or due to electron bond weakening of the lattice
by its presence [10]. This highlights the need to differentiate between the alloy content levels and
the portion of that content that is in solid solution or in precipitates.

Precipitates are present in HSLA steel and can cause strengthening through a number of possible
mechanisms. In HSLA steels the primary particles of interests are carbides (e.g. FeszC, MoC,
NbC) or nitrides (e.g. NbN, TiN), or complex carbonitrides (e.g. Nb(C,N), (Nb,Ti)(C,N)). The
strengthening of these precipitates relate to how they interact with dislocations, which categorizes
precipitates into those shearable and non-shearable by a dislocation. Also important is the size,
spacing, and distribution of precipitates. The Orowan-Ashby equation considers only non-shearable
precipitates, which is appropriate for hard carbides, nitrides and carbonitrides, and takes the form

of [108]:

_ 0'538be1/2-1“< ’ > 2.8)

G — e —

et X 6.125x 104

where G is the shear modulus, b is magnitude of the Burgers vector, f is volume fraction of pre-
cipitates, and X is the diameter of precipitates. As the activation energy for a dislocation energy to
bow or bypass is quite large, there is effectively little effect of temperature on precipitate strength-

ening [109].
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The strength to move a dislocation increases with dislocation density according to the well

known Taylor relation [110-113]:

Osis = aMGhp)/ 2.9)
where ( is a constant dependent on temperature, M is the Taylor factor and pg;, is the dislocation
density. Due to volumetric changes during austenite decomposition, certain phases have been ob-
served to have high dislocation densities (e.g. martensite, acicular ferrite) prior to any extra plastic
deformation of a sample. The generation, storage and annihilation of dislocations during plastic de-
formation leads to a change in the dislocation density giving rise to the strain-hardening behaviour
observed in stress-strain curves. The evolution of dislocation density can be described by the model

of Kocks and Mecking [114]:

dpdis
dep

= kipy, — kapPais (2.10)
where g, is plastic strain, k; is a constant related to dislocation storage, and k; is a constant related
to the dynamic recovery of dislocations. While dislocation storage is not temperature dependent,
dynamic recovery is via thermal activation aiding in the cross-slip of screw dislocations allowing for
dislocations to meet and annihilate. As a result, with decreasing temperatures less dynamic recovery
is expected which should increase the strain-hardening response (i.e. an increase in strength for a
certain amount of plastic deformation for lower temperatures).

The well-known Hall-Petch relation is used extensively for determining strengthening due to

grain size, given by [10,113]:

Ogp = kig_p d_1/2 (2.11)

where ky_p is the Hall-Petch constant and d is the grain size. There have been a number of proposed

theories to explain the Hall-Petch equation, however the physical basis for the relation remains un-
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certain [113]. Nonetheless, the Hall-Petch equation adequately describes the grain size strengthen-
ing effect for more practical application. The Hall-Petch constant ky_p has been observed to vary
with alloy contents and with test temperature. Note that in the case of a complex microstructure d
may be related to other specific features of the microstructure, such as the lath size in bainite.

As it is common to have more then one phase present in steel (e.g. MA is always present in
at least some amount), there must be a consideration for determining the composite strength of the
microstructure. One example comes from Bouquerel et al. [100] who determined the overall stress-
strain behaviour of a transformation-induced plasticity steel by using stress mixture laws. Their
approach was more detailed than most as they computed the strengthening for each of the polygo-
nal ferrite, bainitic ferrite, retained austenite and strain-induced martensite phases using a method
similar to equation 2.5 prior to invoking rule of mixtures. As the rule of mixtures is typically used
to determine the composite strength of a steel, understanding the strengthening mechanisms within

each phase provides insight into the overall microstructure-mechanical behaviour relationship.

2.8.2 Microstructure-Fracture Behaviour Relationships

Fracture occurs either through a process with extensive plastic deformation, referred to as ductile
fracture, or with minimal plastic deformation, referred to as brittle fracture. In ductile fracture, a
large amount of plasticity occurs prior to failure and requires relatively high amounts of energy. In
brittle fracture, the amount of plasticity is limited and will require relatively low energy to frac-
ture. While brittle fracture is absolutely undesirable, ductile failure in pipelines can lead to running
cracks under certain conditions, and thus ductile fracture properties are also of concern [115]. It is
important to understand how the microstructure affects toughness with respect to ductile fracture,
brittle fracture and the transition from the ductile to brittle fracture.

Ductile fracture occurs via the nucleation, growth and coalescence of voids. The nucleation of
these voids are associated with inclusions or second phase particles (e.g. precipitates, martensite
islands) through particle cracking or interface decohesion [116]. As these voids grow, the volume
fraction of voids is found to progress with a dependency on the initial volume fraction and shape
of voids, which in turn are related to the fraction and shape of particles or hard phases acting
as void nucleation sites [117]. At some point in the void growth process, mechanical stability

in the remaining ligaments is lost resulting in voids coalescing and a ductile crack forming then
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propagating from void to void [116]. The strain to final fracture has been observed to decrease
with increasing volume fraction of particles or hard phases, and as the shape of these change from
elongated in the tensile loaded direction to elongated in a direction normal to the tensile direction
[116].

Brittle fracture in steels typically occurs through a cleavage mechanism. Cleavage, as described
originally by Cottrell, occurs in a crystal through a separation along specific crystallographic planes
when stress reaches a critical level [10]. The nucleation of a crack may be associated with stress
intensification processes such as particle (e.g. carbonitrides) cracking, debonding between phases,
or at dislocation pile-ups. At a critical stress, this initial crack will propagate across the grain.
Depending on the temperature and the grain size, this cleavage crack across a grain may be arrested
by a grain boundary until the applied stress along with the stress concentration at this crack tip is
raised enough to cause cleavage in the next grain [118]. Consequently it is seen that the stress to
cause cleavage fracture is inversely proportional to the grain size [77]. This is important as while
other strengthening mechanisms do not also improve cleavage fracture resistance, microstructure
refinement provides an improvement both to strength and cleavage fracture resistance.

Brittle fracture is of particular concern to the HAZ of pipeline steels. Measured DBTT from
CVN tests are typically used to determine susceptibility to brittle fracture. This transition tempera-
ture has typically been characterized by empirical models, for example one used by Koo et al. [99]

for high strength pipeline steels is given by:

DBTT = F(Go+ s+ Oppr + Ouis) — ke d,f (2.12)

where F and kcyy are constants and d,yy is the facet size in cleavage, which is the grain size in a
simple ferritic structure, or related to the size of low-angle boundary domains in complex structures
containing bainite or martensite.

As the stress concentration of a crack causes the development of a plastic zone which influ-
ences the stress field, the stress-strain behaviour including strain-hardening is important to consider.
Strain-hardening considerations have been applied previously, and are well reviewed in the book by

Thomason [116]. It is seen that the strain-hardening behaviour is included through Hollomon-based
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equations. To this author’s knowledge, only the work of Spétig et al. [119] applied the Kocks-
Mecking view of strain-hardening to an assessment of fracture. Their study on a ferritic-martensitic
steel used Kocks-Mecking analysis in part to determine constitutive temperature behaviour of their
steel. Subsequently, they used a 2D FEM model of a C(T) test in the plane strain condition in com-
bination with the determined constitutive behaviour to estimate the stress-strain field ahead of the
crack tip. They considered cleavage to occur when a critical tensile stress is reached over a critical
area ahead of the crack tip. Comparison of the resulting effective critical stress intensity (K,rr)
from the model with experimental data showed good predictions at temperatures below the DBTT.
This highlights the practical use of investigating the relations between microstructure, mechanical

behaviour, and fracture.

2.9 HAZ Mechanical Properties & Fracture Toughness

As mechanical and fracture properties are directly related to microstructure, and the HAZ is noted to
be a gradient of microstructures, it can be expected that a gradient in properties will exist in the HAZ.
Testing to determine properties in a HAZ subregion from an actual weld is not straightforward, as
the microstructural gradient changes over a very small distance. Mechanical properties are most
commonly investigated using hardness measurements, which provide only limited information [47].
While there are studies that have investigated other methods of testing, such as subsize or micro
tensile testing [120-122], microshear testing [123], and shear punch testing [124], they are subject
to potential errors by testing a gradient in microstructure across the HAZ and have not seen wide
acceptance. Typically CVN and SE(B) tests are used to investigate real HAZ toughness properties.
It has been discussed by many authors [36,47,125-127] that placing a fatigue crack or even a notch
in the correct subregion of a real weld HAZ is extremely difficult. Measurements based on these
techniques are clearly sensitive to sample preparation and may not properly isolate an individual
subregion of the real HAZ. As such it is common to make use of laboratory thermal simulations to
investigate the microstructures and mechanical properties of linepipe steels.

In the investigations of steel HAZ’s, it has been noted that certain subregions are associated with
significantly lower toughness. These areas of low toughness are most often associated with either
the CGHAZ or ICCGHAZ [62-65,68,128-131], and it is seen in the majority of HAZ studies that

the presence of MA is associated with low toughness [62-65, 131-137]. Some studies have found
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other sources of low toughness, such as that by Fairchild et al. [67] which showed TiN particles
initiated brittle fracture in the CGHAZ, or that by Ohya et al. [128] which found cracks in the
CGHAZ and ICCGHAZ to initiate at the intersections of bainite packets (though often near large
particles).

The work by Lee et al. [61] showed a decrease in the d., and CVN values for the actual CGHAZ
compared to the base plate. Their study also showed decreased CVN energy values in the laboratory
simulated CGHAZ and ICCGHAZ in comparison to all regions of the HAZ and they correlated the
decrease in toughness values to the increase in volume fraction of MA constituent.

Shi and Han [132] investigated a 800 MPa HSLA steel using laboratory thermal simulations
with a single peak temperature and cooling rates from 6 seconds to 240 seconds to generate CVN
specimens. They found a decrease in toughness with increasing austenite grain size and MA content.
While mentioned only briefly, they noted that as MA content increases the morphology changes
from elongated to blocky in shape. They also found that peak temperatures in the ICHAZ produced
a network of MA at grain boundaries and deteriorated the toughness severely.

The work by Davis and King [62] used CVN tests on laboratory simulated ICCGHAZ and
showed that it is not simply the amount of MA, but also its distribution, morphology and hardness
difference in comparison to the matrix phase which are important to brittle fracture initiation. The
most detrimental situation is reported to be a near-connected grain boundary network of larger
blocky shaped MA which is substantially harder than the matrix.

Li and Baker [136] investigated the effects of MA morphology on fracture toughness of ICCG-
HAZ using laboratory thermally simulated CVN and CTOD tests. They found that both cracking
and debonding of the MA phase occurred. Importantly, they found that in regions of high triaxial
stress states that cracking of blocky MA phase is likely to occur whereas low triaxial stress states
result in decohesion of the elongated stringer MA which leads to crack formation. They also found
that carbides and inclusions did not significantly influence the toughness properties.

The thesis by Mohseni [138] investigated the DBTT in the CGHAZ, and ICCGHAZ of a X80
steel using SE(B) for CTOD measurements and CVN on laboratory simulated specimens. In his
work, the ICCGHAZ showed lower fracture toughness values than the CGHAZ at each temperature
tested. Close examination of the fracture surface revealed that MA was observed at the initiation

points of cleavage cracks, and that these initiation sites were either due to MA debonding or from
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a region between two closely-spaced blocky MA constituents with the ICCGHAZ showing more
severe structures.

In the work by Goodall [139] laboratory thermal simulations were used extensively in the ex-
amination of HAZ transformation of X80 and X100 steels. In one part of his work, a X80 steel was
subjected to two thermal cycles that simulate a dual torch weld where the torch spacing is so close
that the second thermal cycle starts partway through the austenite decomposition of the first thermal
cycle. The peak of the second thermal cycle for these tests did not reach full austenitization temper-
atures. That is, the heating of the second thermal cycle occurs between A, and A,3 of the first cycle
and reaches a peak between A.| and A3 in the second thermal cycle. Thermal cycles were based on
a Rykalin 3D models reaching an initial peak of 1350 °C giving an average cooling rate of 50 °C/s
for the first peak and average cooling rate of 25 °C/s for the second peak. This was compared with
samples simulating CGHAZ and ICCGHAZ with the same cooling profiles. From CVN testing in
terms of the DBTT the CGHAZ gave the best toughness, ICCGHAZ gave lower toughness, and the
interrupted ICCGHAZ gave the lowest toughness. The ICCGHAZ did show slightly greater upper
shelf energy values compared to the interrupted ICCGHAZ samples. This difference was explained
in terms of the lack of a hard MA phase along with acicular ferrite becoming a constituent in the
interrupted ICCGHAZ giving rise to a slightly higher upper shelf energy for the ICCGHAZ, while
the coarseness of the interrupted ICCGHAZ led to the higher DBTT.

The study by Hamad, Collins and Volkers [36] used relevant steel and welding conditions to
this study. They tested the real CGHAZ of single, tandem and dual torch girth joints using CVN
and CTOD from C(T) tests and showed &, and CVN values for upper shelf energy and DBTT were
poorest for the dual torch process. The &, values were subject to scatter which they attributed to
difficulties in crack placement or testing near the DBTT in the case of dual torch samples. They
reported no significant variation from sample to sample in amounts of MA, segregation and large
particles such as TiN which otherwise could explain the scatter. The study suggests that the larger
prior austenite grain sizes helps shift the DBTT to higher temperatures, but does not provide a
mechanism for why this occurs.

So far discussion has centered on toughness measurements of the HAZ. Mechanical property
investigations of the various subregions of the HAZ are typically limited to hardness measurements.

Recently only works by Zhao et al. [140] and Qiao et al. [141] used laboratory thermal simulations
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to generate tensile specimens for investigation. The work of Zhao et al. [140] on a X90 steel pro-
vides engineering stress-strain curves for their specimens. Typical properties of yield stress, tensile
strength and total elongation are plotted against the heat input used to calculate the thermal cycle,
and a decrease in tensile strength with heat input is observed. Despite having full tensile test data on
X100 thermally simulated samples, Qiao et al. [141] simply report tensile strength values compared
to peak temperature for the different simulated process parameters. They show that a minimum
of strength is observed at a peak temperature of 950 °C for each heat input case which is related
to the FGHAZ. The lack of detailed investigation of the mechanical properties in the HAZ gives

opportunity for novel work to be introduced.
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Scope and Objectives

3.1 Scope

This study investigates the mechanical behaviour of a X80 linepipe steel with microstructures pro-
duced that are relevant to a typical girth weld HAZ. The study uses a commercially produced pipe,
specifically a Mackenzie Valley prototype strain based design X80 (650 MPa yield stress) steel.
The welds of interest are GMAW produced girth welds with industrially relevant welding condi-
tions (e.g. similar torch speed, heat input, number of passes). Furthermore, there is interest in
comparing single torch welds to high productivity dual torch welds with different torch spacings.
The mechanical properties of the HAZ microstructures that are of interest include the yield strength,
work hardening behaviour, and tear resistance. These properties are to be investigated within the

range of potential operating temperatures (20°C to -60°C).

3.2 Objectives

The objective of this work is to investigate the mechanical behaviour of microstructures that may be
found in the HAZ adjacent to industrially produced GMAW girth welds. To achieve this objective,

a number of related subobjectives were defined, summarized below.

e Characterize the time-temperature profile in the HAZ of typical girth welds for both single

torch and for dual torch with different spacing.
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e Develop the thermal cycle profiles for Gleeble heat treatments to reproduce relevant HAZ

microstructures.

e Produce these microstructures in bulk specimens suitable for mechanical testing.

e Characterize the microstructure of the Gleeble heat treated specimens.

e Measure the tensile properties and tear resistance (using the Kahn tear test) of the thermally

treated specimens at ambient temperature, -20 °C, and -60 °C.

e Characterize the fracture surfaces of both tensile and Kahn specimens

e Develop a model for the work hardening behaviour that relates to the characteristics of the

microstructures observed and is applicable to all temperatures tested

In the achievement of these objectives, there is an impact to the current state of scientific and
technical knowledge. Measurements of the HAZ thermal cycle profile, particularly with respect to
dual torch welds represent a novel data set. The tensile and tear property measurements of specific
microstructures found to be relevant to the HAZ furthers understanding. The development of a
work hardening model represents an extension to the current state of work hardening models. On
the technical side, HAZ temperature measurements as done in this study are a technical achieve-
ment in terms of their accuracy. The creation of bulk specimens suitable for testing required the
refinement of Gleeble heat treatment techniques. This also produced a new set of data regarding
tensile mechanical properties relevant to HAZ microstructures. The use of the Kahn tear test for

HAZ steel specimens is a novel approach.
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Methodology

4.1 Material

The material used in this work is an X80 grade linepipe steel supplied by Evraz Inc NA. The chemi-
cal composition of this steel is given in Table 4.1. Using Nital and Le Pera etchings on this material,
Tafteh [142] revealed the as-received microstructure of this steel, shown to be 97.5 % ferrite and
2.5 % martensite and/or retained austenite. In the work by Banerjee et al. [143] on this steel it was
seen that there are three main types of precipitates in the as-received condition. There are large
cuboidal TiN particles (with radii of approximately 61 nm) which remain stable through the high
temperatures [143]. Nb(C,N) particles are seen in both large (approximately 69 nm) and small
(approximately 2 nm) sizes [143]. Mo,C particles are also observed with an average diameter of
approximately 53 nm [143].
Table 4.1: Steel chemistry (wt %)

C Mn Nb Mo Ti N
006 1.65 0.034 0.24 0.012 0.005

4.2 Metallography

To investigate the microstructures of this steel, samples were ground, polished, then etched. Wet

grinding was performed progressively on 60, 180, 300, 420, 600, 800, and 1200 grit paper. Polishing
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was then carried out using 5 um then 1 pum diamond polish and then rinsed with distilled water and
denatured ethyl alcohol. Two types of etching were carried out after the grinding and polishing,
Nital and Le Pera. Nital etching uses a solution made of 2% by volume of concentrated nitric acid in
absolute ethyl alcohol, with concentrated nitric acid being comprised of approximately 70% HNO3
by weight in water. The sample was then immersed for approximately 30 seconds and then rinsed
with distilled water and denatured ethyl alcohol. Le Pera etching involves two solutions that are
mixed immediately before etching the sample. The first solution was a 4% weight/volume of Picric
acid in absolute ethyl alcohol, and was left to stir slowly while polishing the sample. The second
solution was a 1% weight/volume metabisulphite in distilled water, also made prior to polishing the
sample. After the polishing and rinsing was complete, the sample was heated using a hair dryer
while mixing and gently swirling SmL of each of the two solutions together. The sample was then
immersed for approximately 45 seconds. If the sample’s microstructure was not fully revealed for
both Nital or Le Pera etches, immediate reimmersion for short intervals was sometimes performed.
If that proved unsuccessful the sample was ground, polished and re-etched starting from 800 grit
paper.

Nital etching reveals the complex mixture of ferrite, upper bainite and lower bainite found in
the microstructures of these steels. For this study, Figure 4.1 exemplifies how these constituents
are classified. Irregular ferrite appears to have grains with irregular shape and no internal structure
visible. Upper bainite shows packets of grains with an internal structure of aligned but disconnected
particles or carbides. Lower bainite shows packets of grains with an aligned and very fine structure.
In order to quantize the amounts of these constituents, a point counting technique was used. From a
sample, multiple images (five at the minimum) taken at 500X magnification have a grid overlayed
of them, and then the type of microstructures at the intersections are counted.

Le Pera etching reveals the martensite and retained austenite (MA) as bright islands against a
darker matrix. The difference between martensite and retained austenite is not revealed using this
technique. To measure the amount of MA, multiple images (again, five at the minimum) taken
at 500X magnification are image-processed then measured. A brightness threshold was applied
using the GNU Image Manipulation Program (GIMP) using the linear scale, which gives a black
background with the MA phase that passes the threshold in white. The image was cropped to

remove portions of the image that are darker in the outer regions due to vignetting. In the case
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Figure 4.1: Classification of observed microstructures:(a) Irregular ferrite microstructure (b)
Upper bainitic microstructure (c) Lower bainitic microstructure [144]

where it was difficult to identify a singular best threshold, two thresholding images are made to
set the upper and lower bounds and analysis on both proceeds as follows and was then averaged at
the end to determine a singular value. The thresholded image was loaded into ImagelJ, set to 8-bit,
then a threshold setting of (129,255) was applied, and then was converted to a mask. After this
preprocessing, the ”Analyze Particles” command was used for particles with sizes from O to infinity
and circularity from O to 1. This gives an area fraction of MA. The MA fraction was then subtracted
from the fraction of the most appropriate phase as measured from the Nital quantization. Figure 4.2

shows the thresholding process and match up for a typical Le Pera image.
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Le Pera thresholding method: (a) Initially cropped Le Pera image (b) Thresholded

Figure 4.2

image display MA as black (c) Lower threshold overlayed as red on initial image gives

(d) Higher threshold overlayed as red on initial image gives MA

MA content of 16.7%
content of 11.2%.
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4.3 Weld Trials

Weld trials to measure the thermal cycles in the HAZ of a typical girth weld were performed with
the assistance of Evraz Inc NA. Initially, Evraz supplied a cross-section of the a typical weld which
was then Nital etched to reveal the HAZ and weld microstructure. This guided experimental design
for the weld trial. The welds were done to join 16 mm thick flat plates of X80 steel with a length
of approximately 610 mm along the welding line, and a width of approximately 305 mm. Six
holes were drilled into the plates, spaced 50 mm from the end of the plate, 25 mm away from each
other along the weld line, and at an angle close to the bevel so that the end of the hole was placed
into the expected HAZ at different distances to the fusion line and at different depths. During the
welding trial, type S for their high temperature measurement range, or N thermocouples for their
high temperature stability but lower cost, were spot welded to the end of the drilled holes and were
protected by a ceramic sheath. A schematic of the weld trial setup is shown in Figure 4.3, with

details of the setup given in Table 4.2.

(a) (b)

Thermocouple junction loXe)
56
Thermocouple wire oo Thickness (t)
Insulating sheath 3 4
O O
Drilled hole 2=1.6mm 1 2

Fastening
screw & washer

I
_—

Figure 4.3: Schematics of (a) an embedded thermocouple in a plate ready for welding and (b)
approximate placement and labelling of thermocouples.

Welding trials were performed at Evraz’s Regina research and development facility using their
robotic welding setup. Single torch welds as well as dual torch welds with inter-torch spacings of
2.757, 47, and 7” were performed to simulate the girth welding procedures for pipe as specified
by TransCanada Pipelines Ltd. During the welding passes thermocouple data was recorded at a

sampling rate of 244 Hz. As placement of the thermocouples were done to fit the wide range of HAZ
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Table 4.2: Weld trial thermocouple placement

Weld Type Thermocouple # Relative depth from bottom Distance from bevel (mm) Thermocouple type

1 3/8 1.75 S
2 3/8 225 N
Single Torch 3 1/2 175 S
4 1/2 225 N
5 11/16 1.40 S
6 11/16 1.90 N
1 3/8 1.25 S
2 3/8 1.75 N
Dual Torch 3 1/2 1.15 S
4 1/2 1.65 N
5 11/16 1.50 S
6 11/16 2.00 N

for different torch spacings, and considering there is variation from test to test, multiple tests for each
torch spacing was performed to improve chances of obtaining useful thermal cycle data. Welding
procedures used in the trial, guided by those used in actual procedures by TransCanada Pipelines
Ltd., follow the pass schedule schematically shown in Figure 4.4 and the details are reported in

Table 4.3. Note the different heat inputs for the single and dual torch procedures.

(a) (b)

Cap Trail
Cap Lead
Fill 2

Fill 1 Trail
Fill 1 Lead
Hot

~~~—— Root " Roo

Figure 4.4: Weld pass definition for (a) single torch and (b) dual torch welds used in this study.

Table 4.3: Welding trial procedures

Pass Root  Hot Fill 1 Fill 2 Fill 3 Fill 4 Cap
. Heat Input (kJ/mm) 023 0.15 0.26 0.26 0.26 0.26 0.26
Single torch  Trave] Speed (mm/s)  12.5 23 17 17 17 17 17
Preheat/Interpass (°C) Room - 100 100 100 100 100
Pass Root Hot Fill 1lead Fill1trail Fill3 Caplead Cap trail
Heat Input (kJ/mm) 02 0.17 0.57 0.57 0.56 0.36 0.36
Dual torch  Tpaye] Speed (mm/s) 125 23 8 8 7 8.5 8.5
Preheat/Interpass (°C) Room - 100 - 100 100 -

Signal processing was conducted on the temperature-time data from the weld trials. First, a
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Parks-McClellan filter was applied to remove noise from the raw signal, passing signals with fre-
quencies under 12.2 Hz and completely attenuating noise with a frequency of 24.4 Hz and above
(which represent 5% and 10% of the sampling frequency respectively). It was seen that there was
a voltage shift of the measured data due to the activation of the welding equipment which was
corrected for simply by addition of the shift to data for the duration of the welding equipment acti-

vation.

4.4 Gleeble Heat Treatments

Heat treatments were carried out using the Gleeble 3500 thermomechanical simulator at UBC. This
allowed for the design of complex thermal cycles to create microstructures relevant to the HAZ.
The design of the large strip testing sample used is shown in Figure 4.5. Samples were machined
from the supplied X80 plate to a size of 200 mm X 50 mm X 1.20 mm with the length of the
Gleeble specimen aligned in the rolling direction of the plate. Thermocouples were spot welded to
the top surface to measure and control the temperature during the heat treatments. The center S-type
thermocouple were to control the Gleeble’s system to meet the programmed thermal cycles with the
other, K-type thermocouples providing data on temperature gradients in the sample. The thermal
cycles used are shown schematically in Figure 4.6. The experimental design was chosen to produce
microstructures consisting of primarily one constituent relevant to the microstructures observed in
the HAZ. This was accomplished by varying between two grain sizes of austenite prior to cooling,
between the precipitate-solid solution conditions of Nb, and between two cooling rates.

The austenite grain sizes produced in the final thermal cycle were 5 wm and 42 um as determined
in the work of Tafteh [145] for the same thermal cycles. The conditions of Nb were to be primarily
in solid solution or primarily in precipitates. In the case of Nb in solution, this required two thermal
cycles, the first being to dissolve the Nb(C,N) particles and put Nb into the solution. In the case
of a prior austenite grain size of 42 pm with Nb in precipitates, solutionizing was required in order
to achieve the prior austenite grain size. For this condition, the final thermal cycle includes a 20
minute hold at an elevated temperature (900 °C) in the fully austenitic regime but below the Nb(C,N)
formation temperature in order to precipitate an amount of Nb out of solution. While initially it was
thought that this time would be enough to nearly fully precipitate, recent work by Reichert [144]

has shown that this precipitation cycle results in approximately 50% of the Nb being precipitated.
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Figure 4.5: (a) Schematic of a Gleeble large strip design and (b) schematic of where mechan-
ical testing specimens are removed from the strips.

While this condition will be referred to as Nb being in precipitates, it is important to keep in mind
that the Nb will only partially be in precipitate form. The cooling rates selected were 10 °C/s and 50
°C/s. In order to cool the strip at these rates, the sample is quenched along the bottom of the sample
using compressed helium set at a valve pressure of 12 psi and applied using a three-nozzle system.
In order to prevent the strip from buckling during the testing, the Gleeble’s air ram was set at 1.0kN
in tension.

After Gleeble heat treatments, electrical discharge machining (EDM) was used to produce a
tensile and Kahn specimen from the original sample as in Figure 4.5 (b). Samples for metallography
(Nital and Le Pera etching) were taken from the material between the root of the Kahn notch and

the middle of the tensile specimen.

4.5 Tensile Testing

Tensile tests were carried out on subsized specimens as shown in Figure 4.7. Ambient temperature
tests were carried out using an Instron 8872 testing machine with an applied crosshead speed of
1.5 mm/min which gives an approximate strain rate of 2 x 1073 s~!. Testing at -20 °C and -60 °C
were carried by immersing the samples in an ethanol-glycol mixture cooled to the point of freezing

by dry ice. The exact mixture of ethanol-glycol for a given testing temperature was determined by
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Figure 4.6: Thermal cycles for (a) Nb in precipitates with 5 pm austenite grain size, (b) Nb in
precipitates with 42 um austenite grain size, (c) Nb in solution with 5 pm austenite grain

size, and (d) Nb in solution with 42 pum austenite grain size.

trial and error. The solution temperature was monitored throughout the testing process and found
to be very stable, keeping within 2 °C of the aim temperature. Cold temperature tests were carried
out on a Instron TM-L load frame with screw driven crosshead speed of 0.51 mm/min resulting in

an approximate strain rate of 1 x 1073 s~!. An extensometer was used in all cases to measure the

displacement in the gage of the specimen, including being immersed when needed.

1.2 mm
12.5 mm
12 mm 4 mm
l 7 mm
k—— 35 mm
14 mm

Figure 4.7: Schematic of the subsized tensile specimen.
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In this study, the yield strength that will be used differs from the regular definition. Whereas the
normally used definition of yield strength is based on the 0.2% offset method, this study will use the
same offset method but with a 0.5% offset instead. As it will be shown, the initial portions of the
stress-strain curves are very rounded. During the course of this investigation it was found that the
0.2% offset yield strength did not provide consistent measurements for these rounded stress-strain
curves while the 0.5% offset yield strength did. The use of 0.5% yield strength results in a higher
reported yield strength compared to the normal 0.2% and the reader should be aware of this when
making comparisons of the yield strength in this study to those from other studies.

After testing, the fracture surface was examined using secondary electron imaging on a Hitachi
S-2300 scanning electron microscope. From low magnifications images, an area measurement of
the final fracture surface is made. This is used to determine the final fracture stress and the final

fracture strain, computed from:

F

Oprac = 2 @4.1)
frac
A

Efrac = In Af;izc 4.2)

where O, s the stress at fracture, Fy, is the load at fracture, Ay, is the fracture surface area,
and Ay is the initial cross-sectional area.

In the determination of fracture stress using this equation, the triaxial stress state in the neck is
not taken into consideration. To do so requires a correction. To correct for the effect of triaxiality in
the neck of these specimens at fracture, a finite element analysis of the tensile specimen was made
by Puydt [146]. This model used the true stress-strain curve from the as-received condition. Using
this data, he used the point of necking to the point of observed fracture to linearly extrapolate the true
stress-strain data from the point of necking. The original stress-strain data with this extrapolation
was used as an input for the model to be fit. The output of the model is a true stress-strain curve

corrected for triaxiality. Note that this curve is the same up until the point of necking, then diverges
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from this point. Figure 4.8 shows the true stress-strain curve from the input and the modeled true
stress-strain curve in the neck. It is seen that the model true stress in the neck is higher than the
input true stress, as expected. The difference between the model corrected true stress and the input
true stress can be represented as a ratio. Figure 4.9 is the ratio of the computed true stress to the
model true stress versus true strain. It can be seen in this figure that after a strain of about 0.9 a
plateau of this ratio is reached at a value of 1.14. This factor, 1.14, then is used in the correction
from the measured values of true fracture stress to account for the effect of triaxiality in the neck.
An example of the effect of this correction of the fracture stress on the true stress-strain curve is

shown in Figure 4.10.

3000
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Figure 4.8: True stress-strain of model input based on the measured as-received condition
compared to model output.
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Figure 4.9: Ratio of model output to the input based on the measured as-received condition.
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Figure 4.10: Example of resulting true stress-strain data without and with correction to the
final fracture point.

4.6 Kahn Testing

To assess fracture properties, Kahn tests were used. The Kahn specimen, shown in Figure 4.11, was
pulled in tension at a continuous rate of 0.4 mm/min which results in the initiation and propagation
of a crack. Kahn tests were performed on a MTS 312.21 servohydraulic testing machine. Load line

displacement was measured by attaching an extensometer to the pins passing through the specimen.

25.4 mm 11.1 mm 1.2 mm

—® =8 mm

/

57.2 mm 28.6 mm <g° -
\
J

-
4

()

Figure 4.11: Schematic of the Kahn tear test specimen.
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In order to investigate the effect of thickness on the properties measured, tests were carried out
on the as-received material with additional thicknesses of 1.5 mm, 2.0 mm, and 2.5 mm. Low
temperature testing were carried out using the same immersion solution of ethanol-glycol cooled
by dry ice. As with the tensile tests, the fracture surface was examined using secondary electron
imaging on a Hitachi S-2300 scanning electron microscope.

Analysis of the Kahn specimens uses the load-displacement data. A schematic of typical Kahn
measurement data is shown in Figure 4.12. Tear strength (0;.,,) for this loading geometry is calcu-

lated according to the equation:

4 Bnax
Byt

(4.3)

Gtear

where P, is the maximum load, By is the uncracked ligament length, and ¢ is the specimen thick-

ness.

Propagation energy (AU,)

Displacement (d)

Figure 4.12: Schematic of data measured during the Kahn tear test.
Also using the load-displacement, the unit propagation energy from the load-displacement curve

for a displacement of 1 mm from the maximum load (UPE 1) is calculated according to:

AU
UPEsj_1 = —BO’; (4.4)
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where the AU, is the propagation energy as determined by the load-displacement energy calculated
by numerical integration using the trapezoidal rule from the displacement at maximum load to 1 mm
from that displacement. The use of 1 mm for this measurement comes from the fact that buckling
of the specimen was observed to occur in specimens sometime after this displacement.

While UPE,y_ values represent a quick method to investigate crack propagation energies, a
more rigorous method was determined to be desirable in order to validate the usage of UPE;_1. To
that end, crack length measurements were used in the calculation of the tearing energy, E;.,, which

is calculated by:

1 AU,

Eear A 4
: g (4.5)

where ¢ is the specimen thickness, AU, is the load-displacement energy calculated over the range
of the crack length measurement, and Aa is the change of the crack length at two measured lengths.
AU, is the propagation energy calculated as discussed previously. The crack length measurements
were done for samples at ambient temperatures. To measure the crack length for these tests, tests
were interrupted intermittently past peak load by holding crosshead displacement constant. With
the crosshead displacement held constant, the crack length is measured by observing the distance
between position notch root and tip as observed by a travelling optical microscope. For each set
of thicknesses, a polynomial fit to the crack length-displacement data from the point of maximum
load and 1 mm of displacement is made. Using this polynomial fit, E;.,, is calculated from a = 0 to
a =3 mm. For cold temperature tests, crack measurements were not possible. It is assumed that the
crack growth-displacement relations measured at ambient temperatures will be valid throughout all

the temperatures tested in this work so that the E,.,, values can be calculated for all tests.
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Results

5.1 Welding Trials

In the welding trial, a total of nine welds were performed with successful temperature measure-
ments. These consisted of at least two repeats of single torch, 2.75”, 4, and 7” dual torch spacings.
Cross-sections at the thermocouples were made, polished and then etched in 2% Nital to reveal the
microstructures and to determine the position of the thermocouple relative to the fusion line. Fig-
ure 5.1 shows example macrographs and micrographs of a single torch and a 2.75 dual torch weld
section. These two conditions show the smallest and largest HAZs with widths from the fusion
line of approximately 1.2 mm and 2.6 mm respectively. The micrograph also shows that in these
cases the thermocouples were placed within the HAZ, close to the fusion line. This is not true of all
thermocouples, however, as in a number of cases where thermocouple measurements were lost due
to molten weld metal penetrating the thermocouple hole. For surviving thermocouples it is seen that
not every welding pass results in a HAZ measurement, which is expected as the initial placement
was planned to measure the weld passes in the middle of the plate. For single torch welds, thermal
cycle measurements in the HAZ are associated with the second and third fill pass. For the dual
torch welds, it is primarily the first fill pass, which is a dual torch pass, that results in thermal cycle
measurements within the HAZ.

Examples of measured temperature-time data and its associated filtered and corrected thermal

cycle data from the weld trial for a single torch and a 2.75” dual torch case are shown in Figure 5.2.
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500 pm

Figure 5.1: (a) Single torch weld macro picture and micrograph, (b) 2.75” dual torch weld
macro picture and micrograph.

The correction applied to the raw data is two fold, as discussed previously in Section 5.1. First,
filtering for noise from the welding process is applied, where Figure 5.2 clearly shows the weld on-
off times by the appearance of this noise in the raw signal. Once the noise is removed a clear drop in
the thermocouple signal is observed while the welding is occurring, which is then corrected for by
adding the difference between the initial average signal temperature before welding begins and the
initial average signal temperature after welding begins. The filtered and corrected peak temperature
provides a more accurate value since it removes the noise that would at certain data points give
higher peak temperatures than what is actually existing at the measurement location. The resulting
filtered and corrected thermal cycle data is then used in further analysis.

To investigate the differences between single torch and dual torch, as well as the effect of torch
spacing, Figure 5.3/ summarizes the most pertinent thermal cycle data measured during the tests.

This figure displays peak temperatures observed in the fully austenitic region and the associated
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Figure 5.2: (a) Single torch and (b) 2.75” spaced dual torch weld thermal cycle measurements.
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Figure 5.3: Measured peak temperature versus tg_s from weld trials.

time to cool between 800 °C and 500 °C (ts_5). Note that tg_s5 is effectively an inverse measure of
average cooling rate over this temperature range. It is seen that the tg_s decreases slightly with peak
temperature, which is to say average cooling rates increase with peak temperatures. It also shows
that tg_5 times can be placed into three categories. The shortest tg_s times are seen in single torch
cases, which have an average of 3 seconds, giving an average cooling rate of 100 °C/sec. The lead
torch of dual torch passes also have low tg_s times, showing an average time of 5.6 second, which

is equivalent to an average cooling rate of 54 °C/sec. The longest tg_s times, with an average of 17
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seconds, were seen in the trailing torch of dual torch passes, which gives an average cooling rate of
18 °C/sec. It is seen that the highest tg_s time for trail torches is from a 2.75” torch spacing, while
the lowest is seen to be from a 7” torch spacing. While the weld parameters are the same for each
of these cases, the difference in tg_s times makes sense as the lower torch spacings mean less time
for heat from the lead torch to dissipate away from the weld line and thus act as an effective preheat
for the the trailing torch.

For a more detailed look at cooling data, numerical differentiation was done on the temperature
time data. This gives an instantaneous cooling rate with respect to temperature. Figure 5.4 shows an
example of this data for each condition. In addition this figure also displays the region of transfor-
mation start temperatures as determined from the data of Reichert [147]. This shows that the cooling
rate can significantly change with temperature in the temperature region that transformation is occur-
ring. For instance, for the single torch case cooling rates over the transformation start temperature
range begin at a high cooling rate of 135 °C/s and drops to a low value of 65 °C/s. Interestingly, it is
seen in the trailing torch cases that a minimum value around 10 °C/s is reached and then maintained
at temperatures above the end of the transformation start temperature range. Similar to the discus-

sion
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Figure 5.4: Instantaneous cooling rates through austenite decomposition temperatures.
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of Figure 5.3 it is seen that the trailing torches give the lowest cooling rates, with a difference of
about 60 °C/s at the start of the range of transformation start temperatures. This change in cooling
rate with temperature over the range of transformation start temperatures is important as it will

influence the final transformation products.

5.2 Gleeble Heat Treatments

In order to investigate the mechanical properties of microstructures in the HAZ, bulk specimens are
required. Using the large testing strips with the Gleeble 3500 thermal-mechanical physical simu-
lator, bulk microstructures that can be used for mechanical and fracture testing may be produced.
Early in this work, a number of issues were addressed in using the large strips such as heating rate
control, overshooting or undershooting peak temperatures, control over dwell times at peak tem-
peratures, cooling rate consistency, temperature gradients along the length of the specimen, strip
flatness, strip buckling and strip thinning. The 100 °C heating rate was selected because it was
seen to be reproducible for the large strip specimen used. While this rate is significantly lower
than measured heating rates of 1000 to 3000 °C/s during the weld trials in the actual HAZ, the
work of Banerjee et al. [143] showed that heating rates of 100 °C/s and 1000 °C/s produced simi-
lar austenitic grain sizes. This data suggests that the use of 100 °C/s heating rate for Gleeble heat
treatments would have little impact on the results of this study, which makes the use of large strips
in this study feasible. Improvements were made to the temperature control programming in order to
ensure peak temperatures even at the highest temperatures were consistent and dwell times kept to a
minimum. A modification was made to the helium quenching system which provided improvement
to gradient cooling effects as well as helping to maintain a consistent cooling rate. The thermal
gradient across the width of the specimen was investigated but was found to be negligible. The
change in the cooling system also helped with strip flatness issues by distributing the quenching
gas over a wider area and with less pressure. Strip buckling or thinning at high temperatures was
minimized with proper selection of piston air ram tension pressure to allow the thermal expansion
without causing excessive strain.

Thermal cycle data measured during a typical heat treatment is shown in Figure 5.5 (a) and
(b). These graphs show the first and second thermal cycles used in the creation of one of the most

extreme conditions, the condition with Nb in solution with a prior austenite grain size of 42 pm and
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Figure 5.5: Thermal cycle data from a Gleeble heat treatment showing (a) stage one (b) stage
two. Peak temperature recorded from all Gleeble heat treatments for centerline and 5
mm on either side off centerline for (c) 5 um and (d) 42 um thermal cycles.

a 50 °C/s cooling rate. This was also the most difficult condition to produce, due to the high tem-

peratures for two thermal cycles in combination with the high heating and cooling rates observed.

In both thermal cycles it is seen that the thermal gradient along the specimen is relatively minor,

varying by about +10 °C in the peak temperature region, while the time at maximum temperature

is consistent at measured locations along the length of the specimen. The data also shows a kink in

the cooling curve in both graphs at approximately 500 °C. This delay in the cooling is due to the re-
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calescence due to the heat of the phase transformation occurring as the austenite phase decomposes.
Earlier in the project, an effort was made to maintain a constant measured cooling rate in spite of the
recalescence by increasing the gas quenching rate. While it proved possible to do so if prior infor-
mation on the transformation temperature was known, it was determined that maintaining a constant
quenching rate is more reliable and consistent. Figure 5.5 (c) and (d) shows the consistency in peak
temperatures and thermal gradients for all tests. It is seen in Figure 5.5 (c) that for tests with a goal
of 5 um austenite grain size the peak temperature of 950 °C is consistently reached with +10 °C
for the middle thermocouple with the gradient also typically being less then 10 °C along the length.
For tests with the goal of 42 um austenite grain size, shown in Figure 5.5 (d), less consistency in
obtaining the desired peak temperature of 1350 °C is seen. The deviation reaches as much as 34
°C for the center thermal measurement from the aimed peak temperature. The gradient is also seen
to be larger for these heat treatments, typically showing a gradient within £ 15 °C of the centre
thermocouple measurement. The issues as discussed previously, such as peak temperature control,
dwell time control, strip flatness, thinning or buckling caused these tests with the aim of 42 um to
be extremely difficult to produce consistently. Furthermore, the use of K-type thermocouples for
the outer measurements through both thermal cycles needed to produce 42 pum austenite grain sizes
could result in a greater error in temperature measurement at these positions due to the high tem-
peratures leading to diffusion at the thermocouple tips leading. The S-type thermocouples proved
difficult to ensure a good connection suitable to control the Gleeble 3500 throughout the entire ther-
mal cycle, particularly once the quenching system is turned on and the chamber fills suddenly with
helium. Considering that the temperature is very high, (1350 °C), and the difficulties in producing
these samples as discussed, and the fact that material was limited, the deviation from aimed peak

temperature and the thermal are deemed acceptable for the purposes of this study.

5.3 Microstructures

The Gleeble heat treatments produced samples in eight different conditions in order to create mi-
crostructures for mechanical and fracture testing. To investigate what microstructures were pro-
duced, the main microstructural constituents were observed with samples etched with a 2% Nital so-

lution in an optical microscope. Figures 5.6 and 5.7 show the Nital etched microstructure of the con-
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Figure 5.6: 2% Nital etchings of 5 um prior austenite grain size with Nb in precipitates with
cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling rates of (c)
10 °C/s and (d) 50 °C/s.

ditions with austenite grain sizes of 5 pm, and conditions 42 pum, respectively. The conditions with
a prior austenite grain size of 5 wm and with Nb in precipitates show a mainly irregular ferritic mi-
crostructure. The effect of increasing cooling rate from 10 °C/s to 50 °C/s results in a refinement in
the size of the microstructure. The refinement of microstructure with increased cooling rate is seen
throughout all comparable conditions. The conditions with a prior austenite grain size of 5 um and
Nb solution present a very difficult microstructure to characterize. While there is a mix of ferrite
and of upper bainite in these specimens, the refined microstructure in these samples in combination
with similarities between the two phases made differentiation using the method used here not pos-
sible. The upper bainite phase, noted by irregularly shaped grains with internal structures is clearly

seen throughout Figures 5.7 (a) and (b), which are specimens with Nb in precipitates with a prior
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Figure 5.7: 2% Nital etchings of 42 wm prior austenite grain size with Nb in precipitates with
cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling rates of (c)
10 °C/s and (d) 50 °C/s.

austenite grain size of 42 um. In these micrographs lower bainite is also seen, which is observed by
grain packets with lath-like structures and has a more continuous substructure compared to upper
bainite. Lower bainite is seen more clearly in Figures 5.7 (c) and (d) as it makes up the main con-
stituent of the microstructures with prior austenite grain size of 42 wm and Nb in solution. It is also
of note that in the cases that bainite forms the primary microstructure, as in all images in Figure 5.7,
remnants of the prior austenite grain boundary can be seen as the bainite packets do not completely
remove the prior structure. Prior structures are not seen in the ferritic specimens.

Le Pera etching reveals the MA constituent of the microstructure. Le Pera etched microstruc-

tures are shown in Figures 5.8, and 5.9 for conditions with an austenite grain size of 5 um, and
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Figure 5.8: Le Pera etchings of 5 um prior austenite grain size with Nb in precipitates with
cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling rates of (c)
10 °C/s and (d) 50 °C/s.

conditions with an austenite grains of 42 pum respectively. MA is observed in these images by being
brighter or white compared to the darker matrix. Little MA is seen in the conditions with Nb in pre-
cipitates and 5 pm prior austenite grain sizes. The MA in these ferritic specimens is disconnected,
and dispersed fairly evenly throughout the microstructures. The amount of MA is noticeably greater
for the mixed ferrite/upper bainite cases with Nb in solution and prior austenite grain size of 5 pm
as seen in Figures 5.8 (c) and (d). The MA in these conditions is also more connected and less
equiaxed. Some similarity in the MA appearance is seen between these conditions with austenite
grain size of 5 wum and Nb in solution and the conditions with a prior austenite grain size of 42 pm
and Nb in precipitates shown in Figure 5.9 (a) and (b). The MA phase in these specimens, as well as

the conditions with prior austenite grain size of 42 pm and Nb in solution are at times difficult to de-
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Figure 5.9: Le Pera etchings of 42 um prior austenite grain size with Nb in precipitates with
cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling rates of (c)
10 °C/s and (d) 50 °C/s.

termine due to a lack of contrast between the MA phase and the matrix. Notable though, conditions
with prior austenite grain sizes of 42 um and Nb in solution show less MA that is more elongated
and appears to follow prior austenite grain boundaries.

Quantification of the microstructures according to the method outlined in Section 4.2 summa-
rizes the previous discussion of observed microstructures. Figure 5.10 shows that the Gleeble heat
treatments have produced microstructures with one of four primary constituents. The primary con-
stituents are found to be either ferrite, upper bainite, lower bainite, or a complex mix of ferrite
and bainite. Interestingly, it is seen that the highest MA fractions correspond with the primary

constituent being of mixed ferrite-bainite or of upper bainite.
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Figure 5.10: Measured microstructural constituents of the Gleeble heat treated samples.

5.4 Tensile Results

In the previous section it was seen that the Gleeble heat treatments produced a diverse range of
microstructures. Tensile testing was carried out on these at three temperatures (ambient, -20 °C,
-60 °C) on subsized tensile specimens for each condition. The engineering stress-strain curves for
each condition at each testing temperature conditions with an austenite grain size of 5 um and con-
ditions with an austenite grains of 42 pum are shown respectively in Figures 5.11 and 5.12. Table 5.1
summarizes the important tensile testing data. All conditions show a ductile stress-strain response
for each testing temperature. In some tests at the lower two temperatures, the immersible exten-
someter used reached its operating limit prior to failure. In these tests, the extensometer arms were
moved during the test as this limit was being approached, and the strain past this point is not us-
able. In all tests where this movement was required, it occurred after necking has occured. This
means that the true stress-strain data using the extensometer is valid since it can only be calculated

up to the point of necking where the localization of strain causes thinning which cannot be measured
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Figure 5.11: Engineering stress-strain of 5 pum prior austenite grain size with Nb in precipi-
tates with cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling
rates of (c) 10 °C/s and (d) 50 °C/s. Note that the *X’ marks the last usable extensometer
data during the test (load measurements continued).

by the extensometer. It is also noted that there is a difference in the extensometer gauge length
used between tests at ambient temperatures and the tests at -20 °C and -60 °C tests. The ambient
temperature tests used a gauge length of 12.5 mm while the colder temperatures used a gauge length
of 9 mm. The difference in gauge length does not influence measured strains during the uniform
deformation prior to necking, but after the localization of strain in the neck the shorter gauge lengths
will result in greater engineering strains compared to using larger gauge length.

From the engineering stress-strain plots (Figures 5.11 and 5.12) it can be seen that the ultimate

tensile strength for every condition increases with decreasing testing temperature. Samples from all
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Figure 5.12: Engineering stress-strain of 42 pum prior austenite grain size with Nb in precipi-
tates with cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling
rates of (¢) 10 °C/s and (d) 50 °C/s. Note that the X’ marks the last usable extensometer
data during the test (load measurements continued).

the heat treatments show a rounded curve throughout. In determining the yield stress with the typical

0.2% offset method, significant variation between samples were observed due to the sensitivity of

this method to these rounded stress strain curves. This was resolved by using a 0.5% strain offset,

which provided consistent results. Table 5.1 summarizes all measured tensile properties.

To further investigate the mechanical behaviour up until necking, the strain hardening rate was

determined for each test and plotted with the true stress-strain data. This is shown in Figures 5.13

and 5.14 for conditions with an austenite grain size of 5 um and conditions with an austenite grains

of 42 um respectively. All conditions show that necking occurs, which is defined by the point of

plastic instability where the increase in strength due to strain hardening cannot keep in balance with
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Table 5.1: Measured tensile properties

Type Temperature ‘ Oys 0.5% oftset (MPa)  Oyrs (MPa)  €UEL  Efrac  Ofrac (MPa) Number of tests
Nb in precipitates, 5 pum @ 10 °C/s Ambient 497 660 0.108 1.00 1443 5
Ferrite -20°C 495 693 0.142 1.36 2157 1
-60 °C 522 732 0.122 0.87 1245 2
Nb in precipitates, 5 pm @ 50 °C/s Ambient 547 707 0.092 1.20 1846 6
Ferrite -20°C
-60 °C
Nb in solution, 5 pum @ 10 °C/s Ambient 511 669 0.113 1.14 1604
Mixed Ferrite/Bainite -20°C 518 705 0.160 1.11 1685 1
-60 °C
Nb in solution, 5 um @ 50 °C/s Ambient 563 715 0.097 1.10 1582 2
Mixed Ferrite/Bainite -20°C 590 756 0.092 1.14 1853 1
-60 °C 628 805 0.102 0.97 1697 1
Nb in precipitates, 42 um @ 10 °C/s Ambient 510 630 0.091 1.42 1853 2
Upper Bainite -20°C 522 662 0.105 1.61 2397 1
-60 °C 523 709 0.116 1.08 1466 1
Nb in precipitates, 42 um @ 50 °C/s Ambient 589 697 0.075 1.39 2110 3
Upper Bainite -20°C 602 722 0.084 1.56 2729 1
-60 °C 633 770 0.082 1.02 1596 2
Nb in solution, 42 pum @ 10 °C/s Ambient 602 692 0.061 1.30 1835 3
Lower Bainite -20°C 625 746 0.078 1.46 2814 1
-60 °C 640 776 0.090 1.16 1796 2
Nb in solution, 42 um @ 50 °C/s Ambient 716 806 0.046 1.50 2633 4
Lower Bainite -20°C
-60 °C

€9
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Figure 5.13: True stress-strain and strain hardening rate of 5 um prior austenite grain size with
Nb in precipitates with cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution

with cooling rates of (c¢) 10 °C/s and (d) 50 °C/s.

the increased stress from a thinning section, referred to as the Considere condition. As there is no

measurement of the cross-sectional area in the necked region, no true stress data is usable after this

point with exception of the final point at fracture which will be discussed later. From these figures

it is seen that at a given amount of strain the strain hardening rate is higher as testing temperature

decreases. Exceptionally, for the two mixed ferrite/bainite microstructure conditions with Nb in

solution and an austenite grain size of 5 wm there is not much strain hardening rate difference

with decreasing temperature (i.e. Figure 5.13 (c) and (d)), whereas all other conditions did show

significant differences.

The true stress-strain data from tests has so far provided information on the tensile behaviour up

until the point of necking. Post-test examinations were used to investigate post necking behaviour
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Figure 5.14: True stress-strain and strain hardening rate of 42 um prior austenite grain size
with Nb in precipitates with cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in
solution with cooling rates of (c) 10 °C/s and (d) 50 °C/s.

at a single point, the point of failure. This was accomplished by measuring the final fracture area
using SEM images. Figure 5.15 (a) and (b) show examples of typical SEM images of a tensile
fracture surface used in the measurement of the final fracture measurement. As part of the post-test
investigation, observations of the failure surface were also made and tests that showed significant
deviation from a flat fracture surface at failure were not used to calculate true fracture strain and
stress. Macrographs in Figure 5.15 (c) and (d) show typical flat and invalid slant failure respectively.
With the final fracture surface area measured for the cases of flat failure, calculation of the true stress
and true strain is determined, and corrected according to the method discussed in Section 4.5.

With the true fracture stress corrected, Figures 5.16 and 5.17 plot true stress-strain until fracture

at each testing temperature for conditions with an austenite grain size of 5 um and conditions with
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Figure 5.15: SEM images of tensile fracture surface of (a) Nb in solution with cooling rate of
50 °C/s and (b) Nb in precipitates with cooling rate of 50 °C/s. (c) Typical flat fracture
surface and (d) unacceptable slant failure.

an austenite grains of 42 um respectively. These graphs show that microstructures formed with a
prior austenite grain size of 42 um generally have higher values of true stress and true strain at
fracture than microstructures formed with a prior austenite grain size of 5 um. In Figure 5.16 (c)
and (d) it is seen that the conditions with a prior austenite grain size of 5 pm with Nb in solution,
microstructures that are composed of a mix of ferrite/bainite, have similar values for true stress and
true strain at fracture across all testing temperatures.

The effect of temperature on tensile properties is summarized in Figure 5.18. It is seen that the
tensile strength and yield strength both increase with decreasing temperature, with an average of 76
MPa and 37 MPa respectively across all conditions when going from ambient to -60 °C. However,
there are some interesting deviations from this trend. The case with Nb in solution with prior
austenite of grain size of 42 wm, which is a lower bainite microstructure, shows a large increase
in tensile strength (122 MPa) compared to the average. With respect to engineering strain at the
point of necking (i.e. maximum engineering strain under uniform elongation), which is shown
in Figure 5.18 (c), it is seen that this value generally increases with decreasing temperature. The
largest exception to this is the case with Nb in precipitates with prior austenite of grain size of 5

wm which is a ferritic microstructure where uniform elongation engineering strain increases then
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Figure 5.16: True stress-strain to failure of 5 wm prior austenite grain size with Nb in precipi-
tates with cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling
rates of (c) 10 °C/s and (d) 50 °C/s.
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Figure 5.17: True stress-strain to failure of 42 um prior austenite grain size with Nb in precip-
itates with cooling rates of (a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling

rates of (c) 10 °C/s and (d) 50 °C/s.
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Figure 5.18: Temperature dependence of (a) yield strength, (b) ultimate tensile strength, (c)
engineering uniform elongation, and (d) true strain at fracture.

decreases as temperature decreases. The two cases with upper bainite as the main constituent,
that is the case with Nb in solution with a prior austenite grain size of 42 um show a behaviour
where the engineering strain at the point of necking only increases a small amount with decreasing
temperature. The observation of final fracture strains in Figure 5.18 (d) show a different trend with
temperature. From ambient temperature to -20 °C there is an increase in true strain at fracture for
all samples except the condition with a prior austenite grain size of 5 um and Nb in solution cooled

at 10 °C/sec where the value decreases. From -20 °C to -60 °C it is seen that the true fracture strain
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drops for every condition. The drop is most severe for the condition with a prior austenite grain size
of 5 wm with Nb in precipitates and a cooling rate of 10 °C/sec which is a ferritic microstructure.
Larger drops over this temperature range are also noted in the conditions with a prior austenite grain

size of 42 um and Nb in precipitates which are primarily upper bainitic microstructures.

5.5 Kahn Results

Kahn tests for each microstructural condition were carried out at different temperatures. For com-
parison, load divided by thickness is plotted against the displacement adjusted so that the peak load
is reached at zero displacement. These plots are shown for the 5 wm prior austenite grain size and
42 pm austenite grain size conditions in Figures 5.19 and 5.20 respectively. Note that a number
of the ambient temperature tests in these figures show small load drops; these are associated with
holding displacement constant during optical crack length measurements. Results of the Kahn tests
show similarities in trends to the tensile tests. Decreasing temperatures result in increased maxi-
mum normalized loads reached and thus tear strengths observed, trending similar to the effect seen
with ultimate tensile strength in the tensile testing. The condition of 42 wm prior austenite grain
size and 50 °C/s cooling rate, a microstructure with primarily lower bainite, shows the highest tear
strength, similar to the tensile tests where it showed the highest ultimate tensile strength. The con-
dition of a 5 um prior austenite grain size with Nb in and 10 °C/s cooling rate shows the lowest
tear strength, similarly in the tensile tests this condition showed the second lowest ultimate tensile
strength. Crack length data during testing was limited by the travel length of the microscope. Within
the crack measurements observed it is seen that crack lengths increase at approximately the same
rate with displacement for each condition.

From the Kahn test’s load and displacement data, UPE,y_; and E,.,-values were calculated
according to the method discussed in Section 4.6. While UPE;_; values represent a quick method
to investigate crack propagation energies, E;.,, provides a more rigorous method which was used
to validate the usage of UPE;y_; and investigate thickness effects. In order to determine the values
of a used in the calculation of E;.,, crack measurements of all specimens were categorized and
combined by sample thickness into groupings close to 1.1 mm, 1.25 mm, 1.5 mm, 2.0 mm, and 2.5
mm in thickness. Then a polynomial fit to the crack displacement data was made between the point

of maximum load and 1 mm of pin-to-pin displacement from that point. These fits to crack length
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Figure 5.19: Kahn tear test results of 5 um prior austenite grain size with Nb in precipitates
with cooling rates of(a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling rates

of (¢) 10 °C/s and (d) 50 °C/s

71



CHAPTER 5. RESULTS

’E\ 10 ’E\ 10
£ | (@ —— Ambient  _]10 = | (b) —— Ambient  _]10
S s —e— Crack Length | -~ > 8 —e— Crack Length | —_
s —=e g 20 —2c g ¢
B ——-60°C - B ——60°C -
® 6| 1.5 ® 6 1c £
p— (@] p— (@]
S+ 1's 3 1 5
3 4 sz 3 4 4 =
N 1 &8 N F 1 &
© 2| O & 2| &}
E [ T [ T
2 0 | I I B 0 2 0 I I I I 0
-2 0 2 4 6 -2 0 2 4 6
Adjusted Displacement (mm) Adjusted Displacement (mm)
—~ 10 = 10
E | (©) —— Ambient _]10 E | (d) —— Ambient _]10
S s —e— Crack Length | =~ > 8 —e— Crack Length | —
< °r —=2c g E £ [ —=20c g E
%’ B —-60°C - = T —-60°C =
g O 16 5 g °F 16 5
3 r 15 3 + 1 5
3 4 sz 3 4 Bl P
© 2| O & 2| &}
E [ T [ T
§ 0 | . 0 § 0 | P I T I T 0
-2 0 2 4 6 -2 0 2 4 6
Adjusted Displacement (mm) Adjusted Displacement (mm)

Figure 5.20: Kahn tear test results of 42 um prior austenite grain size with Nb in precipitates
with cooling rates of(a) 10 °C/s and (b) 50 °C/s, and Nb in solution with cooling rates
of (¢) 10 °C/s and (d) 50 °C/s

displacement data are shown in Figure 5.21. These figures show that with thicker specimens, crack
length increases slightly less with pin displacement compared to thinner specimens. The thinner
specimens also show a greater scatter in crack length measurements overall. It is assumed that the
room temperature crack length measurements and fits to crack length will remain applicable to tests
at colder temperatures. This assumption is made because crack measurements were not possible
due to the nature of immersion testing. It is is believed that this assumption is reasonable since all
tests remain ductile and that the crack growth should be geometrically driven.

The fit to crack length data was then used to determine the E;.,, values. This was done over each
data point for the first millimeter of adjusted displacement, which can be used to construct Ej.,,

curves such as the two shown in Figure 5.22. Note in Figure 5.22 (a) that the appearance of load
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Figure 5.21: Curve fitting of crack length versus adjusted displacement for tests with thickness
close to (a) 1.15 mm (b) 1.25 mm (c) 1.5 mm (d) 2.0 mm (e) 2.5 mm
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drops in this figure clearly show that they represent a very small deviation from the otherwise regular
curve and thus it is reasonable to assume that negligible crack growth occurred during the crack
length measurements. The decrease in Ey., value with increasing crack length may be attributed
to the fact that thinning of the specimen is not accounted for in the calculation. Figure 5.23 shows
two examples of the Kahn surface after fracture. With the notch of the specimen on the right side of
these images it is clear that the sample has thinned after the initial crack growth toward the left from
the notch as part of the fracture process. If E,., used the current thickness instead of the initially
measured thickness, the E;.,, may not show the decrease as seen in Figure 5.22. For comparison to

UPE 1 values, the E;., value was taken at 1 mm of adjusted displacement without any correction

to thinning of the specimen.

g 10 5 g 10 5

= | (@) Kahn Load _| = (b) Kahn Load _|

E 8 Etear 4 E 8 | Etear 4

= = L —

T 6 e T el e

2 °E 8 “E

- 2 - I~ 2

T 4| H2 § O 4 2 5

s {uw N =y

® -1 © 2 -1

£ 1 E | i

§ | 1 10 § 0 1 | 1 | 1 | 1 10

0.0 0.4 0.8 1.2 0.0 0.4 0.8 1.2

Adjusted Displacement (mm) Adjusted Displacement (mm)

Figure 5.22: E,.,, curves determined based on fitted fitted crack data for (a) Nb in precipitates,
42 um prior austenite grain size with cooling rate of 10 °C/s and (b) Nb in solution, 42
Lm prior austenite grain size with cooling rate of 50 °C/s.

The role of thickness on E,.,, and U PE;y_; values was investigated using the as-received con-
dition. Figure 5.24 shows that E,., and UPE,y_, values for the as-received conditions increase
with thickness. Thus, to use E;., and UPE 9 to compare results, a correction for the thickness
effect was needed. To do so required normalizing each test by a test of the same condition that was
closest to a set thickness. The set thickness that the correction would be made to was decided to
be 1.2 mm as this was close to the average thickness for most thermally treated specimens. With
each test normalized, tests that were close in thickness (within 0.05 mm) had their values averaged.

To this normalized E,.,, and UPE,y_ values we reduced to an average point for specimens close
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notch root

WD28. mm 20. 0KV x4 T

Figure 5.23: SEM images of Kahn fracture surface of (a) Nb in precipitates, 42 pwm prior
austenite grain size with cooling rate of 10 °C/s and (b) Nb in solution, 42 pm prior
austenite grain size with cooling rate of 50 °C/s.

in thickness and a curve was empirically fitted to the data. Fitting of the E;., and UPE;y_, with

respect to thickness is shown in Figure 5.25, and the fitting equation takes the form of:

Normalized Energy Fit = ¢(1—exp(—c2(t —c3))) (5.1)

where ¢ is thickness, cj, ¢y, and c¢3 are constants, and the normalized energy fit value is calculated
separately for E;.,- and UPE o with differing values of the constants. For E,,,, fitting, c; is 1.11,
¢y 18 2.6, and c3 is 0.4. For UPE 4, fitting, ¢y is 1.135, ¢; is 2.5, and ¢3 is 0.4.

With a curve fitting for E;., and UPE4y_ with respect to thickness, a correction for thickness
to these values was applied. The effect of this correction is shown in Figure 5.26. In these graphs
it can be seen, particularly when considering the as-received material which covers a wide range
of thicknesses, that the trend of E;.,- and UPE,_; to increase with thickness has been reduced.
From these figures it is seen that there are differences in using E., and U PE;y_;. For instance, the
maximum E;.,, values are seen to be from the condition with with a prior austenite grain size of 42

pm and Nb in solution with a cooling rate of 50 °C/s which is primarily lower bainite structure with
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Figure 5.24: (a) E;.,, and (b) UPE4_; as a function of thickness for the as-received material
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Figure 5.25: Fitting curve for (a) E;., and (b) UPE, y_ as a function of thickness.

no other conditions reaching similar values of E;.,,. In the case of maximum U PE y_; values, it is
seen this condition has still some of the highest values, but are now comparable to the conditions
with prior austenite grain size of 5 um cooled at 50 °C/s with Nb in precipitates and with Nb in
solution which are ferritic and mixed ferrite/bainite microstructures respectively. The lowest value
of E,.,, are seen to be the condition with a prior austenite grain size of 5 um with Nb in precipitates
cooled at a rate of 10 °C/s which is a ferritic microstructure. The lowest value of UPE;y_; the

condition with a prior austenite grain size of 42 um with Nb in precipitates cooled at 10 °C/s which
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is a microstructure that is primarily upper bainite. Table 5.2 summarizes measured Kahn tear testing

properties including the uncorrected and corrected E,.,, and U PE4_; values.
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Figure 5.26: (a) Corrected E,., and (b) corrected UPE,y_; as a function of thickness, ex-
panded to view the thermally treated conditions of both respectively in (c) and (d).
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Table 5.2: Kahn tear test properties

Type Temperature | Orear UPE -1 Corrected UPE Eiear Corrected E;.,, Number of tests
(MPa) (J/mm?) (J/mm?) (J/mm?) (J/mm?)
As-Received Ambient 1203 0.256 0.256 1.80 1.82 9
-20°C 1251 0.271 0.274 1.81 1.74 2
-60 °C
Nb in precipitates, 5 pm @ 10 °C/s Ambient 1080 0.241 0.259 1.49 1.62 3
Ferrite -20°C 1156 0.267 0.267 1.84 1.86 2
-60 °C 1203 0.264 0.261 1.84 1.84 1
Nb in precipitates, 5 um @ 50 °C/s Ambient 1219 0.264 0.275 1.77 1.86 5
Ferrite -20°C 1261 0.286 0.284 1.98 1.99 3
-60 °C 1314 0.297 0.292 2.05 2.05 1
Nb in solution, 5 um @ 10 °C/s Ambient 1171 0.250 0.256 1.72 1.78 3
Mixed Ferrite/Bainite -20°C 1135 0.245 0.278 1.55 1.78 2
-60 °C 1197 0.247 0.288 1.57 1.84 1
Nb in solution, 5 pum @ 50 °C/s Ambient 1245 0.269 0.275 1.81 1.87 3
Mixed Ferrite/Bainite -20°C 1275 0.264 0.304 1.67 1.93 2
-60 °C 1309 0.271 0.300 1.77 1.97 1
Nb in precipitates, 42 um @ 10 °C/s Ambient 1115 0.245 0.248 1.70 1.74 3
Upper Bainite -20°C 1151 0.256 0.251 1.77 1.76 2
-60 °C 1181 0.262 0.256 1.81 1.78 1
Nb in precipitates, 42 um @ 50 °C/s Ambient 1244 0.254 0.268 1.64 1.74 2
Upper Bainite -20°C 1278 0.282 0.276 1.96 1.95 2
-60 °C 1313 0.284 0.281 2.00 2.00 1
Nb in solution, 42 um @ 10 °C/s Ambient 1189 0.219 0.259 1.50 1.78 4
Lower Bainite -20°C 1311 0.288 0.278 1.99 1.97 2
-60 °C 1354 0.290 0.282 2.02 2.00 1
Nb in solution, 42 um @ 50 °C/s Ambient 1386 0.274 0.281 1.94 2.00 3
Lower Bainite -20°C 1442 0.283 0.294 1.93 2.03 2
-60 °C 1511 0.308 0.308 2.23 2.25 1

SLINSHY S YHIdVHO
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5.6 Fractography Results

Fracture surfaces of samples after tensile and Kahn testing were investigated using SEM. The frac-
ture surface as examined at low magnifications for tensile and Kahn specimens were discussed in
previous sections (i.e. see Figures 5.15 and 5.23). These figures were examples of the primarily
ductile fracture surface seen at low magnification in all cases for both tensile and Kahn tests. Fig-
ure 5.27 and 5.28 show high magnification micrographs for several exemplary testing conditions
and testing temperatures for the comparison of tensile to Kahn fracture surfaces. From these figures
it can be seen that for a given microstructure and testing temperature the fracture surface between
tensile tests and Kahn tests showed very similar fracture surfaces. For simplicity then, tensile frac-
ture surfaces will be used here to compare fracture across conditions except where there is no valid
tensile test for that condition wherein the Kahn fracture surface image is used instead.

At higher magnifications the void structure of the fracture surface is revealed. Figure 5.29
shows high magnification of the as-received material. What is seen in this figure is that the void
size remains comparable at all temperatures tested. Figures 5.30 and 5.31 show the high magni-
fication micrographs of the conditions with a prior austenite grain size of 5 um with Nb precip-
itated and cooling rates of 10 °C/s and 50 °C/s respectively. These micrographs show that these
conditions which are ferritic microstructure have comparable void sizes with only the occasional
appearance moderately sized voids when compared to the as-received material which is also a fer-

ritic microstructure. Fracture surfaces with the conditions with a prior austenite grain size of 42

- :wbsa.’sm L 30 um 3 WD15. 5mm 20 T um 30um

Figure 5.27: (a) Tensile and (b) Kahn fracture surfaces as examined by SEM for the condition
with a prior austenite grain size of 5 pm with Nb in precipitates cooled at 10 °C/s tested
at ambient temperatures.
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WD27.5mm 20 30 “m 30um

Figure 5.28: (a) Tensile and (b) Kahn fracture surfaces as examined by SEM for the condition
with a prior austenite grain size of 42 pm with Nb in solution cooled at 50 °C/s tested

at-20 °C.
pm and Nb in solution with cooling rates of 10 °C/s and 50 °C/s are shown in Figures 5.32 and
5.33 respectfully. What is seen from these images is that the void size remains fairly similar to the
conditions with a prior austenite grain size of 5 um with Nb in precipitates with mainly smaller

voids and occasional moderately sized voids.

WD 7.7mm 20 30 um 30um WD25.5mm 20 30 um 30um

Figure 5.29: As-received fracture surfaces for (a) tensile test at ambient temperature (b) Kahn
test at -20 °C (c¢) tensile test at -60 °C
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3

WD21.0mm 20 30 um 30um

Figure 5.30: Condition with a prior austenite grain size of 5 um, Nb in precipitates cooled at
10 °C/s fracture surfaces for (a) tensile test at ambient temperature (b) tensile test at -20
°C (c) tensile test at -60 °C
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Figure 5.31: Condition with a prior austenite grain size of 5 um, Nb in precipitates cooled at
50 °C/s fracture surfaces for (a) tensile test at ambient temperature (b) Kahn test at -20
°C (c) Kahn test at -60 °C
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Figure 5.32: Condition with a prior austenite grain size of 5 um, Nb in solution cooled at 10
°C/s fracture surfaces for (a) tensile test at ambient temperature (b) tensile test at -20
°C (c) Kahn test at -60 °C
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Figure 5.33: Condition with a prior austenite grain size of 5 um, Nb in solution cooled at 50
°C/s fracture surfaces for (a) tensile test at ambient temperature (b) tensile test at -20
°C (c) tensile test at -60 °C
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Figures 5.34 and 5.35 show high magnification micrographs of conditions with a prior grain
size of 42 um and Nb in precipitates with cooling rates of 10 °C/s and 50 °C/s respectively. These
conditions, which are primarily upper bainitic microstructures, have both smaller voids like in the
previous conditions, but now large void structures are seen often across the fracture surface. The
high magnification examination of conditions with a prior austenite grain size of 42 pum and Nb in
solution with cooling rates of 10 °C/s and 50 °C/s are shown in Figures 5.36 and 5.37 respectively.
These figures show that these conditions which are primarily lower bainite microstructure give a
fracture surface with some smaller voids and a number of large voids. These lower bainitic fracture
surfaces show similarities to the fracture surfaces seen in the upper bainitic cases. The large voids
in the condition with a prior austenite grain size of 42 yum with Nb in solution cooled at 50 °C/s are
seen to be a little larger than those of the other conditions with a prior austenite grain size of 42 pm.

All samples showed an amount of small voids on their fracture surfaces. For the ferritic and
ferrite/bainite mixture microstructures that were formed with a prior austenite grain size of 5 pm
the small voids were seen to dominate the fracture surface. In the upper and lower bainite specimens,
which are specimens formed with with a prior austenite grain size of 42 um, large voids are seen
often across the fracture surface. In all conditions, the testing temperature was seen to have little

effect on the size of the voids. Table 5.3 summarizes all observations made of the fracture surfaces.
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WD14.8mm 20 30 um 30um

Figure 5.34: Condition with a prior austenite grain size of 42 um, Nb in precipitates cooled at
10 °C/s fracture surfaces for (a) tensile test at ambient temperature (b) tensile test at -20
°C (c) tensile test at -60 °C
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WD30.9mm 20 30 um 30um

o ek

WD26.4mm 20 30 um 30um WD26.9mm 20 30 um 30um

Figure 5.35: Condition with a prior austenite grain size of 42 um, Nb in precipitates cooled at
50 °C/s fracture surfaces for (a) tensile test at ambient temperature (b) Kahn test at -20
°C (c) Kahn test at -60 °C
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WD30.8mm 20 30 um 30um

Figure 5.36: Condition with a prior austenite grain size of 42 wm, Nb in solution cooled at 10
°C/s fracture surfaces for (a) tensile test at ambient temperature (b) tensile test at -20
°C (c) Kahn test at -60 °C
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WD27.5mm 20 30 um 30um WD15.5mm 20 30 um 30um

Figure 5.37: Condition with a prior austenite grain size of 42 wm, Nb in solution cooled at 50
°C/s fracture surfaces for (a) tensile test at ambient temperature (b) tensile test at -20
°C (c) tensile test at -60 °C
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Table 5.3: Fracture surface observations

Type Temperature \ Tensile Fracture Surface Kahn Fracture Surface
Nb in precipitates, 5 um @ 10 °C/s Ambient Moderate sized voids (5-10 pm) ?;1 la (1)1 ;(I)nr)noderate sized voids throughout
Ferrite -20°C Smaller and moderate sized voids Mainly small voids, some moderate voids
-60 °C Smaller and moderate sized voids Small and moderate voids throughout
Nb in precipitates, 5 um @ 50 °C/s Ambient Mainly small voids Le}llrge voids near notch, small voids else-
where
Ferrite -20°C Mainly small voids, some moderate voids
-60 °C Small and moderate voids throughout
Mainl 11 voi ith
Nb in solution, 5 um @ 10 °C/s Ambient Aty sma voids with some moderate Small and moderate sized voids
and large voids
Mixed Ferrite/Bainite -20°C M?;nly small voids and some moderate Mainly small voids, some moderate voids
voids
-60 °C Moderate size voids throughout
Nb in solution, 5 um @ 50 °C/s Ambient Mainly small voids Small and moderate sized voids
Mixed Ferrite/Bainite -20°C Mz}anly small voids with some moderate Mainly small voids, some moderate voids
oids
vor Small voids and moderate voids, some
-60 °C Smaller sized voids and deep cracks small cracks or ridges parallel to crack
propagation direction
Nb, in precipitates, 42 pm @ 10 °C/S Ambient Mainly smaller voids ?l/llr(:ierggeuilzed voids and some large voids
Upper Bainite -20°C Mainly small voids with a few larger voids tShT(iigh(?S? moderate (o large  voids
60°C Smaller and moderate voids, and some Large voids throughout
deep cracks
Nb, in precipitates, 42 pm @ 50 °C/S Ambient Small voids with plenty of larger voids I]arge{lvmds near notch, moderate voids
elsewhere .
Upper Bainite -20°C Small voids and some larger voids ;/ert)tz arge voids near notch, large voids
urther in
-60 °C Smaller voids and some cracks Large voids throughout
Nb in solution, 42 um @ 10 °C/s Ambient Mainly small voids with some large voids ~ Large voids throughout
Lower Bainite -20°C Small voids with some large voids Large voids and a few very large voids
60 °C Small and large voids with numerous Large voids near notch, some small cracks
cracks further in
Nb in solution, 42 um @ 50 °C/s Ambient So.r(rile small voids and numerous large Very large voids throughout
voids . .
Lower Bainite 20°C Very 1a.rge voids near notch, large voids
further in .
Large and very large voids near notch,
-60 °C ridges and cracks parallel to crack prop-
agation direction further in

Void diameter sizing is approximated as follows: small (1-5 pm), moderate (5-10 um), large (10-15 pm),

and very large (15-20 pm).
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Discussion

6.1 Introduction

From the test results, there were many interesting findings which will be discussed in this chap-
ter with particular attention given to the relation between microstructure and observed properties.
Where appropriate, analysis is extended further to provide insights. Also of importance to the dis-
cussion is examining the applicability of test and analysis methods used here so as to be clear about
the potential and limitations. As such, the most crucial aspect of testing is first addressed, i.e. the
ability to consistently create isolated bulk microstructures for testing that are of relevance to real

observed HAZ microstructures.

6.2 Weld Trials and Gleeble Heat Treatments

Weld trials provided the heating and cooling rate data that guided Gleeble heat treatments. Consid-
ering this, the HAZ microstructures developed in weld trials can be compared to the microstructures
generated through Gleeble heat treatments to determine if these heat treated microstructures are of
relevance. Figures 6.1, 6.2, and 6.3 shows typical microstructures seen in the HAZ from the trials
along with microstructures from Gleeble heat treatment that appear similar from metallographic
comparison. It is seen that the HAZ microstructures in close proximity to the fusion line (i.e. mi-
crostructures in the CGHAZ and FGHAZ) largely show features (i.e. constituents, coarseness, and

morphology) comparable to those produced by the Gleeble heat treatments. While the purpose of
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Nb in precipitates, 42 um, 10°C/s Nb in precipitates, 42 pm, 50°C/s
Upper Bainite Upper Bainite

Figure 6.1: (a) Weld trial HAZ microstructure of a 70 mm (2.75”) torch spacing compared to
(b) Gleeble heat treated microstructures.
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(b)

Nb in solution, 42 pm, 50°C/s Nb in solution, 42 ym, 10°C/s
Lower Bainite Lower Bainite

Figure 6.2: (a) Weld trial HAZ microstructure of a single torch sample compared to (b) Glee-
ble heat treated microstructures.
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Nb in solution, 5 um, 50°C/s Nb in precipitates, 5 um, 50°C/s
Mixed Ferrite/Bainite Ferrite

Figure 6.3: (a) Weld trial HAZ microstructure of a different single torch sample compared to
(b) Gleeble heat treated microstructures.
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this study is not to reproduce exactly the individual microstructures in the HAZ using Gleeble heat
treatments, it is seen that the microstructures that have been produced are of relevance to the HAZ.
Furthermore, it is seen in these figures that Gleeble heat treatments that would be expected to only
have relevancy further from the fusion line in some cases produced microstructures that are in fact
showing similarities to the microstructure observed close to the fusion line. While it is not clear
why this is the case, it is probable that subsequent weld passes have affected the final microstructure
in these positions, making a straightforward relation between distance from the fusion line and the
Gleeble heat treatment not possible. Plausible scenarios for the observed thermal history in each
case will follow. In Figure 6.1, the heating cycle in the weld may not have been enough to dissolve
all of the Nb containing particles in the CGHAZ prior to cooling, resulting in a microstructure that
is similar to the shown thermal cycles with 42 um prior austenite grain size and Nb in precipitates.
In Figure 6.2, the single torch weld observed close to the fusion zone is similar to the Gleeble heat
treatment with Nb in solution with a large prior austenite grain size. The weld microstructure in
Figure 6.3 shows fine features in the area close to the fusion zone. It is likely that in this case,
the microstructure was affected by a subsequent pass of the weld torch placing the region into the
FGHAZ which is well represented by the observed Gleeble heat treatments that use a small prior
austenite grain size. By design, the Gleeble heat treatments did not attempt to encompass all thermal
cycles and their resulting microstructures. For example, microstructures in the ICCGHAZ, the zone
noted in literature [61-64,68] to be a potential site of low toughness in the HAZ, are not investigated
in this study due to this microstructure being only a small portion of the HAZ, and due to constraints
of time and material.

It was seen in Figure 5.5 (d) that there was some spread in peak temperatures for Gleeble heat
treated samples with a prior austenite grain size of 42 um grain size (peak temperature of 1350
°C). To assess the significance of this variation on prior austenite grain size, the microstructure
prediction model of Maalekian et al. [148] was used on tests giving the lowest peak temperature
(1320 °C), close to the aim peak temperature (1350 °C), and the highest peak temperature (1380
°C). For the thermal cycle giving the lowest peak temperature, the model predicts that the austenite
grain size would be 39 um which is close to the goal of reaching a 42 pm austenite grain size. For
the thermal cycle resulting in the highest peak temperature, the model predicts that the austenite

grain size should be 50 um. This is noticeably higher than the aim of 42 um. Austenite grain size
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influences the transformation start temperatures; an increase in the austenite grain size correlates
with a decrease of the transformation temperature, which is to say that it promotes lower bainitic
and even martensitic transformation products. From the model, the predicted microstructure for the
sample with the significantly higher grain size remains fully lower bainitic with a small amount of
martensite, which is the same microstructure constituents observed from specimens closer to the
aim peak temperature of 1350 °C. The austenite grain size also influences the packet size of the
lower bainite laths. While this packet size could affect the cleavage fracture toughness, it is not
expected to affect the tensile properties or ductile fracture properties. Thus the difference between

samples with 39 um and 50 wm austenite grain sizes are not significant in the context of this work.

6.3 Kocks-Mecking Analysis

Having shown that there is confidence in the Gleeble heat treatments to generate microstructures
of relevance to the HAZ, the rest of the discussion focuses on the results of mechanical testing.
This discussion will first examine the results from tensile testing, and then move on to the relation
between microstructure and tensile properties in the following section.

The tensile testing results in Section 5.4 showed some interesting behaviour. Figure 6.4 shows
the schematic of one test condition at two temperatures that typifies the stress-strain curves as ob-
served from the thermally treated specimens. It is seen that the elastic-plastic transition for these
stress-strain curves is very rounded, which is to say that there is no distinct yield point observed and
that yielding occurs over a range of strain. This makes determination of the yield strength difficult,
which lead to the selection of using the 0.5% offset yield strength over the typical 0.2% as this gave
more consistent values across tests of the same test conditions. The strict use of an offset yield
strength to characterize the yield point however ignores the details related to micro-yielding.

After yielding begins, work-hardening occurs and is measured up to the Considere condition
(i.e. start of necking), which was reached in all test conditions as typified by the results shown in

Figure 6.4. Work hardening is represented by the work hardening rate given by:

do
0=— 6.1
Je (6.1)
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Figure 6.4: Example true stress-strain data from Nb in precipitates, 5 wm prior austenite grain
size cooled at 10 °C/s at two different temperatures with labelling of notable properties.

with the Considere condition being defined as:

io_,
de

(6.2)

After the Considére criteria is reached, the cross-sectional area in the neck changes from the

initial value and to observe the work-hardening would require measurement of the changing cross-

sectional area in the necked region. In this study, no such measurements were made and thus work-

hardening can only be measured up to the point of necking, with the exception of the measurements

made after the test and thus relating to the point of final fracture. The work-hardening behaviour in

this study, typified in Figure 6.4, shows that as testing temperature decreases from ambient temper-

atures, greater work-hardening rates are observed, greater elongation at the Considére condition is

observed, and greater stress at the Considere condition is observed. There are some exceptions to

this work hardening behaviour which will be discussed shortly.
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A more complete analysis of the work hardening behaviour follows the framework of Kocks-
Mecking [112,114,149], plotting the work-hardening rate against stress and is shown schematically
in Figure 6.5. From such a plot, various stages of a steel’s deformation can be observed. As the stress
first increases, the steel is within the linearly elastic region and 0 should be equal to the Young’s
modulus of the material. With stress increasing further, the steel experiences the elastic-plastic
transition and 0 rapidly decreases. Following the elastic-plastic transition, stage III work hardening
is seen with a constant (i.e. linear) decrease of 8 with increasing stress, which is the stage of work
hardening seen in the typical tensile test and is the most important for this investigation of work
hardening behaviour. The stage IV low work hardening rate is important to high strains, which are

observed in the plots of true stress-strain including the true fracture stress.
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Figure 6.5: Schematic of the 6 vs 6;,,,, showing the definition of operational parameters.

The stage III deformation regime, with some reasonable assumptions, can give parameters with

a physical basis. The strengthening contribution of work hardening was previously defined by:

Ous = aMGbp'l? (6.3)
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where the dislocation density, p, evolves according to:

dp

_ 12 _
7e, kp'? —kop (6.4)

The theoretical dislocation hardening saturation stress, 8, 5, at which no further dislocation strength-

ening occurs via stage III mechanisms, can be seen in Figure 6.5, and calculated by:

M
omsza;?h (6.5)

The initial work hardening rate for dislocation contribution to flow stress is given by:

aMGbk
O4is 0 = fl (6.6)

As the steel in this investigation does not have a clear yield point, it is useful to follow the work
of Cheng et. al. [150]. Similar to Cheng’s work, 8,,,, is defined by the intersection point between
the linear extrapolation of the elastic-plastic transition region and of the stage III region on the 6
Versus Oy,e graph as shown in Figure 6.5.

From the relations above, the physical basis of these parameters can be seen. 6,,,, is propor-
tional to k; (the dislocation storage rate) according to equation 6.6, and thus can be used by direct
comparison to examine this term. The dynamic recovery term of the work hardening equation, &,

can be determined from the slope in stage III according to:

ok

Jo- 2 6.7)

Importantly, k; represents an athermal term related to 6,,,, and k; represents a thermally dependent
term related to d0/do. Consequently the value of AGg,,, (as shown in Figure 6.5) represents a

combination of these terms. With these terms the effect of test temperature on work hardening can
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be examined critically.

To give an example of the analysis from the current study, Figure 6.6 shows an example of the
data from a single condition tested at the three testing temperatures. As it is not typical to see values
plotted against stress it is helpful to recognize the trends between the more common stress-strain
and O-strain plots and 8-stress plots. At the start of the tests the hardening rate is equal to the elastic
modulus, and drops from there as the material progresses into the plastic region. This effect is seen
in both Figure 6.6 (b) and (c¢) which show hardening rate plotted against true strain and true stress
respectively. The value in continuing the analysis becomes evident in Figure 6.6 (d). This plot of 6

versus O — Oy, reveals the 6,,,, and d0/do at a glance which are in turn directly related to the k;

and k, respectively.
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Figure 6.6: Analysis of tensile tests data from the condition with Nb in solution with a prior
austenite grain size of 42 um grain size and 10 °C/s cooling rate (lower bainite primary
microstructure). Plots of (a) True stress vs true strain (b) 6 vs true strain (c) 6 vs true
stress and (d) 8 vs 0 — Oy;.
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Figure 6.7 shows the comparison of the 6 versus 6 — Oy, plots at all testing temperatures for
an example condition of each primary microstructure. From this figure, an important observation is
that width of the curves, which is related to the extent of work hardening, decreases from the ferrite

to the mixed ferrite/bainite, to the upper bainite and finally to the lowest in the lower bainite.
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Figure 6.7: 0 vs 6 — oyy of conditions with (a) ferrite primary microstructure (Nb in precip-
itates, 5 wm prior austenite grain size, 10 °C/s) (b) mixed ferrite/bainite primary mi-
crostructure(Nb in solution, 5 pm prior austenite grain size, 50 °C/s), (c) upper bainite
primary microstructure (Nb in precipitates, 42 pm prior austenite grain size, 10 °C/s),
and (d) lower bainite primary microstructure (Nb in solution, 42 um prior austenite grain

size, 10 °C/s).

For more detailed analysis, Table 6.1 presents the work hardening parameters for all tests and
conditions while Figure 6.8 displays this data with respect to material properties (e.g. yield strength)

or testing conditions (i.e. temperature).

Figure 6.8 (a) and (b) shows that the extent of work hardening (AGg,,..) has correlation to both
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Table 6.1: Work hardening operational parameters

Type Temperature ‘ Onax MPa)  —dO/dc  Acgua (MPa)
Nb in precipitates, 5 um @ 10 °C/s Ambient 6730 27 254
Ferrite -20°C 6860 20 341
-60 °C 7660 21 373
Nb in precipitates, 5 um @ 50 °C/s Ambient 5730 24 236
Ferrite
Nb in solution, 5 um @ 10 °C/s Ambient 6710 24 277
Mixed Ferrite/Bainite -20°C 6610 22 302
Nb in solution, 5 um @ 50 °C/s Ambient 7280 28 257
Mixed Ferrite/Bainite -20°C 7360 26 285
-60 °C 7280 25 296
Nb, in precipitates, 42 um @ 10 °C/S Ambient 5430 26 206
Upper Bainite -20°C 6360 24 263
-60 °C 7100 23 311
Nb, in precipitates, 42 pum @ 50 °C/S Ambient 5350 32 166
Upper Bainite -20°C 6600 27 240
-60 °C 5260 22 240
Nb in solution, 42 um @ 10 °C/s Ambient 5020 33 150
Lower Bainite -20 °C 4320 25 171
-60 °C 4650 22 213
Nb in solution, 42 um @ 50 °C/s Ambient 5400 47 114
Lower Bainite

yield strength and testing temperature. AGy,,., is seen to decrease with increasing yield strength in
Figure 6.8 (a) and increasing with decreasing temperatures in Figure 6.8 (b). The increase of AGg,qx
with decreasing temperatures can be explained in part by considering the effect of temperature on
dynamic recovery as represented by —d0/dc. The —d6/do value is seen to to decrease with
temperature as in Figure 6.8 (c). If 6, is fixed, the influence of a lower —d6 /dc would cause an
increase in ACg,,, With decreasing temperature.

In Figure 6.8 (d) it can be seen that there is dependence of 6,,,, with microstructure. The
microstructures with notable amounts of MA (i.e. the mixed ferrite/bainite, and the upper bainite
microstructures) show a lower value of 6,,,, compared to the other microstructures. All ,,,, values
fall within the range of 5000 to 7500 MPa which compares well with literature on BCC metals
which estimates 6,,,, to be equal to the shear modulus divided by 10 to 20, which works out to

approximately 4000 to 8000 MPa [151] for steels. With regard to temperature, 8,,,, appears to
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Figure 6.8: Plots of (a) AGgax VS Oys 0.5% offset at ambient testing temperature, (b) AGguqx VS
testing temperature,(c) —d 60 /do vs temperature, and (d) 6,4, Vs temperature.

be temperature independent (i.e. within +10%) with two exceptions. The exceptions are those

conditions of Nb in precipitates with a prior austenite grain size of 42 um with cooling rates of

10 and 50 °C/s which are microstructures of mixed ferrite/bainite with significant MA which may

significantly contribute to the work hardening. As 6,,,, is related to the k; term a temperature

dependency is not expected for single phase materials.

A close examination of —d60/dc in Table 6.1 shows that the dynamic recovery term decreases

most significantly in the lower bainite specimen, mainly upper bainite condition with the finer struc-
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ture, and the ferrite specimen. The microstructures of primarily mixed ferrite/bainite, and upper
bainite with a coarser structure show very little decrease of —d6 /doc with decreasing testing tem-
perature. This effect is clearly seen in Figure 6.8 (c), however it is not immediately clear why
physically there would be such a significant difference in these specimens with respect to dynamic
recovery processes between the microstructure types.

A recent approach by Bouaziz [152] to the Kocks-Mecking analysis proposes a modified dislo-
cation density evolution law which can be applied to the current data. Bouaziz’s proposed disloca-

tion density evolution law is given as:

dp
de,

— M <’;\rpexp(_§fp)> 68)

where M is the Taylor factor, k is a constant describing dislocation accumulation similar to k; from
Kocks-Mecking analysis, and & is a characteristic length scale which can physically be interpreted
as the capture distance for dynamic recovery. Note that this equation reduces to the Kocks-Mecking
dislocation evolution equation if & ,/p < 1.

Using this evolution law, along with the dislocation density strengthening contribution a simple
model of the stress strain curve can be made. In this model, the initial yield stress is set and the
dislocation strengthening contribution is added to it, changing with incremental steps of strain. This
model has four input parameters which are, k, the initial yield strength oy ¢, initial dislocation den-
sity po, and & value. Fitting these to the experimental curves is then done with three reasonable re-
strictions. Firstly, the k value is taken as a constant of 0.2 throughout all conditions and temperatures
as it is assumed that the storage of dislocations in these microstructures are the same and is temper-
ature and strain rate independent. Secondly, initial dislocation densities for a given microstructure
remain the same at all test temperatures. That is to say the initial dislocation density of a microstruc-
ture is related to the transformation start temperature for given microstructure. Initial dislocation
densities are selected to be within an reasonable range for a given microstructure, increasing with
decreasing transformation start temperature (74,+) [16]. The relation between the selected p for the
model and approximate T, of the microstructures is shown in Figure 6.9. The third restriction is

that for a given test temperature all test conditions should have the same & value. The £ value is
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Figure 6.9: The relation between selected initial dislocation density and the approximate trans-
formation start temperature based on the experiments of Reichert [147].

related to the rate of dynamic recovery for a given overall dislocation density. It is assumed that
dynamic recovery has a temperature dependency as shown in Figure 6.10. The remaining fitting
parameter then is the initial strength which is temperature dependent which is selected to give the
best fit of the model to the current condition at the current temperature. By numerically integrat-
ing equation 6.8 the dislocation density evolution is determined with incremental steps of plastic
strain. This contribution to the flow stress is then calculated using the Taylor equation as discussed

previously and repeated here:

Ous = aMGbp'/? (6.9)

To compare this model with the true stress-strain curves from experiments, the plastic strain for

the experiments is determined according to:

Otrue
Eplastic =  Etotal — E (610)

where €p44ic 18 the plastic strain, &, 1s the measured total strain, Gy, is the measured true strain,
and E is the Young’s modulus. Note the second term on the right hand side of the above equation

represents the elastic strain. With €44 now defined, a comparison of the model to the experiment
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Figure 6.10: The selected value of & (i.e. related to dislocation capture distance for dynamic
recovery) versus testing temperature

can be meed. Figures 6.11 and 6.12 shows this at all testing temperatures for tests from microstruc-
tures with a prior austenite grain size of 5 pm and 42 pum, respectively. Table 6.2 summarizes the
model parameters used in fitting the model.

From the figures showing the model and experimental stress-strain curves it is seen that the
model using the Bouaziz evolution dislocation density evolution law provides a good fit to all work
hardening data. As this works for such a wide number of conditions with very few changes to pa-
rameters, this model is quite robust in describing work hardening behaviour. This model can be
seen as a simple constitutive relation that accounts for test temperature via the initial yield strength
and & values. However, the model does not well describe the observed elastic-plastic transition
(e.g. figure 6.12 (d)), and this presents a limitations of the model. Further discussion of mi-
crostructure relations to work hardening behaviour will be revisited in the following discussion

of the microstructure-property relationships.
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Table 6.2: Work hardening model parameters

Type Temperature ‘ Po (1/m?) Oy5 0 (MPa) & (m)
Nb in precipitates, 5 um @ 10 °C/s Ambient 1.0x10'° 425 2.15x1077
Ferrite -20 °C 1.0x1010 430 1.95x10~7
-60 °C 1.0x10'° 440 1.65x10~7
Nb in precipitates, 5 um @ 50 °C/s Ambient 5.0x10'° 485 2.15x1077
Ferrite
Nb in solution, 5 pm @ 10 °C/s Ambient 4.0x10"! 435 2.15x1077
Mixed Ferrite/Bainite 20 °C 4.0x10"! 440 1.95x1077
Nb in solution, 5 um @ 50 °C/s Ambient 8.0x10'! 500 2.15x10~7
Mixed Ferrite/Bainite 20 °C 8.0x10"! 515 1.95x10~7
-60 °C 8.0x10!! 535 1.65x10~7
Nb, in precipitates, 42 um @ 10 °C/S Ambient 5.0x10"2 405 2.15x1077
Upper Bainite 20 °C 5.0x10"2 420 1.95x1077
-60 °C 5.0x10"2 425 1.65x10~7
Nb, in precipitates, 42 um @ 50 °C/S Ambient 2.0x10"3 485 2.15x1077
Upper Bainite 20 °C 2.0x1013 490 1.95x1077
-60 °C 2.0x10"3 500 1.65x10~7
Nb in solution, 42 pum @ 10 °C/s Ambient 3.5x1013 470 2.15x1077
Lower Bainite 20 °C 3.5x1013 505 1.95x10~7
-60 °C 3.5x10"13 505 1.65x10~7
Nb in solution, 42 um @ 50 °C/s Ambient 5.0x10"3 605 2.15x1077
Lower Bainite
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6.4 Microstructure-Tensile Properties Relationships

With results of the microstructures and the mechanical properties from the Gleeble heat treated
samples having been presented, the relation of how the former leads to the latter can now be dis-
cussed. This discussion will focus on how microstructure relates to the properties determined from
the tensile tests at ambient temperatures. Where prominent, the discussion is expanded to examine
temperature effects on the microstructure-tensile property relationship.

The tensile properties up until necking can be seen to be primarily affected by two microstruc-
ture features. These two features are the constituents and the characteristic length scale of the mi-
crostructure. This can be seen for example in Figure 6.13 which shows the different yield strength,
tensile strength and uniform elongation against the primary microstructural constituent at ambient
testing temperatures. From this graph it is seen that the lowest strengths but highest uniform elon-

gations are given by the samples with primarily ferrite as the major constituent, with a coarse mor-
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Figure 6.13: Yield strength, tensile strength and uniform elongation at ambient temperatures
plotted for each microstructure.
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phology. At the other extreme, the highest strengths, which correlates with lowest uniform elon-
gation, are found in the microstructure with lower bainite as the main constituent with the finest
structure. Of samples with similar microstructures, it is seen that as the microstructure is refined
both yield and tensile strength increases, while uniform elongation decreases.

To discuss the relation of microstructure and tensile properties, it was seen in Section 2.8 that
equation 2.5 well represented the individual contribution mechanisms to the strength of a specimen.

This equation is repeated here:

Ctot = Op+ O+ Oppt + Ouis + Ogb (6 1 l)

To examine further the differences in strength resulting from microstructural changes, it is useful
to discuss the influence of the various microstructures on the strengthening terms of equation 6.11.
To quickly review, the strengthening contributions can be separated into the inherent strength of the
lattice to dislocation movement (6y), solid solution strengthening (0, precipitation strengthening
(0ppt), dislocation interaction strengthening (0y;s), and grain boundary strengthening o). Each
of these contributions will now be discussed individually with respect to the microstructural con-
stituents observed. As the primary microstructures (ferrite, upper bainite, lower bainite) are BCC
matrices, it would be expected that oy would be similar for each of these phases. On the other
hand, the MA phase will have a different 6y, as both of the structures that make up this phase
have a different lattice structure (body centered tetragonal (BCT) for martensite, FCC for austen-
ite). As the fraction of MA is relatively low in the ferrite and lower bainite specimens (i.e. less
than 5%) and to a first approximation can be ignored. The more significant MA fractions (i.e.
~10%) in the mixed ferrite/bainite as well as upper bainite specimens mean that the 6y may need
to be accounted for. The relative amount of martensite and retained austenite remains difficult to
characterize. It is not clear how significant the influence of these phases will be on the composite
strength of the microstructures, although recent preliminary work by Reichert [153] using EBSD
suggests that martensite primarily makes up the MA in these cases. The BCC structures of ferrite,
upper bainite, and lower bainite along with the BCT structure of martensite would be expected to

have a relatively high Peierls-Nabarro strength and strong temperature dependence. On the other
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hand the FCC austenitic structure would not be expected to have a strong temperature dependence.
Specimens with a high amount of MA (i.e. mixed ferrite/bainite, and upper bainite) may show less
temperature dependence in the oy term if the austenite is the predominate constituent of the MA
phase.

Solid solution strengthening changes in two ways for this study, firstly by design wherein the
presence of Nb(C,N) is controlled, and secondly how the solid solution strengthening elements
are distributed in the microstructure with respect to its constituents. While Nb is noted to have a
moderate solid solution strengthening effect, it is relatively unimportant compared to the interstitial
solutes of C and N. Therefore it is most important to consider the amount present and the distribution
of these elements, and in particular the carbon. The primary phases of ferrite, upper bainite, and
lower bainite are known to have low solubilities of C. It is expected, regardless of the presence of
Nb(C,N), that C which is in solution becomes distributed into the MA phase or precipitated out in
another form (such as interlath carbides in upper bainite, or intralath carbides in lower bainite), or
some combination thereof. In the case of C enriching the MA phase, a significant increase of the
oy component for each of these phases would be expected. In samples where Nb(C,N) has been
dissolved there is potential for the MA phase to reach higher carbon contents, and consequently
higher solid solution strengthening contributions. However, as there is only a limited amount of
Nb in this chemistry, it can be expected that the difference is not significant. Consequently, the
contribution of solid solution strengthening is likely to be similar and limited in significance for the
primary microstructure constituents of ferrite, upper bainite and lower bainite.

Consideration of changes to the strengthening contribution of precipitates follows a similar ar-
gument to that of solid solution. That is, changes to 6, are determined on one hand by the amount
of Nb(C,N) precipitates present by design, and secondly by which precipitates form and how they
are distributed in each constituent. Regarding the Nb(C,N) precipitates, these are found in the as-
received material to be well distributed throughout the microstructure and consisting of two sets
of sizes (i.e. 2 nm and 69 nm respectively) [143]. It is assumed that the majority of Nb in the as-
received material is contained within the Nb(C,N) precipitates. In the case of Nb in precipitates with
a 5 um prior austenite grain size, no solutionizing treatment was applied and the final microstruc-
tures (which are the samples with the main constituent of ferrite) are expected to have the same

distribution Nb(C,N) precipitates. In the sample with Nb in precipitates and a 42 pum prior austenite

112



CHAPTER 6. DISCUSSION

grain size, which are the specimens with upper bainite as the primary constituent, the solutionizing
treatment combined with the 20 minute reprecipitation only resulted in about 50% of the Nb being
in precipitates [147]. As these precipitates are formed in austenite, they are expected to be relatively
coarse and thus their strengthening contribution would be low.

Besides Nb(C,N) precipitates, there are many others that may contribute to the strengthening ef-
fect such as TiN, or MoC. Importantly, TiN is not significantly influenced by the thermal treatments
applied here and will remain consistently distributed in all microstructures. MoC on the other hand
will dissolve in solutionizing treatments and will not precipitate under the cooling conditions ap-
plied, which means this distribution should remain consistent across the microstructures as well. An
important difference is recognized in the distribution of carbides between upper bainite and lower
bainite constituents exists. In upper bainite, larger sized carbides are formed between bainite laths.
As these are not in the matrix of the upper bainite, they will not interfere directly with the dislocation
motion and their contribution to ©,,; will be limited. In lower bainite, carbides also form between
the bainite laths, although these precipitates are smaller. Furthermore, in lower bainite carbides also
form within the laths, but as these are relatively coarse they will not likely add significant strength
to -

As previously stated, there is a significant increase in strength observed for samples with the
same primary microstructure but different characteristic length scales. For cases where only the
length scale is changing with the same primary microstructure then the most significant change on
the tensile strength would be through the grain size effect on strengthening. This contribution typi-
cally defined by the Hall-Petch equation, as given in equation 2.11, shows that grain size strength-
ening is inversely proportional to the square of the effective grain size. In ferrite specimens the
effective grain size can be taken to be equal to the actual grain size. For microstructures with upper
and lower bainite, the effective grain size can be associated with the lath size. In every case, the
effect of a higher cooling rate but with a same final primary microstructure constituent results in a
significant refinement of microstructure (i.e. effective grain size) and consequently a higher strength
for these structures. Grain size thus has a critical influence on the strengthening contributions.

The microstructure relation to the dislocation strengthening contribution (o) will be discussed
first in terms of the initial dislocation density which influences the yield strength, and then in terms

of the evolution of the dislocation density (and thus strain hardening behaviour). The initial dis-
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location density differs between the microstructural constituents. The initial dislocation density
increases progressively with lower temperature transformation products, which is to say ferrite has
a lower initial dislocation density than upper bainite, which is less than lower bainite, which is less
than martensite. As a result, the initial dislocation strengthening contribution will follow the same
trend. This effect is likely to be a major factor in this study across the various microstructures, and
indeed the observed yield strength follows this trend.

The strengthening contribution and resulting work hardening behaviour is complexly related to
the microstructure. The dislocation strengthening contribution, previously presented in equation 2.9,

is repeated here:

Ous = aMGbp'/? (6.12)

The dislocation evolution equation from Bouaziz, previously introduced in equation 6.8, and re-

peated here:

dp
de,

= M(Zﬁexp(—g\fp)> (6.13)

It is of interest to discern how the initial dislocation density, dislocation storage (k), and dynamic
recovery processes (£) vary with microstructure. Utilizing the discussion presented on the Kocks-
Mecking analysis of the results, some speculation can be made as to how microstructure affects the
various parameters. The initial dislocation density varies with microstructure according to the strain
of transformation. It is expected that the initial dislocation density increases with decreasing trans-
formation start temperature of the microstructural constituent as discussed previously, and indeed
correlates with the yield strengths observed from the thermally treated specimens. Alongside the
grain size strengthening contribution, the dislocation strengthening contribution also represents a
primary influence on the strength differences between microstructures.

So far the discussion of the dislocation strengthening contribution has focused on the initial

yield strength, and thus the initial dislocation density, of the material. The evolution of strength
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with strain, and thus the evolution of dislocation density is important and is seen to vary with
microstructure constituent. In the Bouaziz model it was seen that the dislocation storage term k is
related to 6,,,, while dynamic recovery processes represented by the & term are related to —d0 /do.
First considering the dislocation storage, it is seen that there is a weak correlation at least at ambient
temperatures of 6,,,, on yield strength, with 6,,,, decreasing slightly with increased yield strength.
This trend is at best weakly correlated with the initial dislocation density relation to transformation
start temperatures (i.e. ferrite specimens with low initial dislocation densities give higher 0,
values and lower bainite specimens with higher initial dislocation densities give lower 6,,,, values).

The dynamic recovery, or the & term, is related to —d60/do value from the Kocks-Mecking
analysis. This value does not show any consistent trend with microstructure constituent. The ma-
jority of the —d 6 /do values at ambient temperatures fall within the range of 24 to 33, but the lower
bainite microstructure with the fine length scale show a significantly higher —d6 /d o of 47. It is not
immediately clear why —d 6 /do for this exceptional condition is so high. The fact that this excep-
tional condition shows a very small amount of work hardening means that there is a small range to
evaluate, as well the non-distinct elastic-to- plastic transition may explain some uncertainty in this
value. Interestingly, it was shown that when the Bouaziz dislocation model is used, the fit even to
this extreme condition appears to be fairly good with one value of & (i.e. capture distance for dy-
namic recovery) at ambient temperature. This supports the assertion that this point of —d6/dc for
lower bainite is an outlier due to analysis sensitivities. Furthermore, the use of the model highlights
the fact that dynamic recovery is insensitive to the differences between these microstructures.

The dynamic recovery term is also expected to have a temperature dependency. This depen-
dence is seen with —d6/do decreasing with decreasing test temperature. This in turn gives the
work hardening behaviour a temperature dependence. This effect is significant as work hardening
was seen to differ with temeprature clearly from the experimental stress-strain curves. Using the
Bouaziz model, a clear temperature dependency of the £ value was seen to fit all curves well. From
observations, the decrease in —d 6 /dc with decreasing temperature is noted to be greatest in sam-
ples with primary microstructures of lower bainite, and of upper bainite with a finer microstructure.
It is uncertain why these cases in particular show a stronger decrease of —d6/dc by observations,
but as the & fit to the stress strain curves is robust it is likely that the stronger decrease may again,

be due to an issue with sensitivity in the analysis.
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The grain boundary strengthening effect was previously discussed on the basis of comparing
between microstructures of the same primary constituent. It was discussed that this effect was quite
significant within the basis of consideration. Considering now the difference between microstruc-
tures on the basis of their effective grain sizes (i.e. related to the typical grain size definition in
ferrites, or related to lath spacings in bainites), it is reasonable to correlate the increase of yield
strength microstructures with the decrease in effective grain sizes when comparing microstructures.
As the effective grain sizes vary significantly with microstructure (ferrite given the largest, and
lower bainite the lowest), the strength can be expected as well to vary significantly. This is indeed

observed in the results.

6.5 Kahn Tear Testing

In Kahn tear testing it was seen that all conditions failed in a ductile manner. This is in line with
the ductile failure seen in all conditions of the tensile tests. As such, Kahn results detail differences
in ductile failure between the different microstructures. In distinction from the tensile tests, the
presence of a notch then growing crack allows for the examination of this ductile failure in a state
of higher stress triaxiality. Before such comparisons are made, a critical look at the testing method
is presented.

The Kahn tear test was selected for this study for numerous reasons, but particularly that of
its compatibility with Gleeble specimen dimensions and simplicity in setup and measurement. In
turn, there were a number of issues related to using this test as a fracture test. Foremost is the
fact that the plane-strain condition is not reached. A quick calculation estimates that the plane
strain condition would require a thickness over 17 mm. This thickness cannot be met due to both
limitations of the Gleeble testing, and the simple fact that this is actually thicker than the supplied
plate. Consequently, there will be an influence of thickness and plasticity on the ability to measure
a true fracture toughness in a simple manner. It was seen in testing (see Figure 5.24) that even the
relative measures of toughness of E;.,, and UPE,y_; showed a dependence on thickness. While
these values were corrected for thickness previously, and henceforth these corrected values are
referred to as E., and UPE4_1, they still do not represent true fracture toughness. As both of
these values are determined using an energy taken directly from the load displacement curve they

do not only represent of the energy associated with the fracture process. Consequently, there is no
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simple analytical relation between these values and typical true toughness measures.

The inability of E;.,- and UPE y_; to measure a true fracture toughness does not preclude the
use of these values to potentially represent the toughness in a relative but quantitative way of the
samples tested here. As the tested conditions have somewhat similar tensile properties (i.e. yielding
and strain hardening is comparable for all specimens), it is reasonable to expect that any observed
differences in these values between conditions will be the result of microstructural differences on
ductile fracture. That is to say the effects from different tensile properties on plastic zone size devel-
opment with respect to both in-plane plastic zone size and the extent of thinning at the crack tip is
relatively insignificant over the range of yield strengths, tensile strengths, and strain hardening rates
as observed in tensile testing. In addition, it is important to consider the error in these measure-
ments. Specifically, the use of a crack measurement in E;.,, calculations introduces a possibility for
greater error associated with accuracy in the crack length measurement. In developing the master
curve for crack elongation with displacement at a given thickness it was seen that there was moder-
ate but acceptable scatter in the crack length measurements. Additionally, there was an assumption
of applicability of these crack curves from ambient temperatures to the lower testing temperatures.
As the material largely shows comparable stress-strain responses at these temperatures it seems rea-
sonable that crack growth will occur in a similar manner. Considering then that E;.,- and UPE 0
can be taken as relative measures of ductile fracture toughness, the discussion can move on to ex-
amine the effectiveness of using these values in practice to compare ductile fracture resistance of
different microstructures.

Between the values of E;., and UPE y_ there are some differences in ranking the microstruc-
tures. E., represents a more rigorous method of measuring relative toughness to which UPE 4
value can be compared. However, given the practical difficulties with determining the E;., value
the question remains if UPE,4_1 can adequately be used. This comparison can easily be observed
by plotting E;.,, against UPE,y_; normalized by their maximum values, as shown in Figure 6.14.
Note for this figure, and future figures referring to Kahn properties, error bars are defined based
on the standard deviation of nine tests of the as-received material. In this figure, if these two val-
ues were perfectly proportional the data would collapse to a direct relation. In doing so, some
differences are noted. Notably, for the condition with Nb in precipitates, prior austenite grain

size of 5 um and 10 °C/s cooling show quite low values of E.,,, indeed the lowest values, but
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from the UPE,y_; this condition is not so low compared to the other conditions. The condi-
tion with Nb in solution, prior austenite grain size of 5 um and 50 °C/s cooling shows a signif-
icant increase in ranking when comparing Ey.,- and UPEyy_; values. In fact, this condition re-

sults in one highest corrected UPE y_;. Consequently, the use of UPE,y_; values is not recom-
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Figure 6.14: Corrected and normalized E,., plotted against corrected and normalized
UPE 1. The symbol in the upper left represents the uncertainty for each data point in
the figure.

mended over E;., for comparing relative toughness values as it will lead to a potentially different
ranking. Only when the difficulty of obtaining crack length measurements prohibits determination
of E;., values should the UPE,;y_ value be used.

Using the E;., value then, it is possible to look into microstructure property relationship. Fig-
ure 6.15 plots the E;., value at various temperatures against the testing condition. There are three
notable trends. First, decreasing testing temperatures tends to be associated with an increase in the
E,cqr value, with the most notable exception of this trend being the condition of Nb in precipitates
with a cooling rate of 10 °C/s. It is possible considering the error within the experimental data that
this is not actually an exception, and other may be exceptions to this trend, however it is expected
that for every condition there would be no exception to the stated trend. Secondly, there is an in-
crease of E;.,- with a higher cooling rate which creates a finer final microstructure. Finally, as the
E.qr appears to have a modest increase with increasing amounts of bainite, with the highest values
being observed in lower bainite.

In ductile failure, voids nucleate, then grow and finally coalesce causing fracture. In stable crack
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Figure 6.15: Corrected E;.,, plotted against the testing condition.

growth, this process occurs continuously. The mechanism by which ductile voids grow involve the
plastic motion of dislocations. As such, influences on yield strength will also effect the ductile frac-
ture energy. It is unsurprising to find that a decrease in temperature, known and shown previously
here to cause an increase in yield stress, has resulted in the observed positive correlation between
test temperature and E;.,-. Similar to this, the decrease in coarseness of a microstructure correlates
with an increase to yield strength, and as such can explain the increase of E;., with increasing
cooling rate for a given primary microstructure. In general, this trend of yield strength correlating
to an increase of E.,, seems to hold fairly well and may also in part explain the differences between
microstructures. This is exemplified in Figure 6.16 which plots the tensile yield strength against
the E,., value. Note there are two exceptional cases, that of the fine upper bainite microstructure
and that of the coarse lower bainite microstructure, showing lower E;., values then expected for
their 69 59,ys values. Unexpectedly, this relatively low E.,- value is seen only for these conditions

at ambient temperatures.
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Figure 6.16 showed that there may be relations that can be made between Kahn and tensile tests,
specifically between 0g 59,5 and E;.,. It may be insightful to examine data between these tests to
reveal any other potential relations. Figure 6.17 shows a number of plots comparing tensile to Kahn
test properties. First, Figure 6.17 (a) and (b) show the expected relation of strength values (yield and
tensile strengths respectively) to the tear strength. The fact that these both relate to the tear strength
is unsurprising but lends confidence to the consistency of the testing method. Figure 6.17 (c) shows
the tensile fracture strain plotted against E;.,- while Figure 6.17 (d) shows the corrected tensile
fracture stress plotted against the tear strength. What is seen is a lack of any correlation between
measured tensile properties at fracture and properties from the Kahn tear test. This shows the
practical limitation of tensile testing to characterize the ductile tearing behaviour. It also validates
the use of Kahn tear tests in this work as it provides insight into the ductile fracture properties that
otherwise would not have been observed.

To emphasize again, no brittle behaviour is observed. As such, the relative comparison of
toughness is based on the ductile fracture of these specimens. While it was not possible to expand
the testing matrix due to limited materials and time, it would have been informative to continue
Kahn testing to colder temperatures or increase the crosshead speed so as to observe and compare
the conditions under which these microstructures undergo the ductile to brittle transition. While
thicker specimens would also have been desirable (e.g. would have provided more constraint at

the notch root), producing these microstructures in a controlled and consistent way as was done in
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this study would not have been possible. Ultimately, this leaves a significant gap in evaluating the
toughness of these microstructures relevant to the HAZ. On the other hand, the testing conditions
reached a fairly extreme temperature (-60 °C) with all microstructures showing a ductile failure.
This in and of itself suggests that these microstructures are inherently tough, and consequently the

steel chemistry used here is robust.
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Concluding Remarks

7.1 Summary

The HAZ of single and dual torch welds experience a very complicated thermal history. This his-
tory varies spatially around the weld and produces a gradient of microstructures. The mechanical
properties are directly related to the microstructure and as a result any tests on actual welds will
sample a range of microstructures. The objective in this work was to create bulk specimens of indi-
vidual microstructures so that detailed characterization of the structure property relationship could
be carried out. This was accomplished by first making temperature measurements in the real HAZ
of a full thickness pipeline GMAW weld performed with parameters expected to be in use in field
conditions, and with single torch, as well with dual torch with spacings of 2.75”, 4”, and 7”. Based
on microstructure work from the real HAZ, and from project work from colleagues, specific mi-
crostructures were selected then reproduced in bulk specimens for mechanical testing. Tensile and
Kahn tear testing was performed at ambient, -20 °C, and -60°C in order to investigate how these
microstructures perform under the potentially extreme service conditions that they may be exposed
to.

The following summarizes the primary results of this work:

e Cooling rates in the HAZ for the main fill passes were observed to be on average 100 °C/sec in

single torch welds, on average 54 °C/sec in leading torch of dual torch welds, and on average
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18 °C/sec in the trailing torch of a dual torch welds. Microstructures observed in the HAZ

showed varying amounts of ferrite, upper bainite, lower bainite, and MA.

Thermal simulations for creating bulk specimens suitable for mechanical testing were refined
in order to produce microstructures relevant to the observed HAZ. Microstructures consisting
primarily of ferrite, primarily of upper bainite, and primarily of lower bainite were produced
with at least two different refinements. All microstructures were characterized with respect to

the amount of primary microstructural constituents as well as for their amount of MA phase.

Tensile testing showed that the highest strengths and lowest ductility was observed in mi-
crostructures with the primary constituent of lower bainite. Ferrite, mixed ferrite/bainite and
upper bainite showed comparable strength levels, however it is seen that ductility was de-

creased for samples with a primarily upper bainitic microstructure.

The Bouzaiz dislocation based model for work hardening was shown to provide a good fit
across all temperatures and conditions with minimal fitting parameters. Interestingly, it was
seen that the & value, which is related to the dislocation capture distance for dynamic recovery,

was observed to linearly decrease with temperature.

The Kahn tear testing was investigated in terms of its ability to study the fracture of steel. It
was found that the method cannot easily provide fracture toughness parameters such as K;¢,
but can provide a relative measure of toughness. Kahn tear testing showed that even in the
presence of a stress concentration at cold temperatures (-60 °C) that all microstructures failed

in a ductile manner at the strain rates used.

There are a number of important outcomes from this work. The temperature measurements of

the dual torch welds in the HAZ represents a completely novel data set. This data can be used, as was

the case in this work, to guide microstructure evolution work through the use of thermal simulations.

It was a technical achievement to produce thermally treated specimens of a bulk microstructure

based on this data that was suitable in size for both tensile and Kahn tear testing. Most importantly,

by examining conditions and microstructures that bound those observed in the real HAZ and then

measuring tensile and Kahn tear properties there is potential to utilize this work to form the basis

of a full microstructure-property relationship to determine the local properties of microstructures
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in the HAZ at a wide range of potential operating temperatures. This is particularly useful if a
microstructural evolution model, as has been developed in the group at UBC, is created and used as
an input for such a model. Furthermore, there is the potential to use this data to model the overall

HAZ mechanical behaviour by combining each of the local microstructural responses.

7.2 Future Work

This work has left a number of potential opportunities for future work to follow:

e Conduct additional testing of existing conditions where tests either failed or were limited in

number in order to improve confidence of results observed in this work.

e Investigate opportunities for improvement to Kahn tear testing, both in general and with re-
spect to properties relevant to this study. Specific to this study, it would be of interest to
extend testing to colder temperatures, or at higher strain rates in order to investigate the tran-
sition from ductile to brittle fracture. Using digital image correlation to examine crack growth
and plastic zone development could be considered for a greater understanding of ductile frac-
ture at room temperatures. The use of anti-buckling guides to prevent or delay buckling at the
far side of the ligament could be a way to extend the range over which useful information can
be observed. Additional analysis, such as utilizing two extensometers and accounting for the
geometry in rotation, could potentially be of interest in trying to obtain a more suitable direct

measure of fracture toughness properties.

e Perform additional fracture testing with other methods, such as Charpy V-notch. This would
be useful in providing toughness properties that could be compared to the relative toughness

rankings observed from Kahn tear testing of the microstructures in this study.

o Integrate the observations from this study into a combined model to determine overall me-
chanical properties in the HAZ of a weld. In one such model, the welding parameters would
be taken as inputs to determine the thermal cycles at different positions in the HAZ, which
then would be used to determine the microstructure evolution. The microstructures modeled
at different positions are then used as an input into a mechanical model that utilizes observa-

tions from this study to determine the mechanical properties in the HAZ.
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